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Characteristics of Dynamic Abnormal Grain Growth

In Commercial-Purity Molybdenum

Daniel Lee Worthington, Ph.D.
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Supervisor: Eric M. Taleff

Abstract: Dynamic abnormal grain growth (DAGG) in commercial-purity
molybdenum sheets was investigated through a series of tensile tests at temperatures
between 1450°C and 1800°C. DAGG is abnormal grain growth (AGG) which requires
the presence of concurrent plastic strain. Most AGG phenomena previously documented
in the literature can be categorized as static abnormal grain growth (SAGG) because they
occur during static annealing, sometimes following plastic strain, but do not occur during
plastic deformation. The DAGG boundary migration rate is much faster than the SAGG
boundary migration rate, and DAGG may be utilized to obtain large single crystals in the
solid state. Dynamic abnormal grains were found to exhibit a crystallographic orientation
preference with respect to the specimen geometry, generally described as derivative from
a (101) fiber texture. DAGG was found to prefer growth on the surface of the specimen
rather than the interior. The growth of dynamic abnormal grains, which initiated and
grew during plastic strain, generally ceased when the application of plastic strain was
removed. The DAGG boundary migration rate was found to be a direct function of plastic
strain accumulation, regardless of the strain-rate. Therefore, it is hypothesized that the

rapid boundary migration rate during DAGG results from an enhanced mobility of certain
vi



boundaries. A model is proposed based on the rate of boundary unpinning, as mediated

by the emission of dislocations from pinning sites.
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1 INTRODUCTION

Dynamic abnormal grain growth (DAGG) is a phenomenon which produces some
abnormally large grains during plastic deformation at elevated temperature. It is the
dynamic aspect of DAGG that distinguishes it from abnormal grain growth (AGQ)
phenomena previously documented in the literature [1, p.368-378, 2, p.113-117]. Those
can be generally categorized as static abnormal grain growth (SAGG) because they occur
during static annealing, sometimes following plastic strain, but do not occur during
plastic deformation. Abnormal grain growth is defined as the rapid growth of a few, large
abnormal grains at the expense of smaller surrounding grains in a microstructure. DAGG
was observed in several commercial-purity molybdenum materials at elevated
temperatures, generally greater than 1800 K [3-5], and has been used to produce quite
large single crystals, several centimeters in length, in the solid state. It is the goal of this
dissertation to develop a greater understanding of the mechanisms behind DAGG through

further characterization of the phenomenon.

1.1 Motivation

Dynamic abnormal grain growth is a phenomenon of fundamental scientific
importance. The specific cause(s) of AGG phenomena is not well understood, as noted by
A. Rollett et al. [6]. The discovery of DAGG contributed to this understanding by
delineating the important distinction between SAGG and DAGG phenomena. Further
research, such as that contained in the present investigation, is necessary to better
understand DAGG.

Dynamic abnormal grain growth is also of potential importance to technological
applications. Recrystallized molybdenum exhibits nearly zero bend ductility at room

temperature. This brittle behavior has limited the widespread use of molybdenum alloys
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[7]. Although multiple reasons exist for embrittlement in molybdenum [7], oxygen
segregation to grain boundaries is at least partially responsible [7-9, 10, p. 394-407]. As a
result, brittle fracture at room temperature occurs at grain boundaries. A fracture surface
depicting this behavior is shown in Figure 1-1. DAGG may be utilized to produce large
single crystals of molybdenum in the solid state and eliminate grain boundaries
completely. Figure 1-2a,b contains pictures of a molybdenum single crystal with a length
of 2.5 cm produced through DAGG. This single crystal exhibited exceptional ductility, as
demonstrated in Figure 1-2¢ by a 180° twist performed at room temperature.

Single crystals may also be desirable in high-temperature applications because of
superior creep resistance. Tungsten filaments are used in resistive heating and
incandescent lighting. These filaments creep under their own weight, and creep rupture
occurs at grain boundaries [11-13]. For these applications, a coarse microstructure is
intentionally produced in tungsten wire through SAGG to reduce the number of grain
boundaries. It is known that the presence of a dispersed second phase generally promotes
SAGG [1, p.293-304, 14]. For that reason, potassium bubbles are introduced into the
microstructure. The largest abnormal grains produced through this SAGG technique are
several millimeters in length [12]. Figure 1-3 is a picture of a single crystal of
molybdenum wire produced through DAGG. The length of this molybdenum single
crystal was 10 cm. DAGG may occur in other refractory metals (i.e. W, V, Nb, and Ta)
because those metals have the same body-centered-cubic crystal structure as
molybdenum. If DAGG occurs in tungsten, then a single crystal wire similar to the
molybdenum wire of Figure 1-3 might also be produced in tungsten. Single crystal
tungsten filaments could yield substantially longer service lives than the coarse-grained

filaments currently used.
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Figure 1-1: Scanning electron microscope micrograph of a recrystallized molybdenum
fracture surface. The brittle fracture is intergranular and occurred at room temperature.

(a) Front (b) Back (c) Twisted

Figure 1-2: Demonstration of the room-temperature ductility of a molybdenum single
crystal produced through DAGG. Pictured are (a) front face of Mo single crystal, (b) back
face of Mo single crystal, and (c) Mo single crystal twisted 180°.
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Figure 1-3: A single crystal of molybdenum wire produced through DAGG at 1740°C and
10*s. The single crystal is approximately 10 cm in length.

Finally, a greater understanding of DAGG may assist in the prevention of AGG
during hot deformation processing. Retention of a fine microstructure is often desirable to
produce a high yield strength. The Hall-Petch equation describes this relationship

between yield strength and grain size:

G0+ (1-1)
where o is the yield stress, g, is the yield stress of a single crystal, k,, is a material
strengthening coefficient, and d is grain size. Abnormal grains can significantly reduce
the strength of a metal or alloy by increasing d, an undesirable effect in many
applications. Furthermore, abnormal grains are a potential source of fatigue failure in

some applications, such as superalloy components in jet engines.

1.2 Goals of this Dissertation

The research for this dissertation was undertaken to resolve the following questions:

(1) What role does plastic strain play in the initiation of abnormal grains during
DAGG? Separately, what role does plastic strain play in the propagation of
the abnormal grain boundary during growth?

(2) Does selection of a particular grain to become an abnormal grain in DAGG
depend upon a preferred crystallographic orientation or other properties?

(3) How does DAGG in molybdenum compare to SAGG in molybdenum? What

is the boundary migration rate of DAGG relative to SAGG?

4



(4) What is the mechanism behind DAGG? Is the enhanced boundary migration

associated with DAGG due to a difference in driving force or mobility?



2 REVIEW OF ANNEALING PHENOMENA

Static and dynamic restoration processes are reviewed in this chapter. The
purpose of this review is to provide context for discussion of dynamic abnormal grain
growth (DAGG). More detailed reviews of recrystallization and annealing phenomena
can be found in the literature [1, 15].

Metals are plastically deformed during mechanical operations such as rolling,
extrusion, and forging. Strain hardening occurs during deformation at cold (T/ Ty < 0.3,
where Ty is melting or solidus temperature) and warm (0.3 < T/ Ty < 0.5) temperatures
because of an increase in dislocation density with increased plastic strain accumulation.
Hardening is less rapid with straining at warm temperatures, as elevated temperature
allows some recovery (decrease in dislocation density, such as through annealing) during
processing. As metals harden, they become less workable and more susceptible to
fracture. In order to relieve the stored strain energy in a deformed microstructure, metals
are either (1) cold-worked and subsequently annealed or (2) warm- or hot-worked. It is
important to distinguish between static annealing phenomena in a previously deformed
microstructure and dynamic restoration in a microstructure during hot deformation.
Although similar processes are involved, the latter represents a more complex, dynamic
microstructural evolution in which hardening and softening mechanisms occur

concurrently.

2.1 Nomenclature

Within the last 20 years, terminology has been introduced which distinguishes
uniform growth processes (continuous) from non-uniform processes (discontinuous),
such as those involving nucleation and growth, during annealing [1, p.3, 15]. Recovery

and normal grain growth are continuous processes; that is, these processes are largely
6



homogenous throughout the microstructure and occur “continuously.” Abnormal grain
growth is inherently a discontinuous process; that is, this process is governed by rapid
growth of only a few grains, and growth of these few abnormal grains initiates
inhomogenously within the microstructure. Meanwhile, recrystallization processes can be
either continuous, such as in geometric-dynamic recrystallization [1, p.461-465], or
discontinuous, such as in particle-stimulated nucleation of recrystallization [1, p.293-
304]. Some refer to abnormal grain growth as secondary recrystallization because
abnormal grain growth typically occurs after primary recrystallization of a
microstructure. Thus, abnormal grain growth can be thought of as a type of discontinuous
recrystallization. It is important to note that recrystallization and abnormal grain growth
do not involve embryonic nucleation phenomena, at least with respect to a thermal
fluctuation model. Nuclei are not clusters which form “atom-by-atom”; rather, they are
existing crystallites in the material. Therefore, initiation may be a more accurate term
than nucleation when discussing recrystallization and abnormal grain growth, although
both terms are still widely used in the literature.

Processes that occur during plastic deformation, such as during hot working or
creep deformation, are termed dynamic. Such is the case with dynamic recovery (DRV),
dynamic recrystallization (DRX), dynamic (normal) grain growth (DGG), and dynamic
abnormal grain growth (DAGG), the latter being the subject of this dissertation.
Conversely, processes that are not concurrent with plastic deformation are termed static.
Static annealing processes may be identified with the static prefix: static recovery (SRV),
static recrystallization (SRX), static (normal) grain growth (SGG), and static abnormal
grain growth (SAGG). This expanded nomenclature was proposed in a previous article
[5] which first reported the DAGG phenomenon. DAGG is distinct from previously

observed SAGG phenomena because plastic strain is required for both initiation and
7



propagation of DAGG. Moreover, DAGG is a phenomenon distinct from DRX for
several reasons: (1) DAGG grains, i.e. abnormal grains which initiate via DAGG, are
much larger than the largest observed grains produced through DRX [16, 17] (several
centimeters vs. hundreds of millimeters), (2) DAGG occurs over a small true strain
(stress drop occurs over ~0.01 strain), while DRX occurs over much larger true strains
(0.1 — 0.5), and (3) further straining after DAGG results in plastic deformation of the

newly formed abnormal grains but not in additional recrystallization, unlike in DRX.

2.2 Static Annealing

Plastic deformation usually increases the dislocation density in a metal,
particularly at a low homologous temperature (i.e. T/ Ty < 0.3). Dislocations produce
plastic strain and increase yield strength, i.e., dislocations cause hardening. Dislocations
and other defects raise the Gibbs free energy of a crystalline solid because atoms deviate
from their ideal lattice positions, and there is an increase in the number of broken atomic
bonds. Although dislocations are thermodynamically unstable, they are retained at low
temperatures after deformation. Elimination of dislocations decreases yield strength, i.e.,
causes softening. Mechanisms for the removal or reconfiguration of dislocations are
often dependent upon atomic mobility and related thermally-activated processes.
Although dislocation annihilation processes can occur without diffusion, the rate of
softening from these is far outpaced by the effects of diffusive processes at elevated
temperature. Thus, deformed metal is typically annealed at high temperatures to reduce
dislocation density, reducing yield strength, through diffusion-assisted recovery
processes.

Heat accounts for most of the work expended during plastic deformation, and

only a small amount (~1%) is retained in the microstructure as stored strain energy [1,
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p.13]. However, the defects introduced into a metal during plastic deformation
significantly affect mechanical properties. A heavily cold-worked metal may have a
dislocation density as high as 10'® m? while a fully annealed metal may have a
dislocation density as low as 10'° m™. The yield strength of a deformed metal may be
several times higher than that of an annealed metal due to this difference in dislocation
density [18, p.384]. The somewhat related effect of strengthening through grain size
reduction is described by the Hall-Petch relationship (Equation 1-1), as grain boundaries
can be modeled as arrays of dislocations. Softening of a deformed metal can occur
through three static annealing processes: static recovery, static recrystallization, and static
grain growth. Grain growth may be normal or abnormal, depending on the uniformity of

the coarsening. These processes are traditionally described as follows.

2.2.1 RECOVERY

Recovery is annealing that retains the same grain microstructure while reducing
dislocation density. Atomic mobility during recovery is sufficient to remove point defects
and reduce the dislocation density. Diffusion allows dislocation climb, for example,
which permits dislocations to move toward annihilation with other dislocations or at
boundaries. High angle grain boundaries do not migrate, but low-angle subgrain

boundaries may form or disappear within the interiors of grains.

2.2.2 RECRYSTALLIZATION

A dramatic microstructural change occurs during recrystallization. Strain-free
grains initiate from nearly strain-free crystallites (i.e. nuclei) in the deformed
microstructure. These grains consume the deformed microstructure and grow to produce
a new, strain-free microstructure. Stored deformation energy in the strained metal
provides the driving force for growth of the new microstructure. Recrystallization does

9



not occur below a critical plastic strain because there is insufficient stored deformation
energy to drive it. The critical plastic strain for recrystallization ranges from 1 to 10% for
most metals and is temperature dependent [2, p. 229]. Furthermore, recrystallization does
not occur below a minimum temperature because atomic mobility is not sufficient for
grain boundary migration. The recrystallization temperature is generally 0.3 to 0.5 Ty,.
Recrystallization of a cold-deformed microstructure occurs most commonly as a
discontinuous nucleation-and-growth process. Recrystallization of a cold-deformed
microstructure during annealing at elevated temperature is sometimes called primary
recrystallization, which distinguishes it from secondary recrystallization (i.e. static
abnormal grain growth). Nuclei for new grains are thought to be crystallites (small
regions of nearly strain-free crystal) which possess a size advantage and large

misorientation with respect to the surrounding microstructure.

2.2.3 GRAIN GROWTH

After recrystallization, the microstructure is relatively stable compared to the
previous deformed state. However, a large number of grain boundaries may remain. As
with all defect structures, grain boundaries are thermodynamically unstable. This
provides a boundary curvature driving force for boundary elimination by grain growth.
Grain growth thus reduces the overall fraction of grain boundaries in the metal. Grains
typically grow until they become pinned, such as by impurity particles that impede their

boundary motion.

2.2.4 ABNORMAL GRAIN GROWTH

Abnormal grain growth refers to the selective growth of a few large grains in a
matrix of much smaller grains. These large grains are termed abnormal, and they
consume the finer grain microstructure that surrounds them. Abnormal grain growth is

10



typically thought to occur when normal grain growth is inhibited. The inhibition of
normal grain growth results from a number of material conditions [5], which include:

(1) presence of pinning particles [1, p.293-304, 14];

(2) a strong crystallographic texture [19];

(3) a grain size on the order of sheet or film thickness;

(4) a decrease in grain boundary mobility from solute drag.

In these instances, the average grain boundary migration rate is reduced.
However, a few anomalous grains, which possess a larger size or greater degree of
misorientation with respect to their surrounding neighbors, may exist in the
microstructure. These anomalous characteristics contribute to a high interfacial energy,
which results in a relatively high boundary mobility and/or driving force for these grains.

Abnormal growth occurs when a small number of grains retain such mobile boundaries.

2.3 Hot Deformation

Hot-working or creep describes deformation at elevated temperature. Creep
describes time-dependent deformation which occurs at slow strain-rates (¢ = 10%-10" s
", as compared to the fast strain-rates of hot working (¢ = 10"-10* s). Dynamic
restoration processes which have been observed during hot-working and creep are

described as follows.

2.3.1 CREEP

Creep is time-dependent deformation which occurs at elevated temperature.
Elevated temperature affects the dynamic microstructure in two ways: (1) deformation
mechanisms which require thermally-activated processes may be active and (2) dynamic
recovery takes place such that dislocations annihilate and move into lower energy

configurations.
11



A standard strain-time creep curve for a constant-stress test of a typical pure
metal, or Class II (Class M) alloy, is schematically represented in Figure 2-1. This figure
demonstrates the three different stages of creep: transient creep (Stage I), steady-state
creep (Stage II), and tertiary creep (Stage III). During transient creep, strain rate
decreases, which corresponds to the development of deformation substructure.
Dislocation density increases and subgrains form within the interior of grains. Steady-
state creep occurs when the strain rate becomes constant. During steady state creep,
hardening and softening mechanisms balance such that a dynamic equilibrium is
achieved in the microstructure. Finally, during tertiary creep, strain rate increases until
rupture. The increase in strain rate can be attributed to the formation of microstructural
damage, such as separation at grain boundaries and ductile void formation, prior to
fracture [20, p.296]. A constant-(true)-strain-rate test may also be used to investigate
creep through a testing frame with displacement control, as schematically represented in
the stress-time curve of Figure 2-2. In this experiment, steady-state creep is reached once
a constant flow stress is obtained. Tertiary creep is not shown in this figure.

Steady-state creep behavior can be described by the following phenomenological

equation for a large number of metals and alloys [21]:

7 = é exp (R%) = A (%)n 2-1)
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where Z is the Zener-Holloman parameter, &g is the steady-state creep rate, Q is the
activation energy of the creep mechanism, R is the universal gas constant, 7 is the
absolute temperature, 4 is a material constant, ¢ is the flow stress, £ is the dynamic
unrelaxed Young’s modulus, and # is the stress exponent. Specific creep mechanisms
may sometimes be identified by characteristic Q and n values. For instance, five-power
creep is controlled by a dislocation-climb mechanism in pure metals and certain alloys. In
this case, Q is the activation enthalpy (commonly known as activation energy) of self-

diffusion and 7 is 5.

Stage 1. Stage 11
«—>

Stage 111
«—

& »
< |

N —

t—>

Figure 2-1: A schematic true-strain vs. time curve for a constant-stress creep experiment
which represents the three stages of creep at a constant temperature.
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Figure 2-2: A schematic true-stress vs. time curve for a constant strain-rate creep
experiment at a constant temperature. The tertiary stage of creep is not shown.
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Figure 2-3: A schematic true-stress vs. true-strain curve for a constant strain-rate creep
experiment at a constant temperature, which describes substructure development. Figure
after Humphreys and Hatherly [1, p.418].
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2.3.2 DYNAMIC RECOVERY

Dynamic recovery (DRV) is the elimination of dislocations during plastic
deformation. When a steady-state is achieved during DRV, which can occur during
steady-state creep, new high-angle boundaries do not develop and existing high-angle
grain boundaries do not substantially migrate. During DRV, dislocations are annihilated
and rearranged in the grain interiors. DRV is why the hot-working flow stress is lower
than the cold-working flow stress.

During initial creep deformation of most metals and alloys, the dislocation density
increases and subgrains develop through dislocation climb, cross-slip, and glide. As the
dislocation density increases, the driving force for recovery increases. Steady-state creep
occurs when a dynamic equilibrium between these hardening and recovery processes is
obtained, whereby the formation rate and elimination rate of deformation substructure is
approximately equal. Although the substructure is transient, microstructural parameters
such as the average dislocation density, average subgrain size, and average subgrain
misorientation remain nearly constant. These parameters are largely independent of strain
during steady-state creep. For instance, there is an inverse relationship between steady-

state flow stress and subgrain size [22]:

055 < (3) (2-2)

where ogg is steady-state flow stress and A is subgrain size. On the other hand, a

microstructural feature that continues to evolve is the grain shape, which elongates with

increasing strain. Figure 2-3 illustrates these concepts schematically in a stress-strain
curve for a constant-(true)-strain-rate test.

Dynamic recovery is faster in materials with high stacking fault energies, high-

vsre. In low-yspg metals, dislocations dissociate into partials, making dislocation climb

15



and cross-slip difficult. This is evidenced in slow steady-state creep rates for low-yspg
metals [23, 24]. Molybdenum and other body-centered-cubic metals have high stacking
fault energies. Therefore, these metals, generally, deform exclusively through slip (i.e. no

twinning) and exhibit rapid dynamic recovery.

2.3.3 DYNAMIC RECRYSTALLIZATION

Dynamic recrystallization (DRX) refers to the creation of a new grain
microstructure during hot deformation. As mentioned previously, several different types
of dynamic recrystallization have been observed. These include both discontinuous
dynamic recrystallization (DDRX) and continuous dynamic recrystallization (CDRX)
processes.

DDRX occurs in low-yspg and medium-ysgg metals, in which dynamic recovery is
slow. After a critical strain, recrystallized grains nucleate at the old grain boundaries. As
the dislocation density of these new grains increases, the driving force for their growth by
boundary migration decreases. Therefore, the recrystallized grains exhibit limited growth.
Stress-strain curves representative of DDRX for different Zener-Hollman, Z, parameters
are shown schematically in Figure 2-4. These curves illustrate important features of
DDRX: (1) the critical strain for DDRX decreases with decreasing Z, (2) the flow stress
peaks are characteristic of DDRX; whereas flow stress increases monotonically during
DRV as in Figure 2-3, (3) multiple flow stress peaks may occur at low Z, and (4) a
steady-state flow stress is eventually obtained. Furthermore, the flow stress and
recrystallized grain size are largely independent of initial grain size.

Several mechanisms have been proposed for CDRX processes. Of these,
geometric dynamic recrystallization (GDRX) has been verified experimentally in Al-Mg

alloys [1, p.461-465]. During GDRX, grains develop serrations on their high angle
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boundaries which correspond to the underlying subgrain size. Grains thin as they
elongate during straining. At large strains, the thickness of grains approaches the size of
boundary serrations. Thus, subgrains may “pinch-off” and form a new grain with high
angle boundaries. Another experimentally-verified mechanism for CDRX is termed
rotation recrystallization [25]. This mechanism involves subgrain rotation during
straining. Subgrains may rotate to such a degree that they form high angle boundaries and
become new grains. This phenomenon occurs in subgrains which are adjacent to existing

high angle boundaries, along which recrystallized grains commonly form in “necklaces”.

T Z,< Z,< 7,
o

\
N

increasing s'\
T

decreasing

E—>

Figure 2-4: A schematic true-stress vs. true-strain curve during dynamic recrystallization.
The three curves represent tests at different Zener Hollerman, Z, parameters. Figure after
Humphreys and Hatherly [1, p.428].

2.3.4 DYNAMIC GRAIN GROWTH

Limited research has been conducted into dynamic (normal) grain growth. There

has been some effort to study grain growth during hot deformation involving
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superplasticity in Al alloys, where grain size affects the grain-boundary-sliding (GBS)
creep mechanism [26-29]. Coarsening has not been generally reported during creep when
grains elongate due to straining, but coarsening is often observed for GBS creep, which
normally retains an equiaxed grain structure. During DDRX, dynamic grain growth
generally does not occur, and grain size is observed to be nearly constant once a steady-

state flow stress is reached.
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3 BACKGROUND ON DAGG

This chapter introduces theory relevant to the discussion of potential mechanisms
for DAGG (Sections 3.1, 3.2), provides an overview of molybdenum (Section 3.3) and

then reviews the DAGG phenomenon (Section 3.4).

3.1 Grain Boundary Migration

Grain boundaries migrate under the influence of one or more driving forces, P,
which reduce the Gibbs free energy of the microstructure. These driving forces have units

of pressure and depend upon the free energy as follows:

AG
P _Ea (3-1)

where V), is the molar volume and 4G is the difference between the Gibbs free energy of
the final and initial states, AG = Gfingi — Ginitiar- Susceptibility of a boundary to this
migration is quantified by grain boundary mobility, M, whereby a boundary of high
mobility migrates more rapidly than a boundary of low mobility. The rate of boundary
migration, v, is the product of mobility and driving force:
v=MP. (3-2)
Table 3-1 reproduces a list of driving forces and their relative magnitudes, as
presented by Gottstein [30, p.130]. Note that this list is not specific to molybdenum and
includes estimated values for different driving forces. Stored deformation energy, grain
boundary curvature, and the chemical driving force are greater by at least two orders in
magnitude than the other driving forces. The chemical driving force only pertains to solid
solutions. Therefore, stored deformation energy and/or grain boundary curvature are

considered to be the most likely driving force(s) for DAGG in molybdenum.
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Source Equation Approximate value of parameters Estimated
driving force

in MPa
Stored p= 1 pub? p=dislocation density ~10"°/m’ 10
: -5 2
deformation 2 Y dislocation energy ~10® J/m?
energy 2
Grain p— 2Aay, op=grain boundary energy ~0.5 J/m’ 107
boundary ~ R R=grain boundary radius of curvature ~10™* m
curvature
Surface 2Aa; d=sample thickness ~10~ m 2-10"
P = _ .
energy d o,=surface energy difference of two
neighboring grains ~0.1 J/m*
Chemical P = R(T; — Ty)colncy, co=concentration=max. solubility at T, 6-10°
driving force T(<T,) annealing temperature (5% Ag in Cu
at 300°C)
Magnetic field P Material: bismuth 3.5-10*
HoH*Ay H=magnetic field strength (10’ A/m)
= (cos®01  py—difference of magnetic susceptibilities
— c0s26,) ~1.8-10-7(250°C)
® angle between c-axis and field direction
(©,=0°; ®,=90°)
Elastic energy 201 1 t=elastic stress ~10MPa 2.5-10™
P = ) <E_1 - E_Z) E;,E,=elastic moduli of neighboring
grains~10° MPa
Temperature p= AS - 2AAT AS=entropy difference between grain 45107
gradient - V,, boundary and crystal (approx.. equivalent to

melting entropy) ~8-10° J/K-mol
AT=temperature gradient ~10* K/m
2)=grain boundary thickness ~5-10"'’m
V,,=Molar volume ~10cm’*/mol

Table 3-1: Driving Forces and estimated magnitudes. Reproduced from Gottstein [30].

Growth Molybdenum Driving Pressure Driving Pressure,  Free Energy, AG
Mechanism Parameters Equation P (MPa) (J/mol)
Boundary d=20x10"°m P~3y/d 0.3 2.8
Curvature y=2 J/m’
Stored p1=10"-10"m™ P~0.5p, u|b|? 0.05-5 0.4-4
Dislocations u=125.6 GPa
[b|=0.27 nm

Table 3-2: Estimated magnitudes for boundary curvature and stored dislocations driving
forces with molybdenum parameters [31, p. 8-2, 15-3, 32]. Vim = 9.41 m*/mol
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Accordingly, Table 3-2 lists estimates for the magnitude of stored deformation
energy and boundary curvature specifically for molybdenum, based on properties
reported in the literature [31, p. 8-2, 15-3, 32]. Depending on the dislocation density, the
driving pressure from stored deformation energy may be larger or smaller than boundary
curvature.

Mobility generally exhibits an Arrhenius dependence on temperature. A simple
model of grain-boundary migration [33, p.133-136], which does not assume a specific
boundary structure, yields the following relationships:

M= A% oxp (—%) , (3-3)
where 4 is a variable which depends upon the material and grain boundary structure, 7 is
the temperature in K, R is the universal gas constant, and AG4 is the activation energy an

atom needs to jump across the grain boundary.

3.2 Slip and Strain in Crystals

Initiation and growth of abnormal grains for DAGG occurs only during plastic
straining at elevated temperature. Thus, plasticity is critical to the DAGG process.
Plastic deformation of the large DAGG grains themselves is likely to play an important
role in the DAGG process. Therefore, the theory of plastic deformation in single crystals

through slip is now introduced and will be referred to in later chapters.

3.2.1 SLIPIN SINGLE CRYSTALS AND POLYCRYSTALS

Slip is dislocation motion through a crystal, and it is the primary mechanism for
plastic deformation in metals. Slip is necessarily crystallographic; dislocations move in
slip directions and within slip planes. A slip direction [uvw] and a slip plane (hkl)

constitute a slip system (hkl)[uvw].
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Consider a single crystal under an applied uniaxial stress o that results from
loading along a crystallographic direction [abc]. The Schmid factor, m, of a particular

slip system (hkl)[uvw] is the product of the cosines of two different angles, ¢ and A:

m = cos(g)cos(A), (3-4)
where ¢ is the angle between [abc] and [hkl] and A is the angle between [abc] and
[uvw]. Therefore, the m on a slip system depends only upon the tensile loading direction.
The Schmid factor relates (1) the resolved shear stress, Tzgs, On a slip system to the
applied stress, o, and (2) the axial strain, €, along the loading direction to the shear strain,
¥, on the slip system:

m =55 = § . (3-5)
The slip system with the maximum Schmid factor has the greatest 7z55. Plastic flow
initiates on a slip system when the tggs exceeds a critical value, T.zss, for that slip
system. The critical resolved shear stress, Tcpss, of a slip system depends upon
deformation conditions, such as strain rate and temperature [20, p.141-142].

In bce metals, such as molybdenum, slip almost always occurs along the (111)
close-packed directions and preferentially within the {110} planes, which are the closest-
packed planes of the bcc structure. Slip may also occur in less closely packed planes,
such as {112} and {123}, given in order of decreasing preference and decreasing packing
density. In molybdenum, slip has been generally reported on the {110} and {112} planes,
with the former preferred at elevated temperature and the latter preferred at low
temperature [31, p. 4-39]. The critical resolved shear stress, T.gss, is different for each
family of slip planes [20, p.142]. There are twelve physically distinct slip systems in
{110}111), twelve in {112}(111), and twenty-four in {123}(111).
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3.2.2 THREE-DIMENSIONAL STRAIN AND INDEPENDENT SLIP SYSTEMS
A strain state is completely defined by five independent strain components, if
volume is conserved [34, p.308]. Strain ¢;; is the symmetrical part of the variation in
displacement u; with position x;. The following equation defines nine tensor components
for a three dimensional body:
&) = %(Z_Z+%> (3-6)
Conversely, rotation w;; is the antisymmetrical part of the variation in displacement with
position:
wi; = %(Z—Z}—%) (3-7)
A strain state necessarily has six independent components because the strain tensor is
symmetric (&;; = €;;). If volume is conserved (i.e. density does not change), as is typical
for the plastic deformation of metals, then the dilation is zero (g11 + €3, + €33 = 0) and

the strain state is completely defined by five independent strain components:

€11 €12 €13

&j = |€12 €22 €23 . (3-8)
€13 €23 TE&17E€22

Therefore, five independent slip systems are necessary to produce an arbitrary strain

state. It was shown by Von Mises [35] that, in the continuum approximation, only five

independent slip systems can exist and that this is the number generally necessary for

ductility in polycrystalline materials.

The strain ¥y on physically distinct slip system s with slip direction [uvw] and

slip plane (hkl) makes the following contribution &;; () to the strain tensor [36, p. 191]:

(s)
Sij(s) = YT (bln] + b]nl) , (3-9)
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where b; is the unit slip direction and n; is the unit normal of the slip plane such that:

uh (vh+uk)/2 (ul+wh)/2
&;) =y |(vh + uk)/2 vk (wk +vl)/2]. (3-10)
(ul+wh)/2 (wk+vl)/2 wl

The total strain tensor &;; is a summation of the contributions from N active slip systems:

£ = Tom1 & . (3-11)
A slip system is independent if it produces a vector of strain components e() =
[511(5), €229, 53, £,5, 812(5)] that is linearly independent from those of other slip

systems. That is, no constants C;, C,, -*-, C,,exist such that,

Cie® + Ce@ + .+ Ce™ =0, (3-12)
except for C; = C, = --- = C, = 0. Note that vector e contains the five independent
strain components (see Equation 3-8), where

£1,®) = uh,
€2, = vk,
£,3) = (Wk +vl)/2,
£13) = (ul + wh)/2, and
£, = (vh + uk)/2,

for slip system s.

3.3 Overview of Molybdenum

Molybdenum is a body-centered cubic refractory metal (Z = 42). Refractory
metals are primarily used for their strength and creep resistance at high temperatures.

Such applications include electrical filaments, electrical contacts, heat shielding,
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aerospace components [7], and nuclear reactors [37]. The advantages of molybdenum
over other refractory metals include availability, specific strength at high temperature,
and low-temperature oxidation resistance [7]. Other desirable properties include a
superior corrosion resistance, a low thermal expansion coefficient, and good thermal
conductivity. The two oxides MoO; and MoOj; readily form at high temperatures [38].
The oxide MoO, decomposes to Mo and MoO; [39]. The oxide MoOs has a lower
melting temperature (795°C) than that of the metal (2610°C). Therefore, molybdenum
components are usually limited to high-temperature service in inert or vacuum
environments. Furthermore, oxidation contributes to recrystallization embrittlement, as

previously discussed in Section 1.1.

3.4 Abnormal Grain Growth in Molybdenum

Dynamic abnormal grain growth is a phenomenon which has, thus far, only been
observed in molybdenum. DAGG is abnormal growth which only occurs during
concurrent plastic straining. Although SAGG has been observed in sintered molybdenum
at 2000°C, SAGG does not occur at the shorter annealing times and lower temperatures
associated with DAGG. This section reports on previous studies of SAGG in

molybdenum and reviews existing knowledge of DAGG.

3.4.1 STATIC ABNORMAL GRAIN GROWTH IN MOLYBDENUM AND TUNGSTEN

Static abnormal grain growth (SAGG) has been utilized to create single crystals in
molybdenum sheet [40-42]. In those studies, small amounts of CaO and MgO were added
to molybdenum powder prior to sintering. The presence of the associated second-phase
particles inhibits normal grain growth and promotes AGG [1, p.293-304, 14]. After

sintering, these doped Mo materials were rolled at 1000°C and annealed for 1 hour at

25



temperatures above 2000 °C to produce SAGG, which occurred in the final annealing
step.

SAGG has also been observed following high-temperature annealing of tungsten,
another body-centered-cubic refractory metal. Examples from tungsten materials include
drawn sintered wire [11-13] and rolled sintered ingots [43, 44]. The microstructures of
these tungsten products were doped with potassium, which is mixed with the metal
powder prior to sintering. The potassium volatizes into gas bubbles either during
sintering or subsequent annealing. These bubbles act as second-phase particles,
promoting SAGG [1, p.293-304]. Abnormal growth was observed in tungsten materials

only at temperatures above 1400°C.

3.4.2 DYNAMIC ABNORMAL GRAIN GROWTH IN MOLYBDENUM

Dynamic abnormal grain growth is AGG that requires plastic straining for
initiation and propagation. DAGG has been observed during creep tests of molybdenum
sheet at strain-rates of 10°s” to 10*s™ and temperatures above 1540°C [3-5]. DAGG
was observed in two commercial purity (~99.95%) material grades: arc-melted (AM) and
power-metallurgy (PM). Fundamental aspects of the DAGG phenomenon are best
demonstrated through a representative example of a creep test which produces DAGG.

Figure 3-1 depicts the stress-strain behavior for such a constant true strain-rate
test at 10 s™ and 1540°C. Flow stress increases and approaches a steady-state value as
the material is loaded. However, an abrupt drop in the flow stress occurs at a strain of
0.18. This corresponds to the initiation and propagation of an abnormal grain(s)
throughout the specimen gage length. Specimens shown in Figure 3-1 are from different
tests, and the arrows in the stress-strain curve show the approximate strains at which

testing was halted for each specimen shown. Therefore, the drop in flow stress is a
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reflection of the higher strength of a polycrystalline microstructure than that of the single
crystal(s) produced by DAGG. This microstructural change has been confirmed in
macroetched specimens, which were produced at four different strains during the
characteristic stress drop. The abnormal grains do not grow into the specimen grips, an
indication that plastic strain is necessary for propagation. After the flow stress drop is
complete, the entire gage length is consumed by one or more single crystals, and single

crystal deformation continues until failure.
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Figure 3-1: A true-stress vs. true-strain plot of a constant strain-rate creep test exhibiting
dynamic abnormal grain growth. Four specimens halted at different strains are shownwith
respect to the approximate strains indicated along the representative stress-strain curve.

Figure reproduced from [5].
Important results from previous work on DAGG are summarized as follows:

(1) DAGG can be used to create single crystals of great size in molybdenum, as

shown in Figure 1-2. The largest molybdenum single crystal produced in our laboratory
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thus far is 10 cm in length, as shown in Figure 1-3. This limiting size is a direct result of
size limitations for the equipment used and is not an intrinsic limitation of the DAGG
process.

(2) DAGG requires a critical strain and a minimum temperature for initiation.

(3) The critical strain for DAGG decreases rapidly with increasing temperature
but is insensitive to strain-rate within the range 10°s™ to 10™s™". The critical strain for
DAGG is lower in the AM-grade than in the PM-grade Mo material for the same
temperature.

(4) DAGG completely consumes a fine, stable microstructure, such as that of the
PM-grade material. However, DAGG cannot consume some of the larger grains of a
coarse microstructure, such as that of the AM-grade material. Several island grains are
retained within the abnormal grains in the AM-grade material. Static normal grain growth
occurred in the AM-grade material during pre-heating, while the PM-grade had a stable
grain size of ~18 um.

(5) The AM-grade and PM-grade sheets exhibited different primary
recrystallization textures, but both exhibit DAGG. This indicates that DAGG has no
dependence, or only a weak dependence, on primary recrystallization texture.

(6) A larger number of abnormal grains nucleated in the gage length of the AM

specimens than in the gage length of the PM specimens.

28



4 EXPERIMENTAL METHODS

Experimental methods in this study were adapted from methods in a previous
study by J. Ciulik [1]. Creep specimens from both studies were stretched in uniaxial
tension on the same test frame. Specimens were deformed through computer-controlled
crosshead displacement. Subsequent characterization included optical microscopy (OM),

electron backscatter diffraction (EBSD) and Laue X-ray back diffraction.

4.1 Materials

A commercial-purity molybdenum sheet, PM-B, of the dimensions 0.076 x 30.5 x
61.0 cm ( 0.030 x 12 x 24 in ) was purchased from H.C. Starck, Inc. (Euclid, OH). The
sheet was rolled to the as-received thickness from a bar, which itself was pressed and
sintered from molybdenum powder. Prior to consolidation, the manufacturer’s

specification limits on powder composition are listed in Table 4-1.

Mo Mg Mn Ni Al Cu Pb
V)
(nglfnglfnﬁt) 0.001% 0.001% 0.002% 0.002% 0.002% 0.002%
Ti Ca Si Sn Cr C Fe
0.002% 0.003% 0.003% 0.003% 0.005% 0.005% 0.005%

Table 4-1: Maximum limits for chemical compositions by weight percent.

The powder metallurgy sheet studied in this investigation is different from the
powder metallurgy sheet studied in Ciulik’s work [3]. Results from the present
investigation will be compared to Ciulik’s work in succeeding chapters. Furthermore,

some original characterization of Ciulik’s materials is included in this study, namely
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indexing the crystallographic orientation of abnormal grains from Ciulik’s specimens.
Therefore, it will be necessary to discuss the two sheet materials Ciulik studied, hereafter
referred to as AM (Arc-Melted) and PM-A (Powder Metallurgy A). The sheet material
tested in the present investigation is referred to as PM-B (Powder Metallurgy B).

Figure 4-1 is a drawing of the “dog-bone” geometry used for all tensile specimens
discussed in this dissertation. Specimens had a gage length of 2.54 cm (1.00 in), a gage
width of 0.64 cm (0.25 in), and a specimen thickness of 0.076 cm (0.030 in). The
tolerance of all these dimensions was +0.008 cm (+0.003 in). Figure 4-2 depicts two
different orientations of tensile specimens in the sheet: T (tensile loading direction
transverse to the rolling direction) and L (tensile loading direction longitudinal along the
rolling direction). The three coordinate axes correspond to 1. the sheet geometry, 2. the T
specimen geometry, and 3. the L specimen geometry. The sheet axes have the standard
notation of rolling direction (RD), transverse direction (TD), and normal direction (ND).
The T and L axes have the standard tensile specimen notation: the tensile loading
direction (TLD) is along the gage length, the long transverse direction (LTD) is along the
gage width, and the short transverse direction (STD) is through the thickness of the
specimen. LTD is parallel to the RD in the T orientation, while the TLD is parallel to the
RD in the L orientation. The AM and PM-B specimens were machined from the sheet in
the T orientation, while the PM-A specimens were machined from the sheet in the L

orientation.
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Figure 4-1: Drawing of specimens used in this study. Dimensions are in inches. Sheet
thickness is as received.

1. SHEET AXES

NAD 3. LONGITUDINAL-SPECIMEN AXES

Figure 4-2 A schematic demonstrating orientation of specimen machined from the
molybdenum sheet. The coordinate axes of the rolled sheet are RD (Rolling Direction),
TD (Transverse Direction), and ND (sheet Normal Direction). The coordinate axes for
tensile specimens are TLD (Tensile Loading Direction), STD (Short Transverse
Direction), and LTD (Long Transverse Direction).
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4.2 Test Frame and Furnace

Creep tests were conducted in a high-temperature vacuum furnace fitted to an
electromechanical test frame. The furnace was manufactured by Thermal Technology,
Inc. (Santa Rosa, CA), and the test frame was manufactured by MTS Systems (Eden
Prairie, MN). The furnace is capable of temperatures up to 2000°C and operates in a
vacuum range between 10 to 10™ Torr. The vacuum chamber is a stainless steel box,
pictured in Figure 4-3. A door on the front face provides access to the vented chamber.
Vacuum is achieved with a turbo-pump backed by a mechanical pump. Water channels

run through the chamber walls to provide cooling.

*

Figure 4-3: Picture of the furnace chamber identifying: (1) top and bottom tungsten pull
rods, (2) heating elements, and heat shielding box.
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(b)

Figure 4-4: The two halves of the heat shielding box: (a) front half attached to door and
(b) back half inside the furnace. A black arrow points to an installed specimen in (b).
Picture reproduced from dissertation of J. Ciulik [3].

Inside the vacuum chamber, the hot zone is contained within a heat-shielding box
split into halves, as pictured in Figure 4-4. Each half contains a set of tungsten heating
elements. A control thermocouple is inserted into the shielding box, where it rests behind
one of the heating elements. The heat shielding surrounding the hot zone is made of five
layers of molybdenum and tantalum sheet.

Tungsten pin-loaded rods grip the specimen inside the hot zone. Silicon carbide
pins are loaded through the rods to hold the specimen. The bottom rod is attached to the
test-frame base. The top rod is attached to the test-frame crosshead through a bellows and

load-cell assembly. The bellows allows approximately three inches of travel.
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4.3 Dynamic Abnormal Grain Growth Tests

Uniaxial tensile tests were performed at a constant true strain-rate of 10 s™ and
at temperatures from 1400°C to 1800°C. All AM and PM-A specimens discussed in this
dissertation were deformed at a constant true strain-rate of 10 s™ and 1540°C. Thermal
profiles of the furnace hot zone were measured by moving a thermocouple along the
center of the hot zone, as seen in Figure 4-5. These data were necessary to obtain the
offset between the hot-zone temperature and the temperature of the control thermocouple.
The thermal profiles measured are different from those recorded five years earlier by
Ciulik [1]; temperature is greater by 1 to 6°C in the newer data. This small shift in
temperature is most likely because of a slightly different position of the control
thermocouple, which tends to deform in service during prolonged exposure to high
temperature. A constant true strain-rate was achieved through computer control of
crosshead displacement. The minimum measurable crosshead displacement is 0.0005 mm
(~0.00002 in), as limited by the position sensor. A program was created in MTS
TestWorkse4 software to calculate and impose a new crosshead velocity every one
second to maintain a nearly constant true strain-rate. New velocities were calculated

from the instantaneous gage length as:

v==£E(l,+x), (4-1)
where v is the velocity, € is the desired true strain-rate, [, is the initial gage length, and x
is the crosshead extension. This calculation requires the assumption of uniform
deformation and constant volume within the specimen gage length. Measurements
following testing indicate that these assumptions were quite accurate for strains up to

nearly rupture.
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hot zone, of the furnace hot zone at several different control temperatures.

Specimens were installed with a preload of 10 Ibf (¢ = 9.2 MPa). During heating
to the test temperature, computer control was used to maintain this preload. Preloading
ensured that the specimen and the load train were held taught during thermal expansion
of the load assembly. Specimen temperature was ramped to the desired test temperature
at a rate of 3600°C/hr, and each specimen was then preheated at this temperature for 135
minutes prior to the initiation of straining. The purpose of this long heating time was to
develop thermal equilibrium in the hot zone, such that thermal expansion of the specimen

and load train was negligible and heat flow was constant. Some slight creep occurred in
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the preloaded specimen during this preheating, and this deformation is difficult to
separate from the rate of thermal expansion. However, the preload stress was chosen to
keep this creep strain as small as possible during preheating. After preheating, the
specimen was fully recrystallized, as the test temperatures are well above the
recrystallization temperature of molybdenum (approximately 900 to 1200°C) [45]. The
bellows and vacuum contributions to the load are subtracted during data analysis. True

stress and true strain are calculated using constant volume relationships:

oc=s(1+e) (4-2)

e=In(1+e), (4-3)
where o is the true stress, ¢ is the true strain, s is the engineering stress, and e is the
engineering strain.

Some tensile tests were conducted to failure, but the majority of the tests were
halted earlier to characterize the early stages of DAGG. The following stop condition was
programmed into the MTS software routine that controls the test: Unload the specimen
when the load drops to 95% of its maximum value during the test. Automated detection
of the load drop ensured that each test would be halted shortly after DAGG grain
initiation. Once unloaded, the furnace was turned off to cool the specimen. Because it
was not possible to quench the specimen in the vacuum furnace, some recovery of the
deformation substructure may have occurred during the furnace cooling. Figure 4-6 is a
cooling curve from a test at 1650°C. The cooling rate is initially 420°C/min and drops to

11°C/min over 30 minutes.
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Figure 4-6: Cooling curve, temperature of the control thermocouple as a function of time
after power is withdrawn, of the furnace from a temperature of 1650°C.

4.4 Characterization

The chemical compositions of the materials were determined through X-ray
Fluorescence (XRF) and Instrumental Gas Analysis (IGA). XRF relies on characteristic
secondary X-rays, produced from interactions with a high-energy incident X-ray beam.
Only elements heavier than Na can be detected with XRF. In IGA, the specimen is
volatized in a high-temperature induction furnace. The gases produced are analyzed with
an infrared sensor to detect C, O, and S, or a thermal-conductivity sensor to detect N. It
should be noted that XRF probes the surface composition, and IGA probes the bulk

composition. IGA was performed on the PM-B material by EAG Labs (Syracuse, NY).
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Microstructures were primarily characterized with optical microscopy (OM).
Metallographic preparation was identical to that suggested by Ciulik; however, one part
(by volume) 30% hydrogen peroxide was added to ninety-nine parts colloidal silica to
create the final polishing solution. This solution yielded better results by enhancing
chemical polishing. Table 4-2 lists the amended polishing schedule. When particle
embedding and pull-out occurred, Buehler Microcloth™ was used instead of Struers MD-
Dur, and a higher force was applied. Grain boundaries were etched with a solution of one
part nitric acid to one part sulfuric acid to one part water mixture. Cotton swabs were
used to apply the etchant to the specimen, instead of Ciulik’s method of submerging the
specimens in the etchant. The etchant was mixed with a higher concentration than that
suggested by Ciulik because a higher concentration worked better for cotton swabbing.

Grain size was measured by the lineal intercept method [46].

Polishing Surface Lubricant / Polishing Media RPM Force Time
MD-Piano 220 Water 300 35N Until Planar.
MD-Piano 600 Water 300 35N 3 min.
MD-Piano 1200 Water 300 35N 3 min.

MD-Allegro 9um DiaoDuo 150 35N 3 min.
MD-Largo 9um DiaoDuo 150 30N 3min
MD-Dur 3pm DiaoDuo 150 25N 3min

1 part (by volume) 30% H202

MD-Chem 99 parts 0.05um colloidal silica

150 25N 3min

Table 4-2: Metallographic Preparation (using Struers consumables). Grinding and
polishing was performed on an automated polisher Struers Rotopol-15T™.
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Electron Backscatter Diffraction (EBSD) provided primary recrystallization
textures and grain size of the microstructure. In preparation for EBSD examination, a
surface was electropolished with a solution of 10 parts (by volume) methanol, 6 parts
ethylene glycol monobutyl ether, and 1 part perchloric acid (60%). As a note to the
reader, all perchloric acid work should be performed under a perchloric-specific “wash-
down” fume hood. Electropolishing steps are provided in Table 4-3. Two 1 mm X 1 mm
scans were conducted on the grip region of one specimen, and two Immxlmm scans
were conducted on the gage region of one specimen. A silicon single crystal of known
orientation was mounted on the specimen holder to determine the precise rotation matrix
between crystal and specimen reference frames. Orientation distribution functions (ODF)

were fitted to the texture of each region with a spherical harmonic basis and 5° bins.

Grinding Lubricant / Polishing Media RPM Force Time
MD-Piano 220 Water 300 35N Until Planar.
MD-Piano 600 Water 300 35N 3 min.
MD-Piano 1200 Water 300 35N 3 min.

Electropolishing Current Density Voltage Temperature Time
Electropolish 1.8mA/cm’ 29V 20°C 20 sec

Table 4-3: Electropolishing (using Struers consumables). Grinding was performed on an
automated polisher Struers Rotopol-15™; electropolishing was performed with a Struers
LectroPol-5™.

The Laue X-ray back diffraction technique was used to determine the orientations

of abnormal grains. An image of each etched specimen containing a DAGG grain was
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optically scanned into a computer at a resolution of 600 dpi, and the specimen was
subsequently mounted in a bidirectional positioning stage. Coordinates, x-z, of the
abnormal grains, in reference to the stage, were determined from the scanned image. This
method allowed reliable positioning of the X-ray beam on the abnormal grains. A
photosensitive image plate was used to collect the X-ray diffraction patterns. The
distance of the specimen to the film was 2.6 cm; the exposure time was 1 minute; the

current was 20 mA; and the accelerating voltage was 35 kV for these experiments.

40



S MATERIAL CHARACTERIZATION

The chemical composition and microstructure of the PM-B material were
characterized prior to tensile testing. The recrystallization and grain growth behaviors of
the sheet were also studied through a series of static anneals. The static grain growth
behavior was determined to compare with DAGG behavior. The PM-B material is
compared to the molybdenum sheets previously studied by Ciulik, the AM and PM-A

materials [3].

5.1 Chemical Composition

The chemical composition of the as-received PM-B sheet was at least 99.9 at.%
molybdenum according to XRF. However, the dispersoid particles that are most likely to
pin grain boundaries, carbides, nitrides or oxides, contain light elements that XRF cannot
detect. Therefore, the amounts C, N, O, and S were determined for PM-B through IGA. A
comparison of the chemical compositions between the different material sheets is
displayed in Table 5-1. Both PM materials have a significant concentration of oxygen,
while the AM material has a significant concentration of nitrogen. All these materials

contained less than 10 ppm of C, by weight.

Material Composition of Select Impurities:

C 0] N S

AM <10 <10 33 -

PM-A <10 34 <10 -
PM-B <10 40 <10 <10

Table 5-1: A comparison of the impurity content for C, O, N, and S in ppm.
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5.2 Static Recrystallization Texture

Texture refers to the orientation distribution of grains within a microstructure. In a
sheet material, texture components are commonly described through the following
notation: {ND}{RD), where {ND} is the crystallographic plane perpendicular to the
normal direction and (RD) is the crystallographic direction along the rolling direction.
Body-centered-cubic metals form a (110) fiber texture during tensile deformation, and
they form mixed (100) and (111) fibers during compression deformation. [36, p. 192]. In
rolling, the (RD) is an extension direction and the (ND) is a compression direction.
Accordingly, bee rolling textures have prominent a- and y-fibers [36, p. 195]. The a-
fiber texture includes orientations rotated about a (110) || (RD) axis. The primary
deformation texture components in the a-fiber are {001}(110), {112}(110), and
{111}(110) [1, p.74-76]. These texture components and their corresponding pole figures
are pictured schematically in Figure 5-1. The y-fiber texture includes orientations rotated
about a (111) || (ND) axis. The primary deformation texture components in the y-fiber
are {111}(110) to {111}112) [1, p.74-76]. Rolled molybdenum has been observed to
possess a {001}(110) rotated cube texture, a component of the a-fiber [47, p.560].

The primary recrystallization textures of molybdenum sheet typically retain the
primary components of the deformation texture; however, these texture components may
sharpen or fade. The recrystallization texture of PM-B was measured in two 1 x 1 mm
EBSD scans on material statically annealed for 130 min at 1650 °C. Crystal direction

maps of these scans are shown in Figure 5-2.
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Figure 5-1: Schematic drawings and 001, 101, and 111 pole figures for three texture
components {001}(101), {112}(101), and {111}{101) from an a-fiber texture. A
{101}(101) texture component is not generally observed in an o-fiber texture, but it is
plotted for reference. RD, TD, and ND are the rolling sheet coordinate axes as defined in
Figure 4-2.
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Figure 5-2: Two Immxlmm inverse pole figure (IPF) maps from EBSD on PM-B

material statically annealed at 1650°C for 130 min. The color corresponds to the

crystallographic orientation of the sheet normal (ND).
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Pole figures and inverse pole figures of the AM, PM-A, and PM-B primary
recrystallization textures are pictured in Figures 5-3 and 5-4, respectively. The
recrystallization textures of the AM and PM-A materials are reproduced from Ciulik [3]
and were measured with EBSD. In Figure 5-4, note that only the normal direction (ND)
inverse-pole-figure was available for the AM and PM-A materials. The texture of the AM
material is a {001}(110) rotated cube texture. The {001}(110) texture has been rotated
approximately 20° clockwise about the ND axis. This rotation is consistent with the cross
rolling that was used for processing this material. The textures of the PM materials have
both a- and y-fibers. The texture of the PM-A material has a strong y-fiber texture and
very weak a-fiber. Meanwhile, the PM-B material has an a-fiber texture and a weak y-

fiber texture. These results are summarized in Table 5-2.

Static Static
Mo Sheet Normal  Abnormal

Material Recrystallization Texture Grain Shape Grain Grain

Growth Growth

(SGG) (SAGG)
AM {001}101) Equiaxed Yes None
PM-A “y-fiber” {111} || ND Equiaxed No None
PM-B Strong {001X101) Elongated No Some

Weak {111}(101)

Table 5-2: A comparison of the static recrystallization and grain growth behavior
between the AM, PM-A, and PM-B materials.
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Figure 5-3: The 001, 101, and 111 pole figures for recrystallization textures of the AM,
PM-A, and PM-B materials. AM and PM-A pole figures are reproduced from Ciulik [3].
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Figure 5-4: The 001, 101, and 111 inverse pole figures for the recrystallization textures of
the AM, PM-A, and PM-B materials. AM and PM-A inverse pole figures are reproduced
from Ciulik [3].

5.3 Static Grain Growth

The static recrystallization and static grain growth behaviors of the PM-B material
were studied. The sheet was received in a deformed state. Metallography of the initial

material revealed deformation in the rolling direction, as is shown in Figure 5-5.

5.3.1 STATIC NORMAL AND ABNORMAL GRAIN GROWTH

The PM-B sheet was statically annealed at 1650°C for 10, 130, and 570 min and
statically annealed at 1800°C for 130 and 570 min. Photomicrographs of these annealed
microstructures are displayed in Figures 5-6 through 5-8 for 1650°C and Figures 5-9

through 5-12 for 1800°C. Grains are elongated along the rolling direction.
47



Figure 5-5: Optical photomicrograph of the as-received PM-B material. The rolling
direction (RD) is vertical and the transverse direction (TD) is horizontal.
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Figure 5-6: Microstructure after static annealing the PM-B material at 1650°C for 10 min.
The rolling direction (RD) is vertical and the transverse direction (TD) is horizontal.
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Figure 5-7: Microstructure after static annealing the PM-B material at 1650°C for 130
min. The rolling direction (RD) is vertical and the transverse direction (TD) is horizontal.
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Figure 5-8: Microstructure after static annealing the PM-B material at 1650°C for 570
min. The rolling direction (RD) is vertical and the transverse direction (TD) is horizontal.
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Figure 5-9: Microstructure after static annealing the PM-B material at 1800°C for 120
min. The rolling direction (RD) is vertical and the transverse direction (TD) is horizontal.
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Figure 5-10: Macroetch of PM-B specimen after static annealing at 1800°C for 570 min.
The rolling direction (RD) is horizontal and the transverse direction (TD) is vertical.
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Figure 5-11: Microstructure after static annealing the PM-B material at 1800°C for 570
min and 50x. The rolling direction (RD) is vertical and the transverse direction (TD) is
horizontal.
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Figure 5-12: Microstructure after static annealing the PM-B material at 1800°C for 570
min and 200x. The rolling direction (RD) is vertical and the transverse direction (TD) is
horizontal.
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The grain size in the rolling direction, drp, and the grain size in the transverse
direction, drp, are reported in Table 5-3 for each annealing time at 1650°C. Grain sizes
were measured from optical photomicrographs by the lineal intercept method. Grains
initially grew during annealing at 1650°C from 10 to 130 min; dgp increased from 21 to
28 um and drp increased from 17 to 21 pm. However, growth did not occur, to within
measurement uncertainty, between 130 and 570 min. The aspect ratio of grains, drp / d7p
= 1.2 to 1.3, remained approximately the same during all annealing times. The lineal
intercept grain size was also measured from an EBSD photomicrograph for the 130-min
anneal. The EBSD grain sizes (dzp = 30 and d7p = 20 um) are in good agreement with
those grain sizes measured from optical photomicrographs (dzp = 28 and drp = 21 pm).
Grain size histograms from the EBSD dataset are pictured in Figure 5-13. Neither the drp
nor the dyp distributions are symmetric; there is a greater population of grains above the
average grain size.

The grain sizes from 1800°C anneals were more equiaxed than those from 1650°C
anneals, as is shown in Figure 5-9: dgp = 21 and d7p = 20 um at 120 min. After 570 min
at 1800°C, static abnormal grain growth occurred in the material, and grains as large as
several millimeters in diameter were observed, as is shown in Figure 5-10. Abnormal
grains did not consume all normal grains. The unconsumed normal grains exhibited a
grain size of ~20 um. These results are reported in Table 5-4.

The static grain growth behavior of PM-B is different from that of AM, but
similar to PM-A. Table 5-2 compares the static recrystallization and grain growth
behaviors of these three different molybdenum materials. Grain size data for the AM and
PM-A materials are provided in Table 5-5. Recrystallized grains are equiaxed in AM and
PM-A, but grains are elongated in PM-B. Recrystallized grain size is smallest in the PM-

A material, slightly larger in the PM-B material, and largest in the AM material. Static
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normal grain growth (SGG) occurs in the AM material, while no SGG was observed in

the PM-A or PM-B materials once a stable grain size was reached.
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Figure 5-13: Grain size distribution in (a) the rolling direction, dgp, and (b) the transverse
direction, d7p, from EBSD of PM-B after recrystallization at 1650°C for 130 min.
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TD Grain  Grain Size

Annealing o RD Grain Size
Time Characterilzatlon Size, dgpt y ) Aspect Ratio,
. Technique ot
(min) (1m) (um) drp ! drp
10 Metallography 21£3 17+3 1.2
130 Metallography 28+9 21 £5 1.3
EBSD 30+20 20+ 12 1.5
570 Metallography 27+5 22+3 1.2

Table 5-3: Grain sizes for static anneals at T = 1650 °C in the PM-B material.

RD Grain TD Grain  Gpain Size

Annealing o Size
Time Characterilzatlon Size, dgpt y , Aspect Ratio,
) Technique mt

(min) (1m) (nm) drp / drp

120 Metallography 21+3 20+3 1.1
Bimodal microstructure due to Static
Abnormal Grain Growth. Remaining

570 Metallography fine grains are equiaxed and d~20 pm.
Largest abnormal grains are 100s of
mm in size.

Table 5-4: Grain sizes for static anneals at T = 1800 °C in the PM-B material.

tBoth metallography and EBSD grain sizes were measured with the lineal intercept method. The
uncertainty values for metallography grain sizes are between the average grain size from lines each
containing approximately 30 to 100 grains, while the uncertainty values for EBSD grain sizes are between
individual grains.
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Annealing Time Grain Sizet (um)

(min)
AM PM-A
180 98 +8 19+1
504 165 +20 18+1

Table 5-5: Grain sizes for static anneals at T = 1640 °C in the AM and PM-A materials.
These data are from Ciulik [3].

tBoth metallography and EBSD grain sizes were measured with the lineal intercept method. The
uncertainty values for metallography grain sizes are between the average grain size from lines each
containing approximately 30 to 100 grains, while the uncertainty values for EBSD grain sizes are between
individual grains.

No static abnormal grain growth (SAGG) was observed in the PM-B sheet at
1650°C, even after 570 min. However, SAGG was observed in PM-B after 570 min at
1800°C, as is shown in Figures 5-10 to 5-12. These abnormal grains, whose largest size

was 5 mm, are much smaller than those observed during DAGG. No SAGG was

observed during the static anneals of the AM or PM-A materials.

5.3.2 PINNING PARTICLES

Second-phase particles were not characterized in the molybdenum materials.
However, their presence is expected because of the observed grain growth behaviors.
Fine particles can pin grain boundaries and prevent grain growth. Likely candidates for
dispersed particles are oxides, sulfides, nitrides, and carbides [48]. Since the
concentration of oxygen is larger in both the PM-A and PM-B materials than that of the
AM material, the pinning particles may be MoO,. Molybdenum dioxide is known to coat
grain boundaries in molybdenum [7], while molybdenum trioxide volatilizes well below

the test temperature (600°C [49, p.156]),
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The absence of static normal grain growth (SGG) in the powder metallurgy
materials, PM-A and PM-B, is not surprising. Sintered materials are prone to
contamination because powder has a large ratio of surface area to volume. This behavior
and processing route implies the existence of particles that pin grain boundaries against
growth. The presence of significant SGG in the AM material at a similar temperature
(1640°C) and similar annealing times (180 min and 500 min) indicates any particles

present in the AM material were not very effective at pinning grain boundaries.

5.4 Chapter Summary

(1) The primary recrystallization textures of the materials were:

AM {001}(101) rotated 20° clockwise
PM-A strong y-fiber and very weak a-fiber
PM-B strong a-fiber and weak y-fiber

(2) During static annealing, the PM material microstructures reached stable grain sizes
through static normal grain growth (SGG):

PM-A d=19 um at 1540 °C

PM-B drp =28 um; drp=21 pum at 1640 °C
The AM material did not reach a stable grain size, and grains grew as large as 165 um in
diameter through SGG. This difference in growth behavior is attributed to a larger
concentration of (oxide) particles, which may pin grain boundaries, in PM-A and PM-B

(34 and 40 ppm O, respectively), than in AM (<10 ppm O).

(3) Static abnormal grain growth (SAGGQG) initiated between 120 and 570 min in PM-B at

1800°C. The largest SAGG grains produced were approximately Smm in diameter.
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6 DYNAMIC ABNORMAL GRAIN INITIATION

The initiation of DAGG grains was investigated in the PM-B material through a
series of high-temperature tensile tests. As previously described in Chapter 4, some tests

were conducted to specimen rupture, while other tests were halted after DAGG initiation.
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Figure 6-1: Stress-strain curve for PM-B material at £&=10* s™ and T=1650°C. Specimen
strained to failure.

O

Figure 6-2: Macroetched PM-B specimen after fracture of test in Figure 6-1. One single
crystal, the DAGG grain, spans the gauge length. Polycrystalline microstructure is
retained in grip region. Contrast difference along the DAGG grain are from slip bands
and from artifacts of metallographic preparation, primarily issues with faceting.
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The stress-strain curve of a specimen strained to failure at é=10" s and
T=1650°C is shown in Figure 6-1. This stress-strain curve is representative of many
important features of DAGG. Polycrystalline creep (see Figure 2-2) occurs until the
initiation of a DAGG grain. Initiation corresponds to an abrupt drop in flow stress which
occurs at a critical strain, .. This drop reflects a microstructural transition in the gauge
length from polycrystalline to single-crystal forms; i.e. consumption of the hot-deformed
polycrystal by a DAGG grain. The DAGG completion strain, &p¢, occurs when a DAGG
grain(s) has grown throughout the entire gauge length of the specimen. Subsequent
straining results in single-crystal plasticity of the DAGG grain(s). The amount of
accumulated plastic strain across the flow stress drop is Aep = €pc — €cg. The critical
flow stress for DAGG, oz = d(&cr), and DAGG completion flow stress, apc = 0(€pc),
are the flow stresses which correspond to the critical strain and completion strain,
respectively.

The fractured specimen from the test in Figure 6-1 was macroetched and is
pictured in Figure 6-2. The gauge length consists of a large single crystal, and the grip
regions retain a polycrystalline microstructure. The majority of tests were halted at a
strain between e;p and &pc, such that a DAGG grain initiated but did not grow
throughout the entire gauge length of the specimen. The stress-strain curve of a halt test
at £=10" s and T=1650°C is shown in Figure 6-3. In specimens subjected to such halt
tests, there are three distinct microstructural regions: (1) the DAGG grain(s), (2) the hot-
deformed polycrystal, and (3) the statically annealed polycrystal (grip region). These
regions are represented schematically in Figure 6-4. DAGG grains and the hot-deformed
material are characterized in this chapter to investigate DAGG initiation. The static

primary recrystallization behavior was presented in Chapter 5.
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Figure 6-3: Stress-strain curve of PM-B material at £&=10 s™" and T=1650°C. Specimen

halted after DAGG initiation.
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Figure 6-4: Schematic of different regions in a PM-B specimen strained at &=10 s and

T=1650°C. Specimen halted after initiation of DAGG grain.
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6.1 Effect of Temperature

Stress-strain curves of tests of PM-B material at é=10" s and four different
temperatures (1450, 1550, 1650, and 1800°C) are plotted in Figure 6-5. Table 6-1
provides a summary of results from these data. The 1450°C test was strained to failure,
while tests at the other temperatures were halted after DAGG initiation. DAGG occurred
in every specimen except the 1450°C specimen, as evidenced by the flow stress drops at
1550°C, 1650°C, and 1800°C. Post-test characterization of the specimens, as shown in
Figure 6-6, confirmed the absence of DAGG grains in the 1450°C specimen and the
existence of DAGG grains in the 1550°C, 1650°C, and 1800°C specimens. Therefore, a
minimum temperature exists for DAGG between 1450 and 1550°C in the PM-B material.
This is similar to the PM-A material, for which a minimum temperature of between 1440
and 1540°C was observed for DAGG [3]. The critical strain for DAGG initiation, &cg,
decreases with increasing temperature, as shown in Table 6-1 and Figure 6-5.

The effect of temperature on critical strain likely results from the temperature
dependence of grain boundary mobility. A simple grain boundary migration model
predicts an Arrhenius dependence of mobility on temperature (Equation 3-3). Grain
boundaries are increasingly mobile with increasing temperature. Therefore, the
boundaries of grains selected for abnormal growth may propagate more readily and may
not require as much plastic strain accumulation to initiate the boundary motion required
for DAGG. Furthermore, the minimum temperature required for DAGG may be the result

of a minimum required mobility of grain boundaries.
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Figure 6-5: Stress-strain data for PM-B material at & = 10%s'and T = 1450°C, 1550°C,
1650°C, and 1800°C. Note that true stress and strain after UTS (ultimate tensile strength)
in the 1450°C are not accurate because of neck development and are shown only for
qualitative comparison.
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Figure 6-6: Macroetched PM-B specimens strained at £&=10 s and T = 1450°C,
1550°C, 1650°C, and 1800°C. DAGG grains denoted by black arrows.
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Dynamic Critical Flow

Temperature Steady State  Appormal Grain Critical

. Test Type Creep Growth ) Stress, ocg
O Achieved? Strain, £cg

(DAGG) (MPa)
1450 Strain to Failure No No - )
1550 Halt Yes Yes 0.25 40.3
1650 Halt No Yes 0.16 36.4
1800 Halt No Yes 0.02 23.5

Table 6-1: Summary of the four tests at different temperatures from Figure 6-5 for PM-B
material.

Temperature o ] Critical Flow Stress, o¢g
Critical Strain, &5
°C) (MPa)
1650 0.152 £ 0.0549 (+ 36.2%) 35.94+1.38 (= 3.86%)
1800 0.0234 +0.00969 (+ 41.4%) 23.3+0.966 (+ 4.15%)

Table 6-2: Averaged critical values for DAGG initiation in the PM-B Material at 1650°C
(22 tests) and 1800°C (7 tests).

Grain
TLD STD Size
. Pre-Heat . o Grain LTD Grain Grain
Halt Strain, Time Test Time  Characterization Size Size, dypp Size Aspect
£ ; Technique ; ’ : Ratio,
H (min) (min) q drpt (um) dsipt
(um) (wm) o/
dLTD
0.15 100 25 EBSD 27+18 22+13 - 1.2
0.16 100 27 Metallography 22+6 22+9 - 1.0
0.12 100 20 Metallography 24 +5 22+4 18+5 1.1

Table 6-3: Grain sizes for hot deformed microstructures at T = 1650 °C in the PM-B
material for three tests halted upon DAGG initiation.
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Figure 6-7: Stress-strain curves strained at £&=10™ s™ and T=1650°C for different tests in
PM-B material. Specimens halted after initiation of DAGG grain.
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Figure 6-8: Stress-strain curves strained at £&=10™ s™ and T=1800°C for different tests in
PM-B material. Specimens halted after initiation of DAGG grain.
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There is a significant variation in critical strain between multiple tests at the same

1 and

strain-rate and temperature. Twenty-two specimens were tested at £=10" s
T=1650°C, and seven specimens were tested at £=10"* s and T=1800°C. Several of the
stress-strain curves from these tests are plotted in Figures 6-7 and 6-8. Table 6-2 presents
averaged data from these tests and indicates that -5 varies by approximately +40% (95%
confidence interval, Clgys) at both 1650°C and 1800°C. On the other hand, o-g varies by
approximately +4% Clqs5 at both 1650°C and 1800°C. The incubation period for DAGG
initiation, t;, is necessarily correlated with critical strain in constant true strain-rate tests,
where t; = gcg/€. As a result, t; varies £40% Clys because eqg varies £40%. The large
variation of €.y relative to ocg is primarily due to the approach of a steady-state flow
stress, dgs, by gradual hardening prior to DAGG initiation. It should also be noted that

the dependence of e;p on temperature is very strong, much larger than the +40%

variation in - observed from tests at constant strain rate and temperature.

6.2 Creep Behavior Prior to DAGG Initiation

As expected for creep, the flow stress decreases with increasing temperature. The
flow stress approached a steady-state value in each test; however, steady-state creep was
only achieved in the 1550°C test. DAGG initiation occurred before steady-state creep
was reached in the 1650°C and 1800°C tests, while brittle fracture began before steady-
state creep in the 1450°C test. The steady-state flow stresses at 1450°C and 1650°C for
10s™! were estimated by fitting to the (true) stress-strain data an exponential curve of the
form,

y = a — exp(—bx)
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such that the root-mean-squared error was minimized. The value of a in this equation is
the asymptote of the curve which represents steady state. These steady-state flow stress
values were then utilized to calculate the activation energy for creep. The

phenomenological equation for creep (Equation 2-1) was rearranged as follows:
. Q n
7 = é.exp (E) =A (g) (6-1)

n(@)=n(2)+(5)

n@) =" @) o

_ /Y Y
y = b + mx

where o is the flow stress, E is the temperature-dependent dynamic unrelaxed Young’s

—4.-1

modulus for molybdenum, &;, = 107*s™" is the constant strain rate, 4 is a material
constant, 7 is the stress exponent, Q is the activation energy for creep, R is the universal
gas constant, and 7 is the absolute temperature. The temperature-dependent dynamic
unrelaxed modulus was calculated from data of Armstrong and Brown [50]. Molybdenum
exhibits five-power steady-state creep behavior [4], and n =5 was used in the activation
enthalpy calculation.

The activation energy was calculated to be Q = 360 kJ/mol, as seen in Figure 6-9.
The activation energy value of 360 kJ/mol is larger than that of 240 kJ/mol calculated by
Ciulik for the PM-A material [4] and is closer to the activation energy of 386-405 kJ/mol
for self-diffusivity in molybdenum [51]. However, this creep activation energy value has

significant uncertainty due to the small number of data points and the approximation of

steady-state flow stress values.
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Figure 6-9: Plot showing how activation enthalpy for creep in PM-B material was
calculated from test data in Figure 6-5.

6.3 Hot Deformed Material

Specimens were halted after DAGG grains initiated but before DAGG grains
grew throughout the entire gauge length, as shown schematically in Figure 6-4. The
unconsumed region of the gauge length was hot deformed polycrystal. This hot deformed
polycrystal represents the microstructural state at DAGG initiation. DAGG grains initiate
from this microstructure, and DAGG grains consume this microstructure if the specimen

is strained further.

6.3.1 GRAIN SIZE

Table 6-3 reports the lineal intercept grain size of the hot deformed microstructure
in three PM-B specimens tested at §=10* s and T=1650°C. Grain sizes for the hot
deformed microstructure were obtained from optical micrographs such as Figure 6-10 or
the EBSD inverse-pole-figure map in Figure 6-11. The hot deformed microstructures

were equiaxed or slightly elongated with d;7p / drp grain size aspect ratios of 1.0, 1.1,
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and 1.2. The LTD grain size obtained from EBSD, d;;p = 27 um, was larger than the
LTD grain sizes obtained from optical photomicrographs, dyrp = 22 and 24 pm. The
smaller optical grain sizes could result from etching of subgrain boundaries. In EBSD,
subgrain boundaries can be distinguished from high angle grain boundaries, and subgrain
boundaries are not counted in grain size measurements. Material differences in the sheet
could also account for the grain size variation. On the other hand, the LTD grain sizes
were the same for both EBSD and optical photomicrographs, where d;rp = 22 pm for all
hot deformed microstructures studied. Grain size histograms from the hot deformed
EBSD dataset are shown in Figure 6-12. Neither dyp nor dppp distributions are
symmetric; there is a higher population of grains below the average grain size. Grain
boundaries migrate until they impinge on another grain or they become pinned by a
particle. Therefore, most grains will be limited in size while a few will be able to become
unpinned and grow larger as the material is annealed for long periods of time.

The PM-B specimens were machined in the T orientation, as shown in Figure 4-2.
The tensile loading direction (TLD) of the specimens is along the transverse direction
(TD) of the sheet, and the long transverse direction (LTD) of the specimens is along the
rolling direction (RD) of the sheet. Therefore, a comparison between (1) the hot
deformed grain sizes, dr;p and di7p, and (2) their respective statically annealed grain
sizes, drp and dgp, illustrates difference between the dynamic and static growth
conditions. The statically annealed grain sizes for 1650°C were previously reported in
Table 5-2. The static annealing time of 130 min is comparable to the total time the hot

deformed specimens were at temperature during testing.
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Figure 6-10: Optical photomicrograph of hot deformed PM-B polycrystal, deformed at
£=10"s" and T=1650°C, to £ = 0.15.
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Rolling Direction

111

001 101

Figure 6-11: Electron Backscatter Diffraction of deformed polycrystal, deformed at €é=10"
*s and T=1650°C, to £ = 0.15.
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Figure 6-12: Grain size distribution in (a) long tranverse direction (LTD || RD) and (b)
tensile loading direction (TLD || TD) from EBSD in the hot deformed polycrystal of PM-
Bat &=10"s" and T=1650°C, to £ = 0.15.

The hot deformed grains were more equiaxed than the statically annealed grains.

Among the grain sizes obtained from optical photomicrographs, the hot deformed TLD

grain sizes, drzp = 24 um and dr;p = 22 um, were slightly larger than the static annealed
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TD grain size, drp = 21 um. Meanwhile, the hot deformed LTD grain sizes, both dyp =
22 um, were smaller than the static annealed RD grain size, dgp = 28 um. The same trend
held for the grain sizes obtained from EBSD, although it was not as pronounced, where
drp = 22 pum was greater than dyp = 20 um and dyr7p = 27 pum was less than dgp = 30
um. Grains were originally elongated in the LTD. As straining occurred in the TLD, the

grain shape became more equiaxed simply because of the geometry of deformation.

6.3.2 SUBSTRUCTURE

Substructure developed during creep of the polycrystalline material. Figure 6-13
compares EBSD inverse pole figure maps from the statically-recrystallized and hot-
deformed microstructures. Orientation gradients within the grain interiors of the hot

deformed EBSD photomicrograph indicate substructure development.

Rolling Direction

Figure 6-13: Comparison between EBSD of statically annealed (left) and hot deformed
(right) PM-B microstructures. The hot deformed microstructure has evidence of
substructure formation. Polycrystal hotdeformed at £&=10"* s and T=1650°C, to £ = 0.15.
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6.3.3 TEXTURE

Uniaxial tensile deformation of bce metals typically leads to a (110) || (TLD)
fiber texture [36, p.192]. The Taylor model [34] predicts rotation toward (110) for any
initial tensile loading direction [52, p.40-43, 53, p.408]. Pole figures and inverse pole
figures of the hot deformed and primary recrystallization microstructures of PM-B are
provided in Figures 6-14 and 6-15, respectively. The hot deformation texture was
obtained from the gauge microstructure of a tensile specimen through EBSD. The test
was conducted at 1650°C and 10™ s and halted at .5 = 0.15 after a DAGG grain had
initiated elsewhere in the microstructure.

The hot deformation texture did not evolve significantly from the primary
recrystallization texture. As shown in Figure 6-14, the dominant texture components
remained, although slightly weakened. However, evolution of texture along the TLD is
noted in the inverse pole figures of Figure 6-15 by some rotation of the (101) toward the
tensile direction. In the short transverse direction, there was rotation rotation away from
(001) and (111). In the long transverse direction, there was some grain rotation toward
directions between (001) and (101).

The minimal texture evolution during hot deformation is not surprising. This is
because the test was halted at a small strain of &z = 0.15. DAGG initiation occurs at
even smaller critical strains at higher temperatures (e.z = 0.02 at 1800°C, see Table 6-2).
Initiation at such a small strain of 0.02 allows almost no texture evolution during
deformation. Thus, DAGG initiation cannot be initiated by evolution of a particular
texture component during deformation. A mechanism similar to rotation recrystallization

(see Section 2.3.3) is unlikely to be the source of DAGG initiation.
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Figure 6-14: Comparison between pole figures from the PM-B recrystallization texture
and hot-deformed texture (10™*s™ and € = 0.15) for a test at 1650°C from EBSD datasets.
Figures are plotted with respect to the specimen axes. Note that the recrystallized pole
figures presented above are rotated 90° from the same pole figures presented in Figure 5-
3. This is because the PM-B specimens are in the T orientation (See Figure 4-2), that is,
the tensile loading direction (TLD) of the specimen is rotated 90° from the rolling
direction (RD) of the sheet.
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1.0 1.5 2.0 2.5 3.0

Figure 6-15: Comparison between inverse pole figures from the recrystallization texture
and hot-deformed (10™*s™ and € = 0.15) texture for 1650°C. Figures from EBSD datasets.
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6.4 DAGG Orientations

DAGG grains have a preferred crystallographic orientation with respect to the
specimen axes. Cubic crystal structures are in the m3m (0)) point group, with 24
symmetry elements. The tensile specimen geometry (Figure 4-1) has a geometric
symmetry that can be classified in the orthorhombic mmm (D,j) point group, with 4
symmetry elements. These symmetry classifications dictate how crystal directions are
represented on specimen axes (i.e. a pole figure) or specimen directions are represented
on crystal axes (i.e. an inverse pole figure) to describe the orientation of a DAGG grain.
The orientations of numerous DAGG grains were indexed with Laue X-ray back
diffraction. These include 8 DAGG grains in the AM material, 11 DAGG grains in the
PM-A material, and 23 DAGG grains in the PM-B material. These orientations are
represented on the pole figures in Figure 6-16 and the inverse pole figures in Figure 6-17.
In Figure 6-16, the full pole figures were reduced to quarter pole figures by using the
mmm specimen geometric symmetry. In Figure 6-17, the full inverse pole figures were
reduced to standard triangles by using the m3m cubic crystal symmetry.

In the AM and PM-B materials, the TLD of the specimen is along the TD of the
sheet. In the PM-A material, the TLD of the specimen is along the RD of the sheet.
Therefore, a new notation is introduced {STD}{(TLD)) to describe crystallographic
orientations in the specimen reference frame. Recall that planes and directions {ND}{RD)
usually describe texture components in a rolled sheet (see Section 5.2). The orientation
preference in all materials studied can be generally described as derivative from a (110)
fiber texture with components that span {001}((110)) to {111}({(110)). Note that this

partial fiber texture is analogous to an a-fiber rolling texture; refer to Figure 5-1 for
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representations of the different texture components in a (110) fiber on a full pole figure.
Within the (110) fiber, each material exhibits a preference for a different orientation:

(1) The AM grains are clustered around the {111}({110)) orientation.

(2) The PM-A grains are clustered around the {112}((110)) orientation.

(3) The PM-B grains are clustered around the {001}((110)) orientation.

TLD 001

TLD

STD

LTD

O Arc Melted
® Powder Met A
O Powder Met B

Figure 6-16: Pole orientations of individual DAGG grains from multiple
specimens, represented on pole figures. Note that these are equivalent to full
pole figures because of the orthorhombic symmetry of the tensile specimen
(mmm).
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111

TLD

STD

LTD

O Arc Melted
® Powder Met A
O Powder Met B

001 101
Long Transverse Direction (LTD)

Figure 6-17: Orientations of individual DAGG grains from multiple specimens,
represented on inverse pole figures.

These crystal orientations are represented in Figure 6-18. Refer to the inverse pole
figures of Figure 6-17 for the following discussion. Although the TLDs of specimens
from all the materials show strong preference for alignment with (101) orientations, this
clustering is weak in the PM-B material and allows for significant deviation (~25°) from
(101). DAGG grain orientations from (001) to (111) align with the STD: (112) to (111)

in the AM material, (001) to (112) in the PM-A material, and (001) to (113) in the PM-
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B material. Although it shows the greatest scatter in orientations, the LTD is somewhat
clustered around different directions for each material: (112) in the AM material, (111)

in the PM-A material, and (101) in the PM-B material.

£) fiber

Arc Melted
{111}((101))

Powder Met A

(121)(101)) Figure 6-18: Schematic of the average

crystallographic orientation for AM, PM-

A Powder Met B A, and PM-B materials.
s {010}((101))
o)

Potential causes of DAGG grain orientation preferences include: (1) DAGG grain

adoption of orientations from the hot deformed texture, or simply the primary
recrystallization texture, (2) DAGG grain orientation selected from among energy
difference between distinct (hkl) cyrstallographic free surfaces in molybdenum, and
(3) the crystallographic nature of slip influencing the choice of DAGG grain orientation.
The following sections discuss each of these potential causes of the preferred DAGG

grain orientations.

6.4.1 TEXTURE

In Section 6.3.3, it was observed that significant texture evolution does not occur

prior to DAGG initiation in the PM-B material. Therefore, the primary recrystallization
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textures for AM and PM-A are used to approximate their hot deformation textures.
Inverse pole figures of the AM and PM-A primary recrystallization textures and the PM-
B hot deformation texture are shown in Figure 6-19. Individual DAGG grain orientations
are superimposed on top of these textures for comparison. Inverse pole figures of
recrystallization texture are not available for the tensile loading direction (TLD) and long

transverse direction (LTD) of the AM and PM-A materials.

111

Powder Met A

001 . 101 001 101
Short Transverse Direction (STD) Short Transverse Direction (STD)
111 111

Powder Met B

101 001 - 101
Tensile Loading Direction (TLD) Long Transverse Direction (LTD)

001 101 001
Short Transverse Direction (STD)

Multiples of Random

Figure 6-19: The 001, 101, and 111 inverse pole figures for the recrystallization textures
of the AM, PM-A, and PM-B materials. AM and PM-A inverse pole figures reproduced
from Ciulik [3].

DAGG grains are not randomly selected from the hot deformed microstructure.

DAGG grains prefer a (101) || TLD in all the materials studied, but grains with a (101) ||
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TLD are not generally the most prevalent in the hot deformed polycrystal. In the PM-B
material, DAGG grains have a strong orientation preference for a (101) || TLD
orientation, even though these grains are selected from a relatively random TLD
orientation distribution. In Figure 6-19, the PM-B hot deformation texture in the TLD is
at most 1.2 multiples above random. However, DAGG grains exhibited a strong
preference for orientations with a TLD near (101). The complete absence of DAGG
orientations with a TLD between (001) and (111) clearly indicates the strength of
preference for a (101) || TLD. Inverse pole figures are not available for the AM and PM-
A textures in the TLD. However, texture information can still be obtained from the full
pole figures of Figure 6-20. The AM texture has components with (001) and (101) in the
TLD, although they appear relatively faint. The PM-A texture has a strong component
with (101) in the TLD. Accordingly, DAGG grains with a (101) || TLD are produced
regardless of strong or weak texture components with a (101) || TLD. Therefore, the
strong preference for DAGG grains with a (101) || TLD is independent of the hot
deformation texture.

DAGG grains prefer different STD orientations in each of the materials studied.
In the PM-B material, grains with an STD corresponding to a majority texture component
are selected for DAGG, as shown in Figure 6-19. Both the PM-B DAGG orientations and
PM-B dominant texture components have an STD near (001). On the other hand, in the
AM material and PM-A materials, grains with an STD corresponding to a minority
texture component are selected for DAGG. The AM DAGG orientations have an STD
between (112) and (111), whereas the dominant AM texture components have an STD
near (001). The PM-A DAGG orientations have an STD between (001) and (113),

whereas the dominant PM-A texture components have an STD near (111).
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Figure 6-20: Individual DAGG grain orientations overlain on 001, 101, and 111 pole
figures for the recrystallization textures of AM, PM-A, and PM-B from Figure 5-3.
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DAGG grains also prefer different LTD orientations in the each of the materials
studied. In the PM-B material, grains with an LTD corresponding to a majority texture
component are selected for DAGG, as shown in Figure 6-19. Both the PM-B DAGG
orientations and PM-B dominant texture components have an LTD near directions
between (101) and (102). Inverse pole figures are not available for the AM and PM-A
textures in the LTD. Therefore, as with the TLD, the full pole figures of Figure 6-20 are
again referenced for LTD texture information. The AM texture has components with
(001) and (101) in the LTD. AM DAGG grains have a preference for orientations with a
(112) LTD. Because a 112 pole figure is not available for the AM material, it cannot be
determined if AM DAGG grains are selected from a strong texture component. The PM-
A texture has components with (101) and (111) in the LTD. PM-A DAGG grains have a
preference for orientations with a (111) LTD, and therefore PM-A DAGG grains are
selected from texture component which is, at least, moderately intense.

The orientation preference for DAGG grains from a (101) fiber is independent of
material texture. Within the (101) fiber, different DAGG grains were selected in each
material. In the PM-B material, DAGG grains were selected from majority texture
components. In the AM and PM-A material, DAGG grains were selected from minority
texture components. Therefore, the hot deformation texture was not observed to have a

consistent effect on the orientations of DAGG grains.

6.4.2 SURFACE ENERGY

If DAGG initiates from grains on the free surface of the specimen, then the
relative free surface energies of different crystallographic planes could play an important
role in the DAGG phenomenon. The face of the tensile specimens contains the largest

surface area, and the short transverse direction (STD) is along that face normal. The
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crystallographic directions of DAGG grains are tightly clustered between (001) and
(111) in the STD inverse pole figure (Figure 6-17). If the free surface energies of (001)
and (111) planes, yoo1 and y;11, are substantially smaller than the free surface energy of
(101) planes, vi01, then interfacial free energy differences could explain the preferred
DAGG grain orientations in the STD. However, the values for these surface energies
calculated by density functional theory are similar: yo; = 3.84 J/mz, Yin =3.74 J/mz, and
Yio1 = 3.45 J/m? [54]. Therefore, the free surface energy is unlikely to have a significant

effect on DAGG grain orientation.

6.4.3 PLASTIC STRAIN: SINGLE SLIP

A DAGG grain must have the ability to easily accumulate plastic strain. The
stress drop associated with DAGG clearly indicates that resistance to flow decreases upon
transition from polycrystalline to monocrystalline forms. It is logical to expect that any
grain selected to be abnormal and grow through the DAGG process be one favorably
oriented for slip. For a review of strain and slip, see Section 3.2.

Consider slip in a single crystal. Crystals loaded along a (111) tensile axis are
resistant to plastic straining, while the (100) and (110) axes are softer orientations in a
bee metal. This is readily apparent from the Schmid factors of these orientations: 0.272
for (111) and 0.408 for both (100) and (110). Figure 6-21 plots lines of constant Schmid
factor over tensile loading direction on four inverse-pole-figures. Each figure considers a
different set of slip planes: (a) {110}, (b) {112}, (c) {123}, and (d) all slip planes
combined in an equally weighted average (i.e. Togss 1S assumed to be equal for all slip
system families, see Equation 3-5). This follows a similar analysis by Hosford [52, p.34-
42]. The trend in all of these figures is the same; orientations loaded away from (111) are

less resistant to slip and more prone to accumulate plastic strain. As such, we expect the
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orientations of DAGG grains to never have {111} planes orthogonal to the tensile axis.
Compare the DAGG grain orientations of Figure 6-17 with the Schmid factor contour
maps of Figure 6-21. There is an absence of orientations loaded along tensile loading
directions between (001) and (111). This absence of orientations includes the plastically
hard (111) tensile direction. Therefore, DAGG grains possess orientations which have a
low resistance to slip. However, this Schmid factor analysis does not explain the absence
of DAGG orientations in the plastically softer directions between (001) and (112). This
analysis only considered single slip. Multiple slip systems are likely active. Therefore,
the next section explores deformation from multiple slip systems possessing high Schmid

factors.
Tensile Loading Direction (TLD)

0.272- 111 0314 — 111

L —— / g
0.408 M 05 / //// 0.471 /”%&\ﬁ&&
001 101 0.408 001 101 0.471
(a) {110K111) (b) {112}(111)

0.471

001 101 0.463 00% 101 0471
(c) {123}111) (d) {1101111)

{123}(111)

{112K111)

Figure 6-21: Schmid factor values for different tensile loading directions, plotted on
inverse pole figures for three different bee slip systems and all slip systems combined in
an equally weighted average.
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6.4.4 PLASTIC STRAIN: MULTIPLE SLIP AND PLANE STRAIN

Plane strain deformation is simultaneous extension and compression in an

orthogonal pair of directions, respectively, with zero strain in the third orthogonal

direction:
—-d 0 0
Ae=10 0 O] (6-6)
0 0 d

where A¢ is an incremental addition to the strain tensor, —d is the compression, and d is
the extension.

DAGG grains may favor plane strain deformation during uniaxial tension because
of geometric constraints illustrated in Fig. 6-22. Once a DAGG grain grows across the
width of a specimen, further straining in the specimen occurs in plane strain deformation.
The logic behind this statement is as follows. Deformation primarily occurs in the DAGG
grain due to its lower resistance to plastic flow. As the DAGG grain elongates,
compatibility must be maintained at the interface between the polycrystal and DAGG
grain. Because the free surface of the DAGG grain is not constrained, compatibility
during elongation is most easily obtained through a reduction in thickness. This
deformation condition describes plane strain (er.p = —&srp; Exrp = 0) and is pictured
schematically in Figure 6-22 for (a) a DAGG grain which has grown across the width and
(b) a DAGG grain which has grown through the thickness of a specimen. In (a), the
DAGG grain and polycrystalline microstructure deform in parallel. In (b), the DAGG
grain and polycrystalline microstructure deform in series. In either case, plane strain

deformation is expected in the DAGG grain from compatibility constraints.
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(a) Plane strain deformation after growth of DAGG grain across the gauge width. DAGG grain
and polycrystalline microstructure deform in parallel. Harder polycrystalline microstructure
limits deformation of DAGG grain.

(b) Plane strain deformation after growth of DAGG grain through the gauge thickness. DAGG
grain and polycrystalline microstructure deform in series. Harder polycrystalline
microstructure does not deform, and constrains DAGG grain deformation only at its ends.
Plane strain deformation of the DAGG grain is encouraged by these ends constraints.

Figure 6-22: Schematics of plane strain deformation in a DAGG grain after (a) growth
across the width and (b) growth through the thickness.
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i[011]

Figure 6-23: Shape change in the cross section of a bec crystal loaded along [011] in
uniaxial tension. Plane strain deformation results: extension d occurs along [011],
compression —d occurs along [100], and zero strain d occurs along [011].

In body-centered-cubic (bcc) metals, a grain with a (110) tensile loading direction
(TLD) intrinsically favors plane strain deformation [36, p. 194-195, 55, p. 157].
Appendix B considers a bcc crystal loaded along [011] in uniaxial tension. Plane strain
deformation results from this loading, extension d occurs along [011], compression —d
occurs along [100], and zero strain occurs along [011], as shown schematically in Figure
6-23. DAGG grains oriented with (110) || TLD and (100) || STD may deform through
plane strain by slip on only four independent slip systems, as is mathematically
demonstrated through the calculation supplied in Appendix B. Therefore, PM-B DAGG
grains and some PM-A DAGG grains, which exhibit a (100) || STD, likely deform
through plane strain by this process. However, all other orientations rotated about the
(110) || TLD do not fulfill plane strain when these four slip systems alone are considered.
Therefore, additional slip systems would be necessary to achieve plane strain in the AM
DAGG grains and some PM-A DAGG grains, which exhibit a STD between (100) and
(111). The expected ease of pencil glide at these elevated temperatures is consistent with
the activation of such additional slip systems. Thus, the need to achieve plane strain

deformation may be one contributing factor to the selection of DAGG grain orientations.

91



6.5 Chapter Summary

(1) DAGG occurs in several molybdenum materials with different microstructures. The
presence of DAGG is insensitive to a specific texture or microstructure. Prior to DAGG
initiation, molybdenum exhibits power-law creep behavior typical of a polycrystalline

metal.

(2) The minimum temperature for DAGG in PM-B is between 1450 °C and 1550 °C. This
is in good agreement with the minimum temperature for PM-A, which is between 1440

°C and 1540 °C.

(3) The critical strain for DAGG initiation decreases with increasing temperature:

Temperature Average Critical Strain, .5
1550 °C 0.25
1450 °C 0.16
1800 °C 0.02

4) For the same temperature and strain-rate, the critical strain varies significantly (£40%
p ) g y

for a 95 percent confidence interval) between multiple tests.

(5) Since the tensile direction was perpendicular to the sheet rolling direction in PM-B,

elongated grains from the primary recrystallized microstructure become more equiaxed

during hot deformation.
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(6) Substructure developed during creep of the polycrystalline microstructure prior to

DAGG. This substructure is retained during unloading and cool down.

(7) Minimal texture development occurred in the PM-B material at a true plastic strain of

0.15 after tensile deformation at 1650 °C and 107

(8) Preferred orientations of DAGG grains come from a (101) fiber texture with a short
transverse direction which spans (010) to (111). Each material exhibited a different
preferred short transverse direction:

{111}(101)) AM DAGG grains

{121}((101)) PM-A DAGG grains

{010}((101)) PM-B DAGG grains

(9) The preferred DAGG orientations are not consistently from a minority or majority

component of the primary recrystallization texture.
(10) {010}(101)) PM-B DAGG grains are preferred orientations. These orientations

intrinsically fulfill the plane strain deformation condition in the specimen, once a DAGG

grain has grown across the gauge width.
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7 DYNAMIC ABNORMAL GRAIN GROWTH

The growth of DAGG grains was studied from the halt specimens described in
Chapter 6. This chapter examines the shape of arrested DAGG grains in the halt

specimens and reports on the boundary migration rates of DAGG and SAGG.

7.1 DAGG Grain Morphology

Approximately half of DAGG grains observed did not grow through the thickness
of the halt specimens. That is, these grains were restricted to only one surface, front or
back, of the sheet material and are hereafter referred to as surface grains. The other half
of DAGG grains did grow through the sheet thickness of the halt specimen and are
hereafter referred to as thickness grains. Examples of each type of grain are shown in
Figure 7-1: (a) a surface grain and (b) a thickness grain. In this figure, the front and back
faces of two PM-B halt specimens tested at =10 s™ and T=1650°C were macroetched.
Note that in (a) the DAGG grain is visible on the front of the specimen but not the back,
while in (b) the DAGG grain is visible on both sides. Cross sections were then taken of
the DAGG grain: the A-A cross sections are optical photomicrographs normal to the
LTD, and the B-B cross sections are optical photomicrographs normal to the TLD. These
photomicrographs clearly show that the DAGG grain in (a) is a surface grain, and the
DAGG grain in (b) is a thickness grain.

The prevalence of surface grains produced in DAGG halt experiments indicates
that surface growth of the DAGG grain is preferred. Indeed, the surface grain in (a) has a
large TLD/STD aspect ratio of 23:1; this was measured after the removal of 200 pm from
the thickness by polishing during metallographic preparation. This large aspect ratio
suggests that DAGG grain growth is either strongly promoted in the TLD and/or strongly

retarded in the STD in this specimen. A preference for surface growth is demonstrated
94



even in the thickness grain in Figure 7-1(b). This grain has an “hourglass™ shape, as is
shown in the A-A view of Figure 7-1(b); long arms of the unconsumed polycrystal extend
into the DAGG grain at the midplane of the sheet thickness. This indicates that dynamic
abnormal growth occurs more readily at the surface, and the interior of the thickness

grain must be “dragged” along.

Front Back
@ - @O N e - (
19 mm

(a) surface grain

(b) thickness grain

Figure 7-1: Two different halt tests of PM-B tested at £&=10" s™ and T=1650°. The front
and back of the specimens are shown, along with cross sections A-A (LTD normal) and
B-B (TLD normal): (a) surface grain and (b) thickness grain. The front surface is upward
in cross sections A-A and B-B.
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One possible explanation for the preferred surface growth is a through-thickness
texture gradient, which has been reported in the following bcc refractory metals: 4 to 6
mm tantalum plate [56, 57], 0.7 mm niobium sheet [58], and Nb-V sheet [59]. The
texture in these materials has a gradient from (001) || ND near the surface to (111) || ND
near the centerline, although it is not always pronounced [60]. If such a gradient exists in
the 0.76 mm PM-B sheet, grains with a (111) || ND on the sheet centerline may be more
difficult to consume. Data are not available to test this hypothesis for the Mo materials in
this investigation, and this hypothesis must be left to future investigations.

Other possible explanations for surface growth during DAGG are now discussed.
The preference for growth of DAGG grains along the specimen surface suggests that the
free surface may also be important for DAGG initiation. Surface effects are traditionally
considered for abnormal grain growth only in thin films. Humphreys lists two
mechanisms related to surface effects on abnormal grain growth: (1) normal grain growth
inhibition due to thermal grooving and (2) a driving force from the difference in free
surface energy of neighboring grains [1, p. 377]. However, both of these mechanisms
apply only when the grain sizes are of the order of the sheet thickness. The material
studied in the present investigation is not a likely candidate for either mechanism; PM-B
has a grain size of approximately 20 pm and a sheet thickness of 762 um. Therefore, the
preference for surface growth in DAGG must result from a distinctly different
mechanism or microstructural effect. Potential mechanisms for surface-preferred growth
are as follows:

(1) If a grain intersects the free surface, it has fewer neighboring grains on

average. The number of triple and quadruple points at its boundaries is reduced.

Therefore, the boundaries of surface grains may have a higher mobility.
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(2) If the rate of boundary migration during DAGG is enhanced through plastic
strain accumulation, the free surface of a surface grain may serve as a source/sink

for dislocations. A model of this mechanism will be developed in Chapter 8.

Microstructure away from the specimen surface suggests specific possibilities for
the mechanism by which DAGG occurs. The grain-boundary curvatures between the
polycrystal and DAGG grain are consistent with a boundary-curvature driving force for
boundary migration. The boundaries of normal grains bulge outward into the DAGG
grain. Since boundaries move toward their centers of curvature, these shapes indicate
consumption of the polycrystalline microstructure by the DAGG grain. Furthermore,
these observations suggest that the driving force for boundary migration in DAGG is
grain boundary curvature. Grain boundary curvature, the primary driving force for static
normal grain growth (SGG) and static abnormal grain growth (SAGQ), is related to the

reduction in grain boundary area [19].

7.2 DAGG Growth

Once a DAGG grain initiates, it rapidly consumes the entire gauge length of the
Mo tensile specimen. As previously noted by Ciulik, the drop in flow stress observed in
these tests is associated with the initiation and growth of an abnormal grain in the
microstructure. Ciulik halted four different specimens at different points along the flow
stress drop in the PM-A material, as seen in Figure 3-1 [5]. Microstructures from these
halt tests indicate that the size of the DAGG grain increases as the flow stress drops.
Once the drop in flow stress bottoms out (the minimum is reached), one or more DAGG

grains occupy the entire gauge length, [,.

97



7.2.1 BOUNDARY MIGRATION RATE

The DAGG boundary migration rate, vp4¢q, can be estimated by measuring the
time required for the flow stress drop, At:

Vpace = d/At, (7-1)
where d is the distance traveled by a DAGG grain boundary. This distance can vary,
depending on where the DAGG grain initiates. If the DAGG grain initiates in the middle
of the gauge length, then d = [, /2, but if the initiation occurs at either end of the gauge
length, then d = [,. Therefore, the DAGG boundary migration rate is bounded within

measureable values as:

lo lo
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Figure 7-2: Stress-strain curve for strain to failure test of PM-B at £&=10 s and T=1650°
and the time duration associated with the DAGG drop.
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The stress-strain curve of a strain-to-failure test at £&=10 s™ and T=1650°C of
PM-B is shown in Figure 7-2. In this test, the DAGG drop occurs over At = 120 s, and
the gauge length of the specimen is [, = 2.54 cm; therefore the DAGG boundary
migration rate is bounded as follows: 0.64 < vpsse < 1.28 cm/min at é=10* s and
T=1650°C in the PM-B material. Note that this is much faster than the fastest SAGG
boundary migration rates of 0.017 cm/min (1 cm/hr) reported in Fe-Si [14].

The DAGG boundary migration rate may be compared to other solid-state crystal
growth processes via SRX/SAGG, most notably the Fujiwara method [61, 62]. In this
“strain-anneal” process, a fully-annealed metal is pre-strained (under cold deformation)
past the critical strain for static recrystallization. The metal specimen is then slowly
inserted into a furnace with a steep temperature gradient, such that a new grain(s) will
nucleate on the leading edge of the specimen. As the specimen travels into the furnace,
these “leading grains” grow into the cold-deformed microstructure along the steep
temperature gradient. These grains can grow to be quite large in size. Single crystals of
up to 15 cm were grown in commercial-purity Al by the Fujiwara method, and grains of
centimeters in size were similarly grown in an Al-Mg alloy [63]. However, the entry rate
of the specimen into the furnace, Ventry, is limited by the nucleation of new grains in the
cold-deformed microstructure behind the temperature gradient. If Vepgry 18 too fast, new
grains will nucleate in the cold-deformed microstructure before the grains already
growing arrive. This growth does not fit the traditional definition of classical SRX nor
SAGG. The cold-deformed microstructure is consumed as in SRX; however, only a few,
select grains grow, and this aspect is similar to SAGG. Accordingly, growth during the
Fujiwara process may be considered as SAGG with an additional deformation energy
driving force. For pure Al, the fastest ventry sSuccessfully used in the Fujiwara method is

approximately 0.17 cm/min, although rates of 0.03-0.07 cm/min are more typical, at a
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furnace temperature of 550°C [61]. These furnace entry rates for Al are approximately an
order of magnitude slower than the DAGG boundary migration rate in Mo. Although a
comparison of two different metals, single crystals can be produced faster in Mo at
0.66Ty through DAGG than in Al at 0.88Ty through the method of Fujiwara, which
might be considered representative of the fastest type of SAGG. Thus, the rate of grain-
boundary migration under DAGG is clearly much faster than even the fastest rates

previously demonstrated by other phenomena.

7.2.2 PLASTIC STRAIN ACCUMULATION

The rate of boundary migration in DAGG correlates with plastic true strain
accumulation across the flow stress drop, Aep. The following is an original analysis of
data from the work of Ciulik [3]. The temperature at which the majority of data are
available across a DAGG stress drop (nine specimens tested) is 1540°C. For the PM-A
and AM materials tested at 1540°C, the Aep during the DAGG stress drop is 0.015 with a
Clys of £0.008. The average strain accumulation during the DAGG stress drop in just the
five PM-A specimens tested at 1540°C is 0.014 £ 0.004. Strain rate, including rates from
2x107 to 10™* s™', has no apparent effect on these values. Thus, the time accumulated
over each drop, t = Aep /€, varies from approximately 100 to 800 s, depending on the
strain rate.

This analysis of the DAGG stress drop strongly indicates that propagation
distance of the DAGG front, the boundary of the abnormal grain, along the coupon gauge
length is primarily a function of accumulated plastic strain, not time. This is in stark
contrast to SAGG, for which boundary migration distance is a strong function of time at
temperature. This result is consistent with recent simulation-based predictions of Holm

and co-workers that particle pinning is not effective at preventing growth of abnormal
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grains [64]. It is of note that the strain accumulation during the DAGG stress drop
decreases to approximately 0.005 + 0.002 in the PM-A material when temperature is
increased to 1640°C; three PM-A specimens were tested at this temperature over strain
rates from 2 x 107> to 10™*s™". This indicates that DAGG boundary mobility increases
with increasing temperature, as does the temperature dependence of the critical strain for
DAGG initiation. These results are not surprising, as mobility is expected to have an
Arrhenius dependence upon temperature, generally (Equation 3-3). Plastic straining
during DAGG acts to increase average boundary mobility to such an extent that boundary
migration distance is a direct function of plastic strain accumulation.

Note that the polycrystalline material is more resistant to plastic straining (i.e. has
a much higher flow stress) than the DAGG grain. Therefore, plastic true strain
accumulation primarily occurs in the DAGG grain, not the unconsumed polycrystal.
Furthermore, the plastic strain accumulation is not a measure of stored defect density in
the DAGG grain. Dislocations may annihilate through climb or emission at the free
surface of the DAGG grain. As a result, plastic strain accumulation is necessarily a
measure of defects generated during the flow stress drop, not those retained. A model for

the effect of plastic strain accumulation on boundary mobility is developed in Chapter 8.

7.3 Static Anneals of Halt Specimens

Several PM-B halt specimens which contained DAGG-initiated grains were
subsequently statically annealed at T=1650°C, the same temperature used to produce
DAGG in these specimens during the mechanical halt tests. The purpose of these
experiments was to determine if SAGG would occur in DAGG-initiated grains, i.e., if an
abnormal grain initiated through DAGG, would it continue to grow under SAGG? A total

of six specimens were statically annealed for varying lengths of time, as summarized in

101



Table 7-1. Specimens B and F underwent a second static anneal. All DAGG grains were
indexed using Laue X-ray diffraction, which helped to identify thickness grains and
surface grains. For example, X-ray diffraction data proved that the grains visible on the
front and back faces of specimen E, Figure 7-7, have two different orientations; these
comprise two surface grains, not a single thickness grain. Microstructures produced by
this series of anneals are shown in Figures 7-3 through 7-8.

Static abnormal grain growth occurred in specimen, F, as is shown in Figure 7-8,
and possibly specimen D, as is shown in Figure 7-6. It should be emphasized that SAGG
did not occur in the other four specimens. Thus, SAGG does not regularly occur for
DAGG-initiated grains. The crystal orientations of the DAGG grains in specimen F and
D are not special within the larger group of DAGG grains orientations from the six
specimens. In the following, we explore why only one out of all the DAGG grains

subjected to static annealing grew significantly under SAGG.

Static Abnormal

Specimen DAGG-initiated Grains Anneal Grain Growth?
A 1 thickness grain 10 min No
. . 10 min No
B 1 thickness grain 30 min No
C 1 surface grain 20 min No
D 1 surface grain 20 min Maybe
E 2 surface grains 30 min No
. . 60 min Yes
F 1 thickness grain 60 min No

Table 7-1: List of static anneals on DAGG-initiated grains.
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Figure 7-4: Specimen B: 10 min static anneal, followed by a 30 min static anneal at
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Figure 7-3: Specimen A: 10 min static anneal at 1650°C. One thickness DAGG grain.
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Figure 7-5: Specimen C: 20 min static anneal at 1650°C. One surface DAGG grain.
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Figure 7-6: Specimen D: 20 min static anneal at 1650°C. One surface DAGG grain before

anneal.
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In specimen F, a thickness grain consumed the entire gauge length by SAGG over
60 min at 1650°C. The growth did not extend into the grip region, even after a second 60
min anneal. The cessation of abnormal growth at the grip region is also characteristic of
DAGG. Therefore, a fundamental difference must exist between the hot deformed
microstructure of the gauge length and the statically annealed microstructure of the grip.
As noted previously in Chapter 6 for the PM-B material, grains become more equiaxed in
the hot-deformed region. However, this change in grain aspect ratio occurred in all
specimens, A through F; therefore, it is an unlikely source for the SAGG observed in
specimen F. Rather, the development of substructure in the hot deformed microstructure
is a more likely source. Some of this substructure is retained after the halt specimens are
cooled and unloaded; note the substructure shown in the EBSD images of Figure 6-13.
Therefore, this residual substructure is initially present during the static annealing of the
halt specimens. Substructure represents stored deformation energy, which can provide an
additional driving force for grain-boundary migration. If stored deformation energy is
important in the SAGG of a DAGG-initiated grain, then it is probably important in
DAGG as well. Since growth of the abnormal grain stopped at the boundary of the gauge
and grip regions, the actual time required for SAGG to reach this final state in specimen
F is not known, other than it must be no longer than the duration of the first anneal. Thus,
only a lower bound of SAGG boundary migration rate can be calculated for specimen F:
Vsage = 0.021 cm/min.

In specimen D, a small SAGG grain appears to have initiated and grown on the
back side of the specimen. This abnormal grain appears from an apparently
polycrystalline surface after a 20-min static anneal, However, an undetected abnormal
grain could have existed near this surface prior to annealing. For example, thickness

removal from polishing may have exposed an existing abnormal grain. If the abnormal
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grain was produced by SAGG, then a lower bound can be placed on the boundary
migration rate; only a lower bound can be calculated because it is not known at what time
initiation occurred during the static anneal. This lower bound for SAGG boundary
migration rate can be estimated from the exposed grain area, A = 0.17 cm’, and annealing

time, ¢ = 20 min. The abnormal grain is approximately circular; therefore, the growth

. . . A .
distance is the radius, d = r = \/A/m, such that vg4cc = \/;/t = 0.012 cm/min.

No SAGG was observed in specimens A, B, C, and E, i.e. vgy;; = 0. These
specimens included both surface grains and thickness grains and had annealing times
from 10 to 30 min. It is important to note that if deformation of these specimens was not
intentionally halted, but they were instead strained until DAGG completion, the abnormal
grains would have undoubtably grown throughout the entire gauge lengths of the
specimens. Therefore, SAGG appears to only infrequently occur in DAGG-initiated
grains. If SAGG does occur, its boundary migration rate is approximately one order of

magnitude slower than for DAGG.

7.4 Chapter Summary

(1) DAGG grains preferentially grow, and likely initiate, along the specimen surface.

(2) The boundary migration rate of DAGG in molybdenum is in the range of 0.64
to 1.28 cm/min. This migration rate is generally two orders of magnitude faster than rates
for SAGG reported in the literature for other metals. SAGG did not generally occur in
static anneals of DAGG-initiated grains. SAGG must involve a lower boundary mobility
or a lower driving force than DAGG, or both. Accordingly, boundary migration during

SAGG in molybdenum is slower than during DAGG.
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(3) One DAGG-initiated abnormal grain did grow via SAGG. This grain only consumed
the hot deformed microstructure and growth stopped at the strain-free microstructure in
the specimen grip. Therefore, stored deformation energy is a likely driving force for the
consumption of the microstructure in SAGG. Because stored deformation energy
promotes SAGQG, it is likely that it also promotes DAGG. The boundary migration rate

during SAGG in this specimen is at least 0.021 cm/min.

(4) The boundary migration distance is a direct function of plastic strain accumulation
during DAGG. Accumulation of plastic strain drives the flow stress drop, which

corresponds to migration of the boundary during DAGG.

(5) A decreasing critical strain, €-p, and a decreasing plastic strain accumulation, Agp,

with increasing temperature indicate that DAGG boundary mobility is temperature

dependent.
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8 DAGG MECHANISM

Dynamic abnormal grain growth requires plastic straining for initiation and

growth. Indeed, it is this aspect of DAGG which distinguishes it from SAGG. The

following summarizes the differences between DAGG and SAGG in the PM-B material:

(1) DAGG grains initiated during tensile tests (10™*s™) at 1650°C and 1800°C.
SAGG grains initiated during static anneals on/y at 1800°C. Therefore, DAGG
initiation occurs at lower temperatures than SAGG initiation.

(2) DAGG grains initiated after straining for 3 to 5 min during tensile tests (10* s
') at 1800°C. SAGG grains initiated at annealing times between 120 and 570
min at 1800°C. Therefore, DAGG initiation requires a much shorter
incubation period than SAGG initiation at the same temperature.

(3) Abnormal grains, which were initiated and grown through DAGG, did not
generally grow through SAGG (i.e. static conditions) at the same temperature,
1650°C. Therefore, DAGG requires dynamic plastic strain for boundary
propagation.

(4) For 1800°C, the largest DAGG grains had a length of 2.5 cm (i.e. the
specimen gauge length), and the largest SAGG grains had a length of 0.5 cm.

These differences indicate DAGG is produced by a mechanism involving plastic

strain. Plastic strain reduces the incubation period for initiation during DAGG as

compared to SAGG. Furthermore, plastic strain accelerates growth of the abnormal

grains; many abnormal grain boundaries were observed to only propagate under dynamic

conditions. DAGG is enhanced over SAGG by either an additional driving force and/or

greater boundary mobility.
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8.1 Initiation

During plastic straining, the microstructure evolves into a state which is more
favorable to abnormal grain initiation. DAGG initiation occurs at lower temperatures and
at shorter incubation times than SAGG initiation. Microstructural features which evolve
during plastic straining include grain shape, crystallographic texture, and stored
deformation energy. DAGG grains initiated during either transient creep or steady-state
creep. Grains elongate and rotate during both transient creep and steady-state creep.
Stored deformation energy increases during transient creep and remains constant during
steady-state creep. The following discussion concerns the role of grain elongation, texture
evolution, and stored deformation energy in DAGG initiation.

Grain elongation does not cause DAGG initiation. PM-B specimens were
machined transverse to the rolling direction (T orientation), and PM-A specimens were
machined along the rolling direction (L orientation). Accordingly, the aspect ratio of
grain size, dyrp / dpp, decreases in PM-B specimens and increases in PM-A specimens.
Because both materials exhibit DAGG, an increase or decrease in dirp / drip does not
correlate with DAGG initiation.

Texture evolution (i.e. grain rotation) in the microstructure does not cause DAGG
initiation. A very small critical strain, ;.5 = 0.02, was observed for DAGG initiation at
the highest test temperature of 1800°C. A critical strain of 0.02 at 1800°C allows no
significant texture evolution, as indicated in Section 6.2.3. Therefore, texture evolution
does not induce DAGG initiation because significant grain rotation is not necessary for
DAGG initiation.

Although it may play some role in DAGG initiation, increasing stored

deformation energy does not cause DAGG initiation. In the high-temperature tensile
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tests, flow stress is used to indicate stored deformation energy in the microstructure prior
to DAGG initiation. Hardening occurs (i.e. flow stress increases) due to an increase in
dislocation density and the development of subgrains. Note that true strain is not used as
a measure of stored deformation energy because defects introduced by plastic strain are
removed through dynamic recovery. Flow stress increases during transient creep. As the
microstructure approaches steady-state conditions, the hardening rate decreases until the
flow stress is constant. In PM-B specimens at 1800°C, DAGG grains initiate during
transient creep. In PM-B specimens at 1650°C, DAGG grains generally initiate during
steady-state creep. Thus, increasing stored deformation energy is not a cause of DAGG
initiation. Stored deformation energy may be a necessary condition for DAGG initiation,
but it is clearly not a sufficient condition.

Grain elongation, texture evolution, and increasing stored deformation energy do
not cause DAGG initiation. Therefore, some other microstructural feature which evolves
during plastic straining causes DAGG initiation. One such feature may be the average
grain boundary mobility. In a later section, 8.2.3, we propose that plastic straining
increases average grain boundary mobility. While additional experimentation is necessary
to prove or disprove this hypothesis, an increase in the average grain boundary mobility

could cause DAGG initiation due to the unpinning of boundaries from particles.

8.2 Growth

Initiation involves the selection of a particular grain for DAGG in the
microstructure. Once a DAGG grain is selected, rapid growth occurs through the
propagation of its boundary. The rapid boundary propagation rate during DAGG could be
attributed to (1) a greater driving force on grain boundaries and/or (2) an enhanced

mobility of grain boundaries.
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8.2.1 DRIVING FORCES

Grains grow under a boundary curvature driving force. Plastic straining may
provide additional driving forces on grain boundaries. Possible additional driving forces
during DAGG are stored deformation energy and stress-assisted boundary migration
(SABM). This section discusses the potential of these driving forces to cause the rapid
boundary migration observed during DAGG. The shape of the DAGG front is consistent
with a boundary curvature driving force, as discussed in Chapter 7. Therefore, if
additional driving forces operate during DAGG, their magnitude is likely not
significantly greater than that of the boundary curvature driving force.

Stored deformation energy is competitive with boundary curvature at sufficiently
high defect densities, as shown in Table 1-2. Stored deformation energy is retained in the
deformed microstructure after a halt test, as shown in the EBSD micrograph in Figure 6-
13. If stored energy in the deformed microstructure drives boundary propagation, then
growth of a DAGG-initiated grain should continue under static conditions. As discussed
in Section 7.4, six halt specimens were statically annealed to test this possibility. DAGG-
initiated grains did not grow via SAGG except for Specimen F. The abnormal grain
consumed the entire deformed microstructure (gauge region) but did not extend into the
undeformed microstructure (grip region) in Specimen F. Therefore, stored deformation
energy likely promoted consumption of the deformed microstructure in Specimen F.
However, five of the six specimens in these experiments exhibited DAGG-initiated
abnormal grains which did not grow via SAGG. The stored deformation energy density in
these specimens was insufficient for SAGG.

Stress-assisted boundary migration (SABM), as illustrated schematically in Figure

8-1, has been observed in bicrystals where an imposed stress drives boundary motion.
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This phenomenon has been the subject of recent publications [65-69] and is now

addressed with respect to DAGG.

grips

boundary 1'—03d

bicrystal Figure 8-1: Schematic of stress-assisted
boundary migration illustrating boundary
grips motion driven by an imposed stress.
boundary
\

1 Load

bicrystal

Motion of the boundary causes the bicrystal to change shape, that is, a strain is
produced. Therefore, the driving force for this phenomenon is provided by energy
dissipation W from boundary motion:

W= [ode>0, (8-1)
where o is the applied stress and ¢ is the strain produced in the bicrystal. SABM does not
accurately describe the observed DAGG phenomenon for the following reasons:

(1) Compatibility constraints exist at grain boundaries in a polycrystalline
material, such as the molybdenum studied in the present investigation.
Therefore, it is highly unlikely the strain produced by SABM of a boundary
for one abnormal grain would be consistent with compatibility at the

boundaries of all its surrounding neighbors. Note that this is not an issue with
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the bicrystals of SABM experiments that dominate the literature, where free
surfaces can deform arbitrarily.

(2) Boundary motion requires the dissipation of energy. It is statistically
improbable that the every grain from the polycrystal consumed during DAGG
would produce strains that dissipate energy for a DAGG boundary moving in

only one direction.

8.2.2 MOBILITY MODEL

It is proposed that plastic straining during DAGG acts to increase average
boundary mobility such that boundary migration distance is a direct function of plastic
strain accumulation. The following mechanism is proposed as a potential explanation of
boundary migration during DAGG. Assume a regular array of sites, such as a dispersion
of particles, which can normally pin grain boundaries against migration under static
conditions. These sites are separated by an average distance [. When on a boundary,
stress will concentrate at these pinning sites as the boundary attempts to migrate, such as
when a boundary driving pressure, P, occurs from boundary curvature [30]. Further,
assume that this local stress concentration will produce dislocations at a rate R
dislocations produced per site per unit time. Finally, assume that after a certain number of
dislocations are ejected from a pinning site on the boundary, the boundary will be
released to migrate to the next pinning site, an average distance of [ away. The rate of
boundary unpinning is then proportional to the dislocation generation rate, R, through a
constant of proportionality, a, where 1/a is the average number of dislocations ejected
from one site to unpin the boundary. Boundary unpinning is expected to involve
thermally activated processes, which are not specified in the present model, and aR is

expected to depend on temperature. Because unpinning and subsequent boundary
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migration to the next pinning site are sequential processes, reaction rate theory dictates
that the slowest of these will tend to control the average rate of boundary motion.
Consider the case in which unpinning is much slower than migration between pinning
sites. In this case, the usual relation for average boundary migration rate, v = MP
(Equation 3-2), is only useful if the average mobility, M, can be calculated. This is a
difficult challenge. Instead, consider the average boundary migration rate as related to the

rate of unpinning by dislocation generation, @R, and site spacing,

v =aRl. (8-2)
For migration of a DAGG boundary, dislocations generated at pinning sites must
travel through the DAGG grain because of its significantly lower resistance to plastic
flow than the polycrystalline material it consumes. Thus, unpinning is directly related to
plastic strain accumulation in the DAGG grain. Each dislocation can slip through the
DAGG grain to a distance at which it is no longer significant to the moving boundary,
effectively annihilating or actually annihilating, such as at a free surface. Define a
characteristic length, w, such that the average area swept out by a dislocation through the
DAGG grain before annihilation is A = wl. The density of dislocation sources, which are
pinning sites on the boundary, within the DAGG grain is then M = /(wl?), where B is
a constant related to the geometry of slip. From creep theory [70-72], the strain rate in the
DAGG grain is,
¢ = RAMD , (8-3)

where b is the magnitude of the Burgers vector. Solving for R produces,

_ & _
R=1. (8-4)
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The average rate of DAGG boundary migration into the polycrystalline
microstructure, from this rate of geometrically-necessary dislocation generation at

pinning sites, is then,

2
v= ‘;—lbé . (8-5)

Integration over time reveals the average DAGG boundary migration distance, X,

to be linearly proportional to plastic strain accumulation,

%= ‘;—l:s . (8-6)

This predicted dependence of boundary migration distance on plastic strain is
consistent with the experimental observations. The predicted dependence of boundary
migration rate on the spacing of pinning sites suggests that boundary pinning during
DAGG may be different from boundary pinning that prevents normal grain growth;
compare behaviors of the AM and PM materials, which have very different resistances to
normal grain growth but similar boundary migration rates during DAGG. Testing the
dependence of v on [ predicted by this model will, however, require significant further
experimental study.

An important result of this model is that plastic strain accumulation is required for
boundary migration, through the increased mobility it causes. Once the DAGG grain
penetrates into the grip region, the material at that boundary will no longer accumulate
plastic strain. This can explain why DAGG grains do not extend significantly beyond the
gage region of tested specimens. While SAGG in specimen F did not extend beyond the
gage region because of a driving force requiring strain energy, this may be only the case
for SAGG. Thus, strain energy is not necessarily a significant driving force for DAGG,

although it may play some role in the overall driving force. It is more likely that the
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limitation of DAGG grains to the specimen gage length is a function of strain-assisted

mobility, as described by the above model.

8.3 Chapter Summary

Dynamic plastic strain is necessary for both the initiation and growth of abnormal
grains during DAGG. Abnormal grains do not initiate or necessarily grow under static
conditions in the same material. The driving forces during DAGG are boundary
curvature, and possibly, stored deformation energy. It is proposed that the mechanism
behind DAGG depends upon a mobility which is enhanced by plastic strain
accumulation. A boundary mobility model governed by the rate of unpinning and spacing

of pinning sites is proposed to explain an increase in the average boundary mobility.
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9 CONCLUSIONS

(1) Dynamic Abnormal Grain Initiation: Plastic strain accumulation must occur in the
microstructure prior to DAGG initiation. DAGG initiation is not controlled by grain
elongation, texture evolution, or stored deformation energy. Abnormal grains either 1.
initiate sooner via DAGG than via SAGG at higher temperatures or 2. initiate via DAGG

and do not initiate at all via SAGG at lower temperatures.

(2) Dynamic Abnormal Grain Growth: DAGG grain boundary propagation is a direct
function of plastic strain accumulation in the microstructure. The drop in flow stress
during DAGG is associated with the transition of the microstructure from polycrystalline
to single-crystal forms (i.e. propagation of the DAGG front). These flow stress drops
occurred over the same plastic strain interval at a constant temperature despite the strain-

rate. DAGG grains prefer to grow, and likely nucleate, at the surface of the specimen.

(3) DAGG Grain Orientation: DAGG grains exhibited a preference for orientations from
a (101) fiber about the tensile direction, such that: {111}((101)) AM DAGG grains
grew from a cube recrystallization texture {010}((101)), rotated 20° clockwise about
STD; {121}((101)) PM-A DAGG grains grew from a vy-fiber ({111} || STD)
recrystallization texture; and {010}((101)) PM-B DAGG grains grew from a cube
recrystallization texture {010}(101)). The preferred orientations are not consistently
from majority or minority components of the primary recrystallization texture. The
{010}((101)) PM-B DAGG grains have an orientation which readily produces the plane

strain deformation state required by a DAGG thickness grain.
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(4) DAGG Boundary Migration Rate: The rate of DAGG boundary migration in
molybdenum is 0.64 — 1.28 cm/min at 1650 °C. Generally, SAGG was not observed in
DAGGe-initiated abnormal grains at 1650 °C. Therefore, SAGG has a lower mobility or
driving force than DAGG, and DAGG is significantly faster than SAGG. DAGG is one to

two orders in magnitude faster than SAGG observed in other metals and alloys.

(5) Driving Forces: The driving forces for DAGG are stored deformation energy and
boundary curvature. However, stored deformation energy as an additional driving force is
not solely responsible for the rapid growth of DAGG. Rather, the mechanism behind

DAGG depends upon a mobility which is enhanced by plastic strain accumulation.

(6) Mobility Model: A boundary mobility model was developed which predicts the
experimentally observed linear dependence of DAGG boundary migration distance on
plastic strain accumulation. In this model, boundary motion is assumed to be controlled
by the rate of boundary unpinning, as mediated by the emission of dislocations from the

pinning sites. Additional investigation is necessary to confirm or reject this model.
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10 RECOMMENDATIONS FOR FUTURE WORK

DAGG is a scientifically interesting phenomenon which requires additional
investigation. The following recommendations provide an experimental outline for future
researchers

(1) Grow DAGG grains to completion during tensile tests over a larger range of
strain-rates (10™ s to 107 s™). The purpose of these tests is to observe the effect
of faster strain-rates, as well as to provide additional data to test the mobility
model outlined in Section 8.2.2.

(2) Conduct a Transmission Electron Microscopy (TEM) study of the hot deformed
molybdenum to characterize pinning particles and deformation substructure.

(3) Test thicker specimens, if thicker sheets (or plates) of molybdenum are available.
Thicker specimens may help eliminate some surface effects, and thicker single-
crystals may be produced for fundamental property studies. If plate material can
be found, uniaxial compression tests at elevated temperature might also be
performed to test for the occurrence of DAGG during compression.

(4) Test other body-centered-cubic metals or alloys for DAGG: niobium, tantalum,
tungsten, a-iron, and Fe-Si alloys. It would be especially beneficial to observe
DAGG in a-iron or Fe-Si because the phenomenon could be characterized at
lower test temperatures and the dynamic microstructure could be conceivably

quenched.
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Appendix A

Li1ST OF ACRONYMS

AM Arc-Melted (Ciulik Sheet)

AGG Abnormal Grain Growth

CDRX Continuous Dynamic Recrystallization
DAGG Dynamic Abnormal Grain Growth
DDRX Discontinuous Dynamic Recrystallization
DGG Dynamic (Normal) Grain Growth
DRV Dynamic Recovery

DRX Dynamic Recrystallization

EBSD Electron Backscatter Diffraction

GBS Grain Boundary Sliding

GDRX Geometric Dynamic Recrystallization
IGA Instrumental Gas Analysis

IPF Inverse Pole Figure

LTD (Specimen) Long Transverse Direction
ND (Sheet) Normal Direction

ODF Orientation Distribution Function

oM Optical Microscopy

PF Pole Figure

PM-A Powder Metallurgy (Ciulik sheet)
PM-B Powder Metallurgy (Worthington sheet)
RD (Sheet) Rolling Direction

SABM Stress-Assisted Boundary Migration
SAGG Static Abnormal Grain Growth

SEM Scanning Electron Microscopy

SGG Static (Normal) Grain Growth

SRV Static Recovery

SRX Static Recrystallization
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STD
TD
TEM
TLD
UTS
XRD
XRF

(Specimen) Short Transverse Direction
(Sheet) Transverse Direction
Transmission Electron Microscopy
(Specimen) Tensile Loading Direction
Ultimate Tensile Strength

X-Ray Diffraction

X-Ray Fluorescence
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Appendix B

The following calculations demonstrate that a bee crystal in sheet form is loaded
along a (101) tensile direction deform under plane strain through slip on only four slip
systems if (100) is normal to the sheet surface. Consider a crystal loaded in a [011]
tensile direction. Slip occurs in the (111) direction on {110}, {112}, and {123} planes.
Slip has been reported for {110} and {112} planes in molybdenum, where {110} is
preferred at elevated temperatures and {112} is preferred at low temperatures [31]. Let us
initially only consider slip on {110} planes. The maximum Schmid factor m is 0.408 for
four slip systems: 1. (110)[111], 2. (T101)[111], 3. (110)[111], and 4. (101)[111]. Let
us label these slip systems as Set A. The eight remaining {110}(111) slip systems have
an m of 0 and are not active. The plastic strain states produced by Set A are calculated

with Equation 3-10:

—0.408 0  —0.204]
Erysta™® =v1| 0 0.408 0.204 |,

[—0.204 0.204 0
[—0.408 —0.204 0

Ecrystal(z) =1y, |—0.204 0 0.204] ,

L0 0.204 0.408
—0.408 0 0.204

£crystal<3) =73 [ 0 0.408 0204] , and
0.204 0.204 0

—0.408 0.204 0
§crystal(4) =7v4| 0.204 0 0.204
0 0.204 0.408

These slip systems are independent from each other (see Section 3.2.2). The axes for the

crystal reference frame are x; = [100], x; = [010], and x; = [001].
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A [011] fiber reference frame is now defined with axes x;’ = [100], x,’ = [011],

and x3" = [011] || TLD. The matrix R describes rotation from the crystal reference frame

to the [011] fiber reference frame:

10 0
R=|[0 -1/V2 1/V2 (6-7)
0 1/¥V2 1/V2

where gfjper = &crystazBT. Therefore, slip systems produce the following strains in the

[011] fiber reference frame:

—0.408 0.144 —0.144
riper® =y1| 0144 0 0204 |,

—0.144 0.204 0.408
—0.408 -0.144 —0.144]

ffiber(z) =Y2 [—0.144 0 —0.204

—-0.144 -0.204 0.408
—0.408 -0.144 0.144

Efiver) = V3 [—0.144 0 0.204] ,and

0.144 0.204 0.408
—0.408 0.144 0.144]

ffiber(4) = VYa [ 0.144 0 —0.204
0.144 —-0.204 0.408

Five independent slip systems are necessary to produce an arbitrary strain state. The
strain component €z, is zero in Eriper ™V, Eriper @, Efiper ™), and gpiper . Therefore, &,,
is not an independent strain component. The four independent slip systems produce an R*

solution space of strain states

4 €11 €12 513]

— i) —
Efiber_solutionspace = Z Efiber() = [812 0 €23
i=1 €13 €&23 Tén1

We can solve for shear strains y; which produce a uniaxial tensile strain. In a uniaxial

. 1
tensile test, £1,=€13=6,3=0 and £;1=€5,=— 5 €33

—0.5d 0 0
Euniaxial_tension = 0 —-0.5d 0
0 0 d
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However, this strain state cannot be produced by the slip systems in Set A. Strain states
produced by Set A always have an &, strain component of zero. Therefore, the BCC

crystal under uniaxial tension must deform through plane strain:

—-d 0 0
Euniaxial_tension = Ae=10 0 O
0 0 d

Compression occurs in the [100] direction, the [011] direction has zero strain, and
extension occurs in the [011] || TLD. This plane strain deformation is pictured
schematically in Figure 6-23 for a cross section parallel to (011). Solving for shear

strains y; of the four independent slip systems for plane strain deformation:

Y1 e e, g3 gy W - Agqq
V2| _ e1@ e, £ £ Agq,
V3 €13 £, £, £,® Agis|
YVa e @ e, @ £,® g, @] L&y
V1 —0.408 0.144 —0.144 0.204 1 '1—d
Y2| _ [-0.408 —-0.144 -0.144 -0.204 0
V3 —0.408 -0.144 0.144 0.204 0
Va —0.408 0.144 0.144 —0.204 0
y1 = 0.612d
v, = 0.612d
Y3 = 0.612d °
v = 0.612d

Now, let us consider slip on {112} and {123} planes. For {112} planes, m is
0.471 on four slip systems, 0.236 on eight slip systems, and zero on twelve slip systems.
For {123} planes, m is 0.463 on four slip systems, 0.309 on four slip systems, 0.154 on
four slip systems, and zero on twelve slip systems. None of these slip systems are
independent from the four {110} slip systems with an m of 0.408. Therefore, slip on

{112} and {123} planes produces the same R* solution space of strain states £, that slip
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on {110} produces. A different set of active slip systems which includes slip on a {112}
plane will now be considered. The slip system (211)[111] has a m of 0.471. If the
(TlO)[lll] slip system from Set A is replaced with (211)[111], then the strain

produced by slip system 1 is
—-0.471 0 -0.167

Eiver P =y 0 0 0
—0.167 0 0.471

Let us keep slip systems 2, 3, and 4 the same and refer to this new set of independent slip
systems as Set B. Solving for shear strains y; of the four independent slip systems for

plane strain deformation:

Y1 —0.471 0 —0.167 0 1'r-d
V2| _ [-0.408 —0.144 —0.144 -0.204 0
Y3 —0.408 —0.144 0.144 0.204 0
Ya —0.408 0.144 0.144 —0.204 0

y1 = 1.061d

Y. =0
vs = 0.612d -
ve = 0.612d

If the critical shear stress is assumed to be the same for all active slip systems, the
slip systems of Set B may be preferred over the slip systems of Set A. This is because
slightly less incremental work, dw = t Y}|dy;| [73, p. 127], is expended by slip in Set B
than Set A. The summation Y |y;| is 2.28d in Set B and 2.48d in Set A. In either case,

plane strain deformation conditions exist during uniaxial tensile deformation.
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