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Over the past several decades there has been significant progress in

electronic structure theory, statistical sampling algorithms and computational

resources which can be leveraged to calculate fundamental properties of ma-

terials and estimate rates of relevant chemical reactions. In the following

dissertation, I use computational methods to address the materials problem of

a sustainable energy future.

Energy storage technologies have played a vital role in the mobile-

technology revolution and the transition to utilize more sustainable energy

sources; however improvements to the energy density, charge/discharge rate,

and safety of rechargeable batteries are needed to realize the ambitious goals of

fully electric vehicles and on-grid storage in areas with intermittent, renewable

power sources. Li-ion batteries, in general, have a potential to fulfill these

demands. In the following work, a new, high energy density electrode material
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with little capacity loss is considered. Additionally, the complex interaction

between an electrode/electrolyte model system is considered in a potential

dependent computational framework.

Having a sustainable energy future also means utilizing energy-efficient

processing in industrial scale applications. Separation processes use roughly

12% of all energy consumed in the United States due to energy-intensive ther-

mal separation techniques. A final study looks at an alloy catalysts for the

separation of ethylene from ethane/ethylene mixtures. A unique selectivity

property was discovered that may help design catalysts to replace thermal

separation of gases.
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Chapter 1

Introduction

If I have seen further,

it is by standing on the shoulders of giants. -Issac Newton

This dissertation is a collection of works I completed during my Ph.D

studies in theoretical chemistry at the University of Texas at Austin under the

supervision of my adviser, Graeme Henkelman. The primary focus of my re-

search is to characterize atomic-scale properties of materials for application in

energy storage and other technologies which have the potential to steer society

into a sustainable energy future. As a theorist, I understand properties on the

atomistic scale as isolated systems, but the applications to relevant technolo-

gies are orders of magnitude larger in scale and complexity. Collaborations

have been a major theme in my work and have provided me a space to work

on projects with more scope and depth than I could have imagined alone.

The chapters each address a different material problem. The first chap-

ter focuses on an experimental collaboration with Duck Hyun Youn, Penghao

Xiao, Charles Mullins, Yejin Nam, and Adam Heller of the University of Texas

at Austin and Hunmin Park of Pohang University of Science and Technology

characterizing an improved high-capacity anode material for Li-ion batteries.
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The second chapter focuses on an independent work characterizing the lithia-

tion of a model anode material, Li1+xTi2O4. The third chapter focuses on a

theoretical collaboration started at the Institute of Pure and Applied Math-

ematics of the University of California, Los Angeles with Linas Vilčiauskas,

previously at New York University, developing a computational framework for

potential-dependent processes at the interface of an electrode and electrolyte.

The final chapter focuses on a second experimental collaboration with Michael

Gammage, Michael Becker, John Keto, and Desiderio Kovar of the University

of Texas at Austin investigating the reason for improved catalytic potential of

a metal alloy nanoparticle film used for efficient separation of ethane/ethylene.

The world’s energy consumption is predicted to rise several-fold during

this century. The environmental effects of burning fossil fuels and industrial-

scale production of consumable goods are a reality that will need to be man-

aged to maintain our healthy, prosperous and vibrant Earth. It is becoming

apparent that there is not a single solution or technology that will reverse

the detrimental environmental impacts of post-industrial revolution boom of

green house gas emissions. There is potential to meet the worlds growing en-

ergy needs by developing diverse energy resources from renewable, fossil fuel

and nuclear sources. As well, the use of conservation practices and improved

inefficiencies of energy-intensive processes will help curb the projected energy

demands in unanticipated ways.

Materials science holds a special place in the broader picture of a sus-

tainable energy future. The field has increasingly combined efforts of experi-
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mentalists and theorists to develop and understand new materials. In the best

cases, these efforts create a feed-back loop of discovery and design (experimen-

tal) and understanding and prediction (computational) [2].

1.0.1 Li-ion batteries

Energy storage technologies will be essential to take advantage of the

diverse energy portfolio on the grid-scale as well as in individual households

in the form of stored solar/wind energy and electric vehicles. Electronics

technology has advanced rapidly over the past several decades. The digi-

tal processors doubled their performance nearly every two years keeping up

with the prediction known as Moore’s Law. Unfortunately, electrical energy

storage technologies have not seen comparable gains apart from a handful of

breakthroughs, such as the discovery and commercialization of Li-ion batteries

which eventally spawned the mobile electronics revolution [3]. Improvements

to the energy/power densities, charging rates, safety and cost of rechargeable

batteries are needed in order to keep up with the increasing power of portable

electronics, to develop fully electric vehicles and to implement grid energy

storage units in areas with intermittent solar and wind power sources. Li-ion

batteries, in principle, have a potential to fulfill most of these demands, how-

ever the future developments require a much better understanding of electrodes

and electrolytes as well as their interactions which limit their performance.

Li-ion batteries are comprised of three fundamental components: cath-

ode, anode and electrolyte. Presently, standard Li-ion batteries use transition
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metal oxide cathodes, graphitic anodes and electrolytes containing inorganic

Li salts dissolved in small molecule organic liquids. In certain situations, the

electrolytes can react with electrode surfaces and the reaction products may

form a stable layer known as solid electrolyte interphase (SEI) [4]. On one

hand it protects the electrode and electrolyte from further reactions during

the battery cycling, but on the other hand it often leads to capacity loss,

kinetic limitations and subsequent safety concerns.

1.0.1.1 High-Capacity Anodes

Electrodes which have a higher capacity than graphite such as alloy-

ing group IV elements and transition metal sulfides have attracted significant

attention. Group IV alloying electrodes (S, Ge, Sn) have roughly an order of

magnitude more capacity than graphite anodes but are plagued by capacity

fade due to significant volume change which leads to pulverization and loss

of electrical contacts. Transition metal sulfides have shown to have moderate

increases in capacity compared to graphite and do not suffer from the same

capacity fading problems as group IV electrodes.

In the first chapter, I investigated the improved performance of SnSx

Li-ion battery anode, which was motivated by the experimental work of D.

H. Youn et. al. Tin sulfides (SnS and SnS2) have been the focus of several

previous studies, but there have not been any which directly compare their per-

formances. In their initial reduction half-cycle, they are irreversibly converted
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to Li2S and Sn:

(SnSx + 2 xLi+ + 2xe− → Sn+ xLi2S, x = 1, 2)

and only Sn is actively participating in the charge/discharge process. In prac-

tice, SnS2 has a lower theoretical capacity than SnS because twice the amount

of non-cycling Li2S is formed, however SnS2 retains a higher capacity upon

cycling. The Li2S nano-domains buffer part of the stress associated with the

expansion/shrinkage of the lithiation/de-lithiation of Sn, slowing the capacity

fade compared to that of pure Sn [5]. Using a combination of electrochemical

analysis and density functional theory (DFT) modeling, we show the amount

of non-active support matrix, Li2S, is a good indicator of capacity retention

over repeated cycling.

1.0.1.2 Lithiation of Li1+xTi2O4

There has been a significant amount of research dedicated to the end

members of the cubic spinel solid solution Li1+xTi2−xO4 where 0 ≤ x ≤ 1/3

as anode materials. First of all, they operate well above the voltage of elec-

trolyte decomposition resulting in virtually no SEI formation. Furthermore,

they are almost “zero-strain” materials, showing minimal volume (<2%) and

structural changes upon Li intercalation. All this results in low initial capacity

loss, excellent cyclability (Coloumbic efficiency >95% even at high rates) and

long battery lifetime [6]. Interestingly, LiTi2O4 and its fully lithiated phase

Li2Ti2O4 are metallic unlike the analogous Li-doped Li3Ti5O12 which is in-

sulating before lithiation. In regards to practical application, LiTi2O4 shows
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comparable charge capacity to transition metal oxide cathodes making it a

suitable anode for commercial ∼2 V batteries [7].

In the second study of my dissertation, I focus on the LiTi2O4 spinel

phase as a model system for modeling electrochemical processes related to

lithium intercalation. To date, there has not been a study of surface lithiation

which demonstrates the origination and propagation of a lithiated phase in the

Li1+xTi2O4 system. We study the surface stability along the major symmetry

planes and atomistic energetic details of lithiation in Li1Ti2O4 using DFT.

Therein we employ a slab in vacuum model and neglect the interfacial effects

of electrolyte. Low index surfaces are found to be highly reactive with Li and

form the fully lithiated phase (Li2Ti2O4) before Li penetrates farther into the

bulk.

1.0.1.3 Theoretical framework for potential dependent delithiation

The structure and properties of SEI are strongly dependent on the

type of electrode/electrolyte interface and the stage/conditions of battery op-

eration, both of which are still under heavy debate among different research

groups [8]. However, it is not only the composition and structure of SEI which

are not completely known but it also leads to a very limited understanding of

Li+ interactions and behavior at the Li-ion battery interfaces [9–15].

In the third chapter, I present the results of a long collaboration with

Linas Vilčiauskas. We propose a computationally cheap, theoretical framework

to calibrate calculated potential difference to an electrode potential scale for
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the delithation of Li2Ti2O4 by combining several previous approaches [16–20].

First, the effects of an applied potential are incorporated into a thermodynamic

cycle to find the surface charge density when the system is in equilibrium. At

the equilibrium state, the system is at the known open-circuit voltage, which

provides a means to calibrate the potential of an electrode/electrolyte system

to an experimentally known voltage. This gives us an effective scale to per-

form further computational studies under realistic electrochemical conditions.

In the second part, we employ the newly calibrated computational electrode

model to study the mechanism and associated energetics of lithium deinterca-

lation as a function of electrode potential from the Li2Ti2O4 anode.

1.0.2 Energy efficient gas separations

The leading consumer of energy in the United States is the industrial

sector and half of that consumption is used for separation processes such as

distillation [21]. Fractional distillation is widely used for separating ethylene

from a cracked gas mixture. This process occurs under high pressure and low

temperature, thus making it expensive and energy intensive [22–24]. Given

the proportionally large fraction of energy consumption used for distillation

processes, significant energy savings are possible by improved separation tech-

nologies.

7



1.0.2.1 Ethylene binding to Au/Cu alloy nanoparticle films

Weak chemisorption of ethylene has been shown to be an important

characteristic in the use of metals for the separation of ethylene from ethane.

It has been proposed that selective, permeable membranes could be used to

separate ethylene from the cracked gas mixture at a far reduced energy cost

[22, 23]. Polymer membrane designs have been proposed that utilize Ag(I) and

Cu(I) complexation with olefins to enhance separation of gas mixtures; how-

ever, the metal ion-olefin complexes are unstable in air, which limits their use

in industrial settings [25]. Embedding metallic nanoparticles with a precisely

tuned binding energy of ethylene into the polymer membranes would offer im-

proved stability and selectivity of ethylene over ethane compared to aqueous

salt-based membranes [26–28].

In the final study presented in my dissertation, the binding energies

of ethylene to Au and Au/Cu alloys are studied. I use DFT to calculate the

binding energies, of ethylene to Ag, Au, Cu, and Au/Cu alloys. The bind-

ing energies of ethylene to metal surfaces is correlated to the C=C vibrational

frequency, ν(CC), which is measured experimentally. It is inferred from exper-

iments that the binding energy between a Au/Cu alloy and ethylene is lower

than to either of the pure metals, and DFT calculations confirm this as Au

segregates to the particle surface. Implications of this work suggest that it

may be possible to further tune the binding energy with ethylene by composi-

tional and morphological control of films produced from Au-surface segregated

alloys.
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Chapter 2

Li-ion battery with improved performance

SnSx alloying anodes

Composites of nitrogen doped reduced graphene oxide (NRGO) and

nanocrystalline tin sulfides were synthesized and their performance as lithium

ion battery anodes was evaluated. Following the first cycle the composite

consisted of Li2S/LixSn/NRGO. The conductive NRGO cushions the stress

associated with the expansion upon lithiation of Sn. The non-cycling Li2S

increases the residual Coulombic capacity of the cycled anode because (a) Sn

domains in the composite formed of unsupported SnS2 expand only by 63%

while those in the composite formed of unsupported SnS expand by 91% and

(b) Li percolates rapidly at the boundary between the Li2S and LixSn nano-

domains. The best cycling SnS2/NRGO-derived composite retained a specific

capacity of 562 mAhg−1 at the 200th cycle at 0.2 A g−1 rate.

2.1 Introduction

Transition metal sulfides are considered as promising anode materials

to replace the current graphite anode due to their higher capacity through con-

version and alloying reaction [29–31]. The sulfides of tin, SnS and SnS2, are in-
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tensively studied as electroactive components of Li-ion battery anodes [30, 32].

In their initial reduction half-cycle, they are irreversibly converted to Li2S and

Sn (SnSx + 2 xLi+ + 2xe− → Sn + xLi2S, x = 1,2); at the relevant potentials,

only Sn is lithiated/delithiated. Consequently the theoretical Coulombic ca-

pacity of unsupported SnS is 782 mAhg−1 and that of unsupported SnS2 is 645

mAhg−1. In practice, it is the lower theoretical capacity SnS2 of which twice

the amount of non-cycling Li2S is formed that retains a higher Coulombic ca-

pacity upon cycling. When homogeneously dispersed, the Li2S nano-domains

buffer part of the stress associated with the expansion/shrinkage of the lithi-

ation/delithiation of Sn, slowing the fading of capacity versus that of pure Sn

[5], though often insufficiently to prevent eventual failure by pulverization.

Because the stress relaxation of nanostructured composites is faster

than that of composites of substantial crystalline domain size and the diffu-

sion distance of lithium ions into nanocrystallites is shorter, the nanocrystalline

SnS and SnS2 show the enhanced cycling performance and rate capability than

large-grained tin sulfide materials [33, 34]. Combining the nanocrystalline tin

sulfides with high specific surface area carbon blacks, CNTs or graphene pro-

vides electronic conductivity and reduces the volume-change associated stress

by additionally reducing the volume-fraction of the cycling nanocrystalline Sn

[35, 36]. Thus the nanostructured SnS-graphene and SnS2-graphene compos-

ites cycle particularly well at high rates [37–41].

However, comparison of electrochemical performances between orthorhom-

bic SnS and hexagonal SnS2 as LiB anode materials is rare [42]. Thus, a con-
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trollable synthetic method is used to make unsupported and nanostructured

SnS- and SnS2- with nitrogen doped reduced graphene oxide (NRGO) compos-

ites and compare their performances in LiBs. Electrochemical performances

of SnS, SnS2, SnS/NRGO and SnS2/NRGO for LiB anode are systematically

compared and the reasons for the performance differences in SnS versus SnS2

were elucidated using computational simulations. Duck Hyun Youn et. al.

go on to show the nanostructured NRGO composites provide additional cy-

cling stability, which is a result of NRGO providing a substrate to prevent

aggregation and improved electrical contact [43].

2.2 Experimental motivation

Electrodes made with unsupported SnS2 and SnS were galvanostati-

cally cycled at 0.2 Ag−1 rate, between a constant lower potential limit of 0.01

V versus Li+/Li and an also constant upper potential limit of 1.30 V. The volt-

age profiles of the 1st, 2nd, 10th, 50th, and 100th cycles of the four electrodes

are shown in Figure 2.1. The first discharge and charge capacities of the SnS2

were 1677 and 569 mAhg−1 corresponding to the initial Coulombic efficiency of

34% (Figure 2.1a). The low initial efficiency (ca. 30%) of the SnS2 electrodes

was previously reported [44], which was mainly ascribed to the initial irre-

versible lithium consumption and formation of the solid electrolyte interphase

(SEI). The plateaus at ca. 1.2 V and below 0.5 V during the first discharge

scan correspond to the decomposition of SnS2 (into Sn and Li2S) and the for-

mation of Li-Sn alloys, which is consistent with the previous report [45]. And,
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the generated Li2S matrix during the first discharge remained throughout the

following cycles as an inactive buffer layer surrounding Sn domain [46]. The

gradual decrease in the capacity of the SnS2 was observed with a capacity

of 370 mAhg−1 at 100th cycle. For the SnS electrode, the first discharge and

charge capacities are 950 and 478 mAhg−1 with the initial Coulombic efficiency

of 50% (Figure 2.1b). The plateau at ca. 1.25 V and below 0.5 V during the

first cathodic scan represents the reduction of SnS (into Sn and Li2S) and the

SEI formation [32]. The SnS shows a rapid capacity decay with a capacity of

151 mAhg−1 at 100th cycle, exhibiting poorer cycling stability compared to

the SnS2 electrode.

Figure 2.1: Potential dependence of the specific capacity of the a) SnS2, b)
SnS, c) SnS2/NRGO and d) SnS/NRGO.
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The 200th cycle capacities at 0.2 Ag−1 are 297 and 75 mAhg−1 for the

SnS2 and SnS, respectively. In contrast, the capacity of the SnS electrode

fades, dropping from above 530 mAhg−1 at 10th cycle to 394 mAhg−1 for

the SnS. The capacity of the unsupported SnS2 electrode also fades, dropping

from 576 mAhg−1 at 10th cycle to 509 mAhg−1 at 60th cycle. For both the

electrodes, Li2S derived from the decomposition of the tin sulfides is an inert

phase in present cut-off voltage range and thus it might play a role as a buffer

matrix to restrain the growth of LiSn alloy during lithiation and delithiation

cycles [32]. In fact, metallic Sn without the Li2S phase faded rapidly in 100

cycles due to the volume expansion and the subsequent pulverization [47]. This

observation implies that compared to the metallic Sn electrode, the prepared

SnS and SnS2 electrodes showed better cycling stability by the aid of the Li2S

matrix.

2.3 Computational model of non-cycling Li2S and LixSn

The basin-hopping algorithm [48] was used to find low energy struc-

tures starting from random configurations of SnSx + Li, (x = 1, 2) as well as

global minima consisting of sandwiched Sn and Li2S layers. Supercells were

constructed with eight unit cells of SnSx, (x = 1, 2) and were allowed to relax

in all degrees of freedom for each nominal amount of Li added.

Ab-initio molecular dynamics (MD) was run to estimate the realtive

diffusion rate of Li in amorphous xLi2S+Li3.5Sn and Li3.5Sn and to search for

Li hopping mechanisms in a Li2S+Li3.5Sn cell sandwich configuration. A time-
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step of 2 fs was used for the integration and the temperature was controlled by

velocity rescaling every 20 time-steps. Simulation cells for each 2 Li2S+Li3Sn,

Li2S+Li3Sn, and Li3Sn, were thermally equilibrated to 600 K for 20 ps then

20 sample configurations were saved along the trajectory and used for inde-

pendent MD simluations. MD was run for 35 ps at 600 K and the mean

squared displacement was calculated for each trajectory. The mean squared

displacements of Li for all 20 samples were averaged for the final result. MD

was run at 450 K for 40 ps to equilibrate and then 10 ps for data collection.

Configurations along the 10 ps trajectory were minimized after subsequent Li

hopping events and the nudged elastic band method (NEB) was used to find

energy barriers along the transition pathway [49, 50].

All energies were calculated with DFT as implemented in the Vienna ab

initio simulation package (VASP)[51]. The projector-augmented wave frame-

work was used to describe the core electrons [52]. Valence electrons were

described by single-electron Kohn-Sham wave functions [53, 54] that were ex-

panded in a plane-wave basis set up to a kinetic energy cutoff of 260 eV during

basin-hopping searches and 333 eV for relaxations of the minima forming the

convex hull construction. The generalized gradient approximation with the

Perdew-Burke-Enzerhof (PBE) functional was used to describe electronic cor-

relation and exchange [55]. Gaussian-type smearing with a width of 0.05 eV

around the Fermi level was used to improve convergence. All systems were op-

timized to their ground-state geometry until the forces on each atom were less

than 0.01 eV/Å. The Brillouin zone was sampled Γ-point for basin-hopping
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and a 3×3×3 Monkhorst-Pack grid of k points for final relaxations and the

NEB calculations.

2.4 Computational Results and Discussion

To better understand the cause of the difference between the perfor-

mances of SnS and SnS2 electrodes, the role of non-cycling Li2S, the fraction

of which is twice as much in anodes made with SnS2 than in anodes with SnS,

was computationally simulated. Upon lithiation, both SnS and SnS2 initially

form Li2S via the strongly exoergic reactions of Eqs. 2.1 and 2.2.

Li +
1

4
SnS2 −−→

1

2
Li2S +

1

4
Sn ∆E = −1.74 eV (2.1)

Li +
1

2
SnS −−→ 1

2
Li2S +

1

4
Sn ∆E = −1.58 eV (2.2)

As mentioned earlier, twice as much Li2S per Sn is formed in SnS2 as compared

to SnS; its greater amount in the SnS2 anode buffers the volume expansion

of 63% as compared to 91% in SnS for the subsequent cycles in which only

the Sn component is active for lithiation (Figure 2.2) [56]. The improved

cycle performance seen in SnS2 is consistent with the consensus linking volume

change to capacity fade in alloy systems, eg. Si, Ge, and Sn, via cracking and

pulverization of the active material [57, 58]. Because of the stability of Li2S,

i.e. its large Gibbs free energy of formation, only Sn is electrochemically

active at potentials of less than 1.5 V versus Li+/Li. The thermodynamics

does not teach by itself, the structure of the Li2S formed [32, 42, 45]. To
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Figure 2.2: Calculated relative volume changes in the first lithiation half-
cycles of SnS (blue) and SnS2 (red) for basin hopping structures (symbols) and
the stoichiometry (lines). The annotated values indicate the relative volume
change of each material in the second and subsequent cycles where only the
Sn component is active.

identify the stable structures produced in the reactions of Eqs. 2.1 and 2.2,

we performed calculations of supercells with the stoichiometry of (Li2S)x +

Sn, x = 1, 2. The structures were globally optimized using the basin-hopping

Monte Carlo algorithm, allowing for optimization of all atomic and cell degrees

of freedom. Two starting structures were used in the global optimization,

amorphous Li2S and crystalline Li2S, combined with LixSn with increasing x.

The lowest energy, i.e. most stable configurations, contained layers of Li2S

and Sn in a sandwich structure. The formation energies of the amorphous and

sandwiched structures were calculated as,
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Eformation =
ELixSn−Li2S − yESnSz − xELi

y + x
(2.3)

ELixSn−Li2S = ELixSn+Li2S − yzELi2S

where z = 1 indicates SnS and z = 2 indicates SnS2 stoichiometric equivalents.

All sandwich structures were lower in energy than their amorphous counter-

parts and thus form the convex hull shown in Figure 3.1a. The amorphous

structures of two charging states at the initial (BH1) and final (BH2) low

energy configurations are shown in Figure 3.1b.

The change in configuration along the basin-hopping relaxation from

BH1 → BH1‘ and BH2 → BH2‘ shows that Sn preferentially forms domains

with no sulfur neighbors in its first coordination shell. With sufficient sam-

pling, we expect that basin-hopping would eventually find the ordered struc-

tures with domains of Sn sandwiched Li2S (Figure 2.4b). Interestingly, the

amorphous and ordered structures of the same Li concentration have a similar

volume showing that the volume buffering from the Li2S phase is insensitive

to crystalline Li2S formation. For simplicity, further calculations of lithiation

are based on the most stable crystalline Li2S-Sn sandwich structure.

Voltages between states of charge in the sandwiched Sn structure were

calculated based on the formation energies along the convex hull; the voltage

profile is plotted in Figure 2.4a. Owing to the interface between Li2S and Sn,
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Figure 2.3: a) The convex hull formed of structures with Sn sandwiched be-
tween crystalline Li2S layers. The amorphous structures above the hull are
thermodynamically unstable. b) Structures showing that Sn segregation is
favorable. Green spheres are Li+; yellow are S2−; and grey are Sn.

the voltage corresponding to the reaction in Eq. 2.1 is 1.51 V, lower than the

bulk limit, 1.74 V. The following capacity beyond Li/Sn = 4 is reversible for the

2nd and subsequent cycles. The calculated voltage profile is in good agreement

with experiment (Figure 2.1). We have shown the most stable configuration

of the Li + SnSx, x = 1, 2, is similar with Sn domains sandwiched between

Li2S (Figure 2.4b). From these results, the difference between the SnS and the

SnS2 is expected to be due to the different quantities of Sn supported by the
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Figure 2.4: a) Calculated voltage profiles of the 1st and 2nd lithiation cycles
of the SnS2 b) The sandwich structures along the convex hull determining the
voltage profile. Green spheres are Li+; yellow are S2−; and grey are Sn.

Li2S matrix. Half of the Li2S per Sn is formed for the SnS as compared with

the SnS2, and the Sn domains in SnS suffer from a greater relative volume

expansion, and thus lower cycling stability.

The mean squared displacement of Li was calculated from 35 ps tra-

jectories and averageed over 20 samples for each stoichiometric configuration.

We find the difference in Li diffusion is similar for stoichiometric amounts of

2 Li2S+Li3Sn and Li2S+Li3Sn (Figure 2.5) and both systems show faster Li
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Figure 2.5: Average mean squared displacement of Li in 2 Li2S+Li3Sn (red),
Li2S+Li3Sn (green), and Li3Sn (blue). Molecular dynamics simulations were
carried out at 600 K for 35 ps.

diffusion than in Li3Sn. There was not a significant difference in overall dif-

fusion of Li for systems containing any amount of Li2S, therefore the ratio of

Li2S to Sn does not play a substantial role in the diffusion at atomic scales.

Previous studies of analogous SnO2 electrodes have found the performance as

Li-ion battery anode was dependant on the initial domain size of SnO2 and

resulting domain size of active Sn after Li2O irreversibly formed [59]. The key

failure mechanism in these studies was fracture, originating predominantly in

Li-Sn, when two dissimilar lattice volumes of Li-Sn stable phases are formed

during cycling following a two-phase mechanism [59, 60]. With decreasing do-

main size, Li-Sn stable phases are not formed, suppressing two-phase lithiation.

The cyclability and rate performance of SnS2 versus SnS seen experimentally

is then likely a result of differences in the size of Sn domains which were mea-
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Figure 2.6: Mechanism of Li+ diffusion (a) for a < 0.1 eV barrier at the
Li2S/Li3.5Sn interface and (b) for a 0.3 eV barrier within a Li3.5Sn crystallite.
Blue spheres and red arrows show exemplary Li+ paths.

sured experimentally to be sub- to micrometer diameters, respectively. We

argue, therefore, that the presence of Li2S matrix increases the cycling stabil-

ity of the Sn anode by supporting the Sn in domains, buffering the volume

expansion, and reducing crack formation and failure in the Sn component.

From Figure 2.5, we find the presence of Li2S promotes Li diffusion and

results in significant increase of the rate compared to systems of pure LixSn.

Mechanisms resulting in the increased Li diffusion were explored. Starting

from a sandwiched Li2S+Li3.5Sn structure, we explored possible mechanisms

for Li diffusion using molecular dynamics (MD) at 450 K. Several diffusion

events involving one or multiple Li atoms were found over the course of a 10

ps trajectory. The reaction mechanisms were categorized as either occurring

at or away from the Li2S/Li3.5Sn interface. In all hopping events, Li diffusion

was initiated from sites where Li-S and/or Li-Sn bonding was frustrated by

either over- or under-coordination. Low Li diffusion barriers < 0.1 eV were
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found at the Li2S/Li3.5Sn interface whereas larger barriers, ≈ 0.30 eV, had to

be overcome for Li diffusion in the Li3.5Sn phase. In all high barrier mecha-

nisms, there was a concerted motion of multiple Li atoms. Examples of these

low and high barrier mechanisms are shown in Figure 2.6. From these simula-

tions we conclude that facile Li diffusion is achieved primarily by multiple fast

hops along the Li2S/Li3.5Sn interface with slower diffusion through the Li3.5Sn

domain. In contrast to a pure Li-Sn system, which has hopping barriers of

0.45 eV, Li diffusion in the Li2S+LixSn system is expected to be significantly

faster.

2.5 Conclusion

The non-cycling Li2S and nitrogen-doped reduced graphene oxide (NRGO)

substrates are of essence for the capacity retention of Li-alloyed/de-alloyed Sn

nanoparticle electrodes. As earlier recognized, they reduce the volume-fraction

of the lithiated/delithiated tin, they limit the mechanical stress associated

with the expansion upon lithiation and shrinkage upon delithiation. They

have, however, also other essential functions. NRGO sheets not only improve

the electronic conductivity, but are substrates on which non-aggregating SnS

and SnS2 nanocrystals form. Electrolyte-accessible, i.e. Li+ accessible, non-

aggregating electroactive Sn nanoparticles form when NRGO-supported SnS

and SnS2 nanocrystals are electroreduced. The Li2S-nano domains not only

prevent excessive stress, but form with the Sn nanodomains interphases in

which lithium percolates rapidly. For these reasons, SnS2 which provides twice
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the Li2S provided by SnS, cycles better; and NRGO massively improves the

cycling of both SnS and SnS2. The winner is consequently NRGO supported

SnS2. When cycling at a specific rate of 0.2 A g−1 , it retains at the 200th

cycle a Coulombic capacity of 562 mAhg−1 only slightly less than its 10th cycle

capacity of 597 mAhg−1.

2.6 Acknowledgments

This work was done as a collaboration between Dr. Charles Mullin’s

experimental group including Duck Hyun Youn, Hunmin Park, and Yejin Nam

and Dr. Henkelman’s computational group including Penghao Xiao. This

work was supported by the Welch Foundation through grants F-1131 (AH),

F-1841 (GH), and F-1436 (CBM). Computational resources were provided by

the Texas Advanced Computing Center.

23



Chapter 3

Li1Ti2O4 anode thermodynamic states

Surface lithiation pathways for Li1+xTi2O4 were explored using density

functional theory (DFT). Low index surfaces are found to be highly reactive

with Li and form the fully lithiated phase (Li2Ti2O4) before Li penetrates

farther into the bulk. The activation energy to form Li2Ti2O4 at the surface

is 0.28 eV compared to 0.70 eV for a single Li to diffuse through Li1Ti2O4,

which suggests a two-phase lithation process occurs during cycling.

3.1 Introduction

There has been a significant amount of research dedicated to the end

members of the cubic spinel solid solution Li1+xTi2−yO4 where 0 ≤ y ≤ 1/3 as

anode materials. First of all, they operate well above the voltage of electrolyte

decomposition resulting in virtually no SEI formation. Furthermore, they are

almost “zero-strain” materials, showing minimal volume (<2%) and structural

changes upon Li intercalation. All this results in low initial capacity loss, ex-

cellent cyclability (Coulumbic efficiency >95% even at high rates) and long

battery lifetime [6]. The end members, namely Li1Ti2O4 and Li3Ti5O12 show

only slightly different capacities (respectively ∼161 mAh g−1 vs. ∼175 mAh
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g−1) [7] but differ significantly in terms of their electronic structure (respec-

tively metallic and insulating). Nevertheless, these materials show comparable

charge capacities to transition metal oxide cathodes making them suitable an-

odes for even commercial ∼2 V batteries [7]. Although, much more work has

been dedicated to the more stable and easily synthesized Li3Ti5O12, in this

study, we focus on the LiTi2O4 spinel phase as a model system.

To date, there has not been a study of surface lithiation which demon-

strates the origination and propagation of a lithiated phase in the Li1+xTi2O4

system. We study the surface stability along the major symmetry planes and

atomistic details of lithiation in Li1Ti2O4. Therein we employ a slab in vacuum

model and neglect the interfacial effects of electrolyte.

3.2 Methods

All calculations were performed using the DFT as implemented in

VASP [51]. Core electrons were treated using the projector augmented wave

method [53] and valence electron orbitals were expanded in a plane-wave basis

set with a plane-wave kinetic energy cutoff of 400 eV. Electronic exchange-

correlation terms were calculated within the generalized gradient approxima-

tion using the PBE functional [55]. All reported calculations were spin po-

larized. Partial occupancies were treated by the Methfessel-Paxton method

with 0.1 eV smearing at the Fermi level. K-point meshes were automati-

cally generated using the Monkhorst-Pack scheme and the density of k-points

was converged to less than 1 meV/atom. All systems were optimized to their
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ground-state geometry until the forces on each atom were less than 0.01 eV/Å.

Converged lattice constants for Li1Ti2O4 and Li2Ti2O4 are a=8.3625

and a=8.2835 Å, respectively, in good agreement with experiment [61]. Bulk

simulation cells were constructed with 1×1×1 and 1×1×3 unit cells for calucu-

lations of density of states and formation energies, respectively. Basin-hopping

with occasional swapping was used to find low-energy configurations of peri-

odic Li1.5Ti2O4 [48].

Slabs were constructed along high symmetry planes with 14 Å of vac-

uum and the lower 4.0 Å of atoms were frozen in bulk lattice positions unless

otherwise stated. The NEB method[49] was used to find Li migration path-

ways and barrier energies and for instances when the transition state was not

converged after NEB, the dimer method was used to converge the transition

state [62].

3.3 Results and Discussion

Li1+xTi2O4 cycles between 0 ≤ x ≤ 1 (Eq. 3.1) and has been shown to

be unstable when cycled below Li1Ti2O4 [63]. The Li1Ti2O4 spinel crystallizes

in a cubic lattice with Fd3̄m space group. Each unit cell is comprised of

eight stoichiometric units, with Li occupying tetrahedral 8a sites and Ti and

O occupying 16d and 32e sites, respectively. The TiO6 framework has O-Ti-O

angles skewed from 90◦ which stabilizes the Li-O bonding with tetrahedral

symmetry and destabilizes Li-O bonding with octahedral symmetry [64]. The

fully lithiated Li2Ti2O4 phase is a stable rock-salt type structure where Li fully
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occupy octahedral 16c sites whereas all tetrahedral 8a are vacant. The reverse

stability of octahedral over tetrahedral sites comes as a result of small O-Ti-O

angles opening to form regular O-Ti-O bond angles of 90◦ which causes Li-O

bonds in octahedral sites to increase to 2.1 Åand Li-O bonds in tetrahedral

sites to decrease to 1.8 Å [64].

[Li1]8a[Ti2]16d[O4]32e + Li+ + e− ←−→ [Li2]16c[Ti2]16d[O4]32e (3.1)

Earlier studies on Li intercalation into Li1Ti2O4 have focused on local

electronic and structural distortions or diffusion pathways of excess Li in the

bulk [64, 65]. Energetically stable arrangements of excess Li in Li1Ti2O4 have

been reported for small, periodic cells and some common trends thereof have

added to our understanding of phase transformations in a finite sized cell.

During lithiation, Li are inserted into octahedral sites which results in a repul-

sive interaction with neighboring tetrahedral Li [64, 65]. For Li1+xTi2O4 in a

concentration range 0 ≤ x ≤ 0.65, Li in octahedral 16c sites with one or more

vacant octahedral neighbors will be located off-center, shortening Li[16c]-Li[16c]

distances from ∼3.1 to ∼2.8 Åand reducing the repulsive forces on neighbor-

ing tetrahedral Li [64]. At the later stages of lithiation, 0.65 ≤ x ≤ 1, TiO6

establish a more regular structure found in Li2Ti2O4 and octahedral Li tend

to reside in the site centers.

The formation energies of Li1Ti2O4, Li1.5Ti2O4, and Li2Ti2O4 were

calculated from low energy configurations and were used to construct the
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convex hull (Figure 3.1), which clearly shows the thermodynamic ground-

states LiTi2O4 and Li2Ti2O4 will phase-separate. Low energy configurations

of Li1.5Ti2O4 were found using basin-hopping method with swapping of inter-

stitial Li to search for any thermodynamically favorable configurations.

0.0 0.2 0.4 0.6 0.8 1.0

x in Li1+xTi2O4

−1

0

1

2

3

4

5

6

Fo
rm

a
ti

o
n
 e

n
e
rg

y
 (

e
V

/a
to

m
)

Li1.5Ti2O4

Figure 3.1: The convex hull is shown for Li1+xTi2O4 for x = 0, 0.5, 2.

The DFT calculated equilibrium voltage of the Li1Ti2O4 and Li2Ti2O4

phases is 1.11 V per Li with the PBE functional and the use of hybrid HSE06

funtional brings it to 1.27 V [66–68]. These results are reasonably close to

the experimental finding of 1.34 V [61, 63] and indicate that it is possible

to predict the experimental open-circuit voltage using an appropriate choice

of exchange-correlation functional with high accuracy. Furthermore, the less

computationally intensive PBE functional is a reasonable choice for the follow-

ing surface study since only the energy differences and relative redox potentials

will be of interest.
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We confirm here that the Li1Ti2O4 and Li2Ti2O4 slab models are metal-

lic as the bottom of the conduction band sits below the Fermi energy, shown

in Figure 3.2. The metallic nature of Li1+xTi2O4 allows the assumption that

electrons are delocalized over the entire slab and indeed, Bader charge anal-

ysis [62, 69] of the Li1Ti2O4 slab shows that surface Li hold only 0.1e− and

remainder of the e− charge is delocalized over Ti and O atoms in the system.
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Figure 3.2: Total density of states for LiTi2O4 (black) and Li2Ti2O4 (red) is
shown. The Fermi level is noted by a vertical dotted line.

Surface study of Li1Ti2O4

Li1Ti2O4 was cleaved along its (100), (110), and (111) planes in order

to study the stability of each surface in vacuum. For each surface study only

stoichiometric multiples of the unit cell were used which imposed the restric-

tion that slabs may have different terminating species. As seen in previous
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slab studies of analogous LiMn2O4, the terminating surface elements also play

an important role in the stability through the formation of surface dipoles

[70, 71]. In the case of Li1Ti2O4 (100) surface, there are alternating planes

of Li and Ti-O, so a resulting slab would have one polarized Li-terminated

surface and one unpolarized Ti-O-terminated surface possesing a net surface

dipole. One way to minimize the resulting surface dipole is to have identi-

cal surface compositions [70, 71]. Here, we place equivalent number of surface

species, in this case Li atoms, on each side of the slab while still preserving

the stoichiometry. In those cases where this is implemented e.g. for Li1Ti2O4

(100), we term them symmetrically terminated surfaces.

The surface energy of each system is calculated using Eq. 3.2 and the

results are reported in Table 3.1.

γ =
EN
slab −NEbulk

2A
(3.2)

In all cases, surface energies are similar among like facets. Upon geometric

relaxation, Li-terminated (111) and (110) slabs show little surface rearrange-

ment and have higher surface energy than (100) slabs by 145 and 50 meV,

respectively. In both, the Li-terminated and symmetrically terminated (100)

surfaces, Li relax to surface-truncated octahedral positions. Figure 3.3 shows

the unrelaxed and relaxed symmetrically terminated (100) surfaces and high-

lights the distances which change significantly during relaxation. In the sym-

metrically terminated (100) surface, there is one Li on each surface which
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relaxes to an off-center, surface-truncated octahedral position shown in Fig-

ure 3.3 (b). The surface Li relaxes towards the slab and towards a neighboring

Li in the plane of the surface, shortening one Li-O distance (labeled 1) from

3.49 to 2.57 Å, two Li-O distances (labeled 2) from 3.50 to 2.63 Å and one

Li-Li distance (labeled 3) from 3.62 to 2.62 Å. The low energy geometry of the

Li-terminated (100) surface has surface Li where both atoms have relaxed to

off-center, surface-truncated octahedral sites with similar geometry (Figure 3.3

(b)). This shows that the surface structure of Li on the low energy facet of

Li1Ti2O4 is strongly dependent on the amount of Li present.

Figure 3.3: Top view of stable surface structures at symmetrically terminated
(100) face of Li1Ti2O4. Surface atoms are highlighted with yellow crosses at
(a) surface truncated tetrahedral site and (b) surface truncated octahedral
site. Bond lengths that change significantly are noted by green lines. (1) and
(2) Li-O bonds and (3) Li-Li bonds shorten when Li move from (a) to (b).

We use the (100) symmetrically terminated slab as the starting and

reference structure to investigate the energetics of lithium intercalation into

Li1Ti2O4. While there are many ways to explore the energy landscape of a

31



Table 3.1: Comparison of different LiTi2O4 surface planes
Facet terminating species Esurf (meV/Å2)
(111) Li 210.7
(111) Ti-O 160.9
(110) Li-Ti-O 115.4
(110) Ti-O 99.1
(100) Li 65.3
(100) Ti-O 69.0
(100) symmetric-Li 66.1

system, previous studies have reported the lowest energy configurations of local

Li[8a]/[16c] arrangements and the energy barrier between them, so we start our

search of stable surface configurations from those findings [64, 65]. Minimum

energy configurations for each additional Li were found from the possible Li

crystallographic sites and the formation energy for each additional Li was

calculated using Eq. 3.3 [63]. The relative surface redox potential is calculated

using Eq. 3.4 and reported along with the resulting formation energies in

Table 3.2. To get a sense of the relative stability and ease of lithiation for each

Li added, we compare the surface redox potential to the average bulk voltage

of 1.11 V. Configurations having surface redox potentials greater than the

average bulk potential are stable and should occur spontaneously. Conversely,

charge states with a lower than bulk redox potential will form weaker bonds

and will not occur spontaneously.

Eformation =
ELix(Li1T i2O4)n − En(Li1T i2O4) − xELi

x
(3.3)

V =
ELibcc
|e|

−
(ELix(Li1T i2O4)n − ELiy(Li1T i2O4)n)

(x− y)|e|
(3.4)
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Table 3.2: Formation energies and potentials for Li16+xTi32O64 surface lithia-
tion
x Li Eformation (eV) Voltage (V versus Li)
1 -1.28 1.28
2 -1.14 0.99
3 -1.12 1.08
4 -1.06 0.90
5 -1.09 1.21

In the charge state of Li16+1Ti32O64, we find the most stable configu-

ration having a formation energy of -1.28 eV, above our reference potential

of 1.11 V, indicating that {100} surfaces are highly reactive towards Li. In

the case of three surface Li in Li16+2Ti32O64, for the first time we see an en-

ergetic ground state where a subsurface Li is in an octahedrally coordinated

site (Figure 3.4 (b)-4). The barrier for a tetrahedrally coordinated subsurface

Li to move to a neighboring octahedral position is determined using the NEB

method and found to be <0.01 eV which is easily accessible even at room tem-

perature. The minimum energy pathway and configurations along the path

are shown in Figure 3.4. At the lithiation state Li16+3Ti32O64, we find that

the lowest energy structure has two non-neighboring subsurface octahedral

Li as shown in Figure 3.5 (a). The more general trend shows that when all

surface-truncated octahedral sites are occupied, the octahedral subsurface site

becomes more thermodynamically favorable.

When we add a surface Li to a system where all subsurface Li have al-

ready moved to octahedral positions, in this case Li16+4Ti32O64 and Li16+5Ti32O64,

the surface truncated octahedral Li will relax to a vacant subsurface octahedral
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Figure 3.4: Li migration from a subsurface tetrahedral to octahedral site
in Li16+2Ti32O64. (a) Minimum energy pathway as calculated by the NEB
method, (b) Snapshots of configurations along minimum energy pathway. Li
at the surface are depicted by purple sphere as well as the mobile subsurface
Li.

site as shown in Fig 3.5 (b) and (c). Recall that Li1Ti2O4 can accommodate

two Li[16c] for every Li[8a], doubling the Li capacity. The filling of vacant oc-

tahedral sites in the first subsurface layer (Figure 3.5) shows that a lithiated

surface phase Li2Ti2O4 will propagate into unlithiated Li1Ti2O4 at our given

reference potential. While the configuration shown in Fig 3.5 (b) is the most

stable state for Li16+5Ti32O64, the energy barrier to form this configuration is

0.28 eV (Figure 3.6 (a)). A previous computational study of Li[16c] vacancy

hopping found an activation barriers of 0.28 eV [72], whereas NMR T1 spin-
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Figure 3.5: Lowest energy configurations of surface lithiated (100) slabs for
charge states: (a) Li16+3Ti32O64, (b) Li16+4Ti32O64, (c) Li16+5Ti32O64. At
these higer states-of-charge, all surface and subsurface (purple spheres) have
migrated to 16c sites.

lattice relaxation in Li4Ti5O12 and muon spin spectroscopy LiTi2O4 thin films

studies indicated activation barriers for local Li hopping processes to be 0.26

eV and 0.18 eV, respectively [73, 74]. Our calculated energy barrier (Figure 3.6

(a)) is the largest barrier for Li to overcome during surface lithiation and cor-

responds to the overall reaction barrier which is in a very good agreement with

the previously reported theoretical and experimental values.

Previous studies have implied that microscopic Li1Ti2O4 lithiation should

be a two-phase process [64, 75]. Up to this point, our results show it to be the

thermodynamically favorable path. However, in order to further justify it, we

explore the alternative single-phase lithiation path by finding the activation

energy of a single Li to diffuse through the slab. We calculate the energy

pathway to move a subsurface octahedral Li atom to a bulk octahedral site

in Li16+1Ti32O64 using the NEB method. The minimum energy pathway and

configurations are shown in Figure 3.7. Similar to the previously reported
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Figure 3.6: Migration of an adatom Li to surface truncated octahedral site
and concerted migration of Li in surface truncated octahedral site (16c) to
subsurface octahedral site (16c) in Li16+4Ti32O64: (a) minimum energy path-
way as calculated with NEB method, (b) side view snapshots of configurations
along minimum energy pathway. Surface and subsurface Li participating in
this mechanism are shown (purple spheres).

mechanisms [65], we find the process of an excess Li migration to the bulk

be a concerted displacement of tetrahedral to octahedral Li vacancies once a

neighboring octahedral site becomes filled (e.g. Figure 3.7 (b) 0→3). The

final state along the path is a local minimum and any further movement of Li

between octahedral sites in the bulk has a barrier of ∼0.5 eV. The transition

and final states are significantly higher in energy than the initial state (0.7

and 0.8 eV respectively). The barrier energy from Figure 3.7 is significantly

greater than the experimentally found activation energies (0.8 eV vs. 0.26 eV
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Figure 3.7: Minimum energy pathway of Li diffusion from surface to interior
sites as calculated with the NEB. (a) minimum energy pathway. (b) side view
snapshots of configurations along minimum energy pathway of Li diffusion
from subsurface to interior site.

and 0.18 eV) [73, 74]. This indicates that a single Li is not likely to diffuse

through the bulk of Li1+xTi2O4 and suggests that the latter diffusion mecha-

nism is unlikely to occur, supporting a two-phase lithiation mechanism where

Li2Ti2O4 forms on the surface and propagates through the Li1Ti2O4 phase.
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3.4 Conclusion

In this work we present a computational study of lithium transfer in

Li1+xTi2O4 spinel-type compounds. Our study indicates that adsorbed Li

readily reacts with the low energy (100) surface and relaxes to octahedral sites

on the surface. Furthermore, once two neighboring surface sites are filled, sub-

surface Li move to an octahedral site with negligible energetic barrier forming

a layer of Li2Ti2O4. Once all subsurface Li atoms are displaced to octahe-

dral sites, adsorbed Li will move to subsurface octahedral vacancies with a

small barrier of 0.28 eV. In this way, a lithiated phase is formed at the point

of Li adsorption and is gradually propagated into the bulk. Furthermore,

we also estimate the direct surface to inner bulk lithium migration energies,

which clearly show this process to be energetically unfavorable with a barrier

of 0.8 eV. These results are in good accord with recent experimental measure-

ments and provides an atomistic support for a notion of two-phase lithiation

in Li1Ti2O4.
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Chapter 4

Potential dependance of delithiation from

Li2Ti2O4

We present a computationally cheap, theoretical framework to account

for potential dependence of surface processes using DFT. Li2-xTi2O4 is used

as a model system to study the complex environment of electrode/electrolyte

interfaces. The potential dependence of delithiation was explored using our

proposed theoretical framework. First, the effects of an applied potential are

incorporated into a thermodynamic cycle to find the surface charge density

when the system is in equilibrium. At the equilibrium state, the system is

at the known open-circuit voltage, which provides a means to calibrate the

potential of the system to the experimentally known voltage. Then given a

potential scale, the effects of an applied voltage are found for the delithiation

minimum energy pathway in contact with vacuum and an implicit ethylene

carbonate solvent.

4.1 Introduction

Interactions at the surface of an electrode in Li-ion batteries, break-

down of organic and inorganic solvent molecules, dissolution of ions and build-
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up precipitate, are unique problems facing closed electrochemical systems. If

we want to understand how molecules and atoms behave at an electrified in-

terface, the rate and mechanism will depend on the local environment. At

an electrified interface, the environment depends on the charge at the surface

and the induced electrified double layer. Therefore, any computational study

of an electrified interface must quantify the potential (or inversely the charge)

difference across the interface in relation to a reference potential.

Although the popularity of graphitic anodes made the SEI a standard

feature of most current Li-ion batteries, there is an enormous interest in anode

materials able to operate within the electrolyte stability window not only from

an industrial but also from a fundamental point of view [7]. Such systems serve

a special role for the understanding of Li-ion battery interfaces since the key

interfacial processes like Li+ transfer and intercalation can be studied without

considering the much more complicated SEI contributions.

The actual structure and properties of SEI are still under heavy debate

among different research groups, but most agree the SEI is strongly depen-

dent on the type of electrode/electrolyte interface and the stage/conditions of

battery operation [8]. In addition to limited characterization of the compo-

sition and structure of SEI, there is also a very limited understanding of Li+

interactions and behavior at the Li-ion battery interfaces [9–15].

The redox potential differences (also called voltages) of a specific com-

pound can be related to the free energy differences between the products and

reactants of an electrochemical reaction. In practice, the open-circuit voltage
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can be determined using only the internal energy difference of bulk electrode

systems, and this approximation has generally held when describing electrode

properties where the contributions of VdP or SdT to Gibbs free energy are

orders of magnitude lower than the potential energy difference [66, 76]. This

approximation does not hold anymore when the effects of SdT or the elec-

trode/electrolyte interfacial contributions become significant [19].

Computational studies of interfaces are intrinsically more complex than

those of bulk because in additon to two phases, one must also consider their

boundary. The simplest interface model is the one of a solid slab in a vacuum.

In the modeling of electrochemical systems, the complexity increases even

further as one must consider electron and mass transfer, an externally applied

field and the induced field at the interface of a solid and liquid which creates

the electric double layer. Several approximations have been developed over

time which allow for effective computational investigations of electrochemical

interfaces including Li-ion battery electrode/electrolyte interfaces [16–20, 77].

We propose a simple and efficient method to calibrate a DFT model

to an electrode potential scale for the delithation of Li2Ti2O4. By combining

several previous approaches [16–20], we model a “virtual circuit” of charge

transfer from Li2Ti2O4 electrode to an electrolyte of ethylene carbonate (EC)

which allows us to relate the simulations with the experimental onset potential

of Li2Ti2O4 delithation. This gives us an effective scale to perform further

computational studies under realistic electrochemical conditions. In the second

part, we employ the newly calibrated computational electrode model together

41



with the nudged elastic band methodology in order to study the mechanism

and associated energetics of lithium deintercalation as a function of electrode

potential from the Li2Ti2O4 anode.

4.2 Methods

All calculations were performed using DFT as implemented in the Vi-

enna Ab-initio Simulation Package (VASP) [51, 78–80]. Core electrons were

treated using the projector augmented wave method [53] and valence electron

orbitals were expanded in a plane-wave basis set with a plane-wave kinetic

energy cutoff of 400 eV. Electronic exchange-correlation terms were calculated

within the generalized gradient approximation using the PBE functional [55].

All reported calculations were spin polarized. Partial occupancies were treated

by the Methfessel-Paxton method with 0.1 eV smearing at the Fermi-level. k-

point meshes were automatically generated using the Monkhorst-Pack scheme

and the density of k-points was converged to less than 1 meV/atom. All sys-

tems were optimized to their ground-state geometry until the forces on each

atom were less than 0.01 eV/Å.

In the study of delithiation as a function of surface charge, Li2Ti2O4

slabs were constructed by cleaving the bulk along (100) plane with large sur-

face area (274 Å2). For varying the surface charges, Li and F were fixed to

positions, sufficiently far from any surface defects, to create negatively and

positively charged surfaces, respectively. A continuum solvation model was

employed as implemented in the VASPsol package to account for solvation
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effects in delithiation reaction pathways, and dielectric parameters consistant

with ethylene carbonate (ε0 = 90) were used [81, 82]. The NEB method [49]

was used to find Li migration pathways and barrier energies and for instances

when the transition state was not converged after NEB, the dimer method [62]

was used to converge the transition state.

4.3 Results and Discussion

4.3.1 Theoretical Framework of a “virtual circuit”

We give a brief proof supporting the “virtual circuit” concept as a

framework to calculate potential dependant interfacial processes [19]. An elec-

trochemical cell is defined by two electrodes in contact with an ion-conducting

electrolyte and an electron conducting wire. Without an applied potential,

the cell should come to equilibrium and have a Galvani potential difference

characteristic of the two electrodes (equilibrium voltage). In an electrochem-

ical cell (Eq. 4.1), the measured electric potential will be the difference of

potentials between the cathode (C) and anode (A), which is equal to the sum

of the potential differences across the cathode/electrolyte interface (C/S) and

anode/electrolyte interface (A/S) [83].

∆V =C∆AΦ = C∆SΦ + S∆AΦ (4.1)

In reality, all of the contributing Galvani potential differences depend

on the nature of the electrodes. However, in experiments characterizing a

half-cell, a non-polarizable reference electrode is used and the change in its

43



potential difference with applied voltage is relatively constant. In the case of

eg. Li metal, the value of S∆AΦ is taken as a constant of zero. Therefore, the

measured cell potential will be C∆AΦ =C∆SΦ. We apply this construct of the

non-polarizable reference electrode to our “virtual circuit” to give a potential

scale for calculated potential-dependent processes at the cathode/electrolyte

interface.

To calibrate our computational model, the cell (cathode/electrolyte,

anode/electrolyte) must be at equilibrium. We assume that the reference

electrode is at equilibrium with the electrolyte by definition [83] then find the

condition at which the model electrode/electrolyte system is in equilibrium.

When equilibrium is achieved, the cell must have a potential difference of

the theoretical equilibrium voltage. That is, the potential difference, C∆SΦ,

is the theoretical open circuit voltage by definition. As the test conditions

vary from equilibrium, the cell potential is varied a proportional amount from

the equilibrium potential. In this way, a potential scale relative to realistic

conditions is applied to a computational electrochemical system. The following

derivation shows the inclusion of electrolyte interfaces results in the familiar

Nernst equation.

At equilibrium, the electrochemical potentials (µ̃) of Li+ across all

phases and interfaces of the cell are equal (Eq. 4.2).

µ̃C = µ̃A = µ̃S (4.2)

Thus, under the condition of equilibrium, we can consider the half-cells sepa-
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rately (cathode and electrolyte or anode and electrolyte). The electrochemical

potential can be separated into its chemical and electrical potentials (Eq. 4.3)

where zF is the amount of charge transferred.

µ̃ = µ◦ + zFΦ (4.3)

If we consider the cathode half-cell reaction and apply the definition (Eq. 4.3)

we get (Eq. 4.4).

µC + zFΦC = µS + zFΦS (4.4)

Rearranging terms to find a relation between chemical and electrical

potential differences, we find (Eq. 4.5 ).

µC − µS = zF (ΦS − ΦC) (4.5)

From the relation of Gibb’s free energy, G = δµ
δN

, we find the chemical

potentials can be related to the free energy differences of the half-cell reaction

(Eq 4.6).

C∆SG = −zFC∆SΦ (4.6)

Which is the familiar Nernst equation (Eq. 4.7):

∆V =
C∆SG

−zF
(4.7)

When the system is in equilibrium, C∆SG = 0, the voltage should reach

the thermodynamic equilibrium voltage. In practice, the applied conditions at

the state (∆G = 0) will be precisely the conditions of equilibrium voltage and
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any change of the applied conditions will be calibrated to a potential scale set

by our choice of reference electrode.

4.3.2 Calibration of the Delithiation Potential

The DFT studies of electrochemical systems have always been chal-

lenging due to the complexity of incorporating electrode potentials into calcu-

lations with periodic boundary conditions where the number of electrons but

not the potentials are fixed. However, methods corrolating surface charge to

the electrode potential and allowing for an effective modeling of electrochem-

ical interfaces have been developed and show promise for further applications

[16–20]. Recently, some of these methods have been applied to the delithiation

of basal and egde plane terminated graphite where the experimentally known

voltage (0.1 V vs Li metal) was assigned to the simulated delithiation onset

providing a relevant potential scale for such half-cell calculations [19, 20]. We

deem such schemes extremely useful for studying the potential dependencies

of interfacial processes in Li-ion batteries and adopt them for the study of

Li2-xTi2O4 systems.

As mentioned previously, the main motivation behind studying the

lithium transfer and intercalation in Li2Ti2O4 is the absence of surface SEI

layer at battery operating conditions and its metallic nature. In essence, the

computational electrode methods rely on the ability to charge the metallic

substrate by adding neutral atoms which give up (take) electrons to (from)

the metal while keeping the entire system neutral. These electrons end up
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at the Fermi level of the metallic electrode therefore completing a “virtual

circuit” with the Fermi level of the reference electrode, in this case Li metal

[16, 17, 19, 20].

Therefore, by adjusting the number of adatoms (surface charge) one can

tune the free energy of an electrochemical half-cell reaction until the condition

of ∆G = 0 is met. This condition can be directly related to the experimental

operating potential for this system versus Li+/Li0(s) [16, 17, 19, 20].

We study the transfer of Li+ from the fully lithiated phase Li2Ti2O4 to

the bulk electrolyte sufficiently far from the electrode and from the electrical

double layer. Identically to the case of LiC6 [19, 20] we choose the delithia-

tion reaction (Eq. 4.8) as our reference. The sole reason for doing this in the

Li2Ti2O4 system is due to a much simpler and better defined Li+ deintercala-

tion rather than insertion pathway which we study under the applied electrode

bias conditions.

The free energy change associated with the transfer of Li+ (∆Gt) in

Eq. 4.8 is directly related to the experimentally known and well defined po-

tential of delithiation of Li2Ti2O4 which is 1.34 V vs. Li+/Li0(s). In a DFT

calculation, this point on the potential scale can be mimicked by tuning the

net surface charge in order to reach a point when ∆Gt = 0. While the direct

sampling of ∆Gt via e.g. molecular dynamics is possible it is a very costly

quantity to correctly compute, properly sample and reliably converge.
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LinTinO2n(s)→Li+(sol) + [Li(n−1)TinO2n]−(s) (4.8)

A much simpler way to calibrate the electrode potential, although ne-

glecting the interfacial contributions such as electrode surface polarization due

to the presence of electrolyte, could be achieved by estimating ∆Gt via a stan-

dard thermodynamic cycle depicted in Figure 4.1. Free energy is a state func-

tion so it is independent of the path to get from state A (e.g. electrode) to

state B (e.g. electrolyte). Moreover, the contact potential difference between

the electrode and electrolyte can be referenced to a third state, namely vacuum

[18, 20, 84]. The free energy change associated with transfering one Li+ from

the bulk Li2Ti2O4 electrode to the bulk ethylene carbonate (EC) electrolyte

∆Gt can be broken down into several components using the triple electrode-

electrolyte-vacuum interface construct detailed below and shown in Figure 4.1

[18, 20, 84]:

1. Li vacancy formation energy in bulk Li2Ti2O4 (∆Evacancy):

LinTinO2n(s)→Li(g) + Li(n−1)TinO2n(s) (I)

2. Li gas phase ionization potential (IP):

Li(g)→Li+(g) + e− (II)

3. Li+ solvation free energy in bulk electrolyte (∆Gsolv)

Li+(g)→Li+(sol) (III)
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+[Lin−1TinO2n]
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IP 

ΔGsol -W 
ΔEvac 

ΔGt 

Figure 4.1: Schematic of virtual ionic and electronic transfer between Li2Ti2O4,
EC, and vacuum depicting the state function free energy change, ∆Gt

4. Reverse ionization of bulk Li2Ti2O4 (-W)

Li(n−1)TinO2n + e−→[Li(n−1)TinO2n]− (IV)

For evaluating the free energy difference of the overall reaction we make

a number of approximations. First of all, we assume that the V dP and SdT

contributions to Gibbs free energies of solid phases are orders of magnitude

lower than the potential energy difference and can be safely neglected [20, 66].

As was previously indicated [18, 20, 84], the only relevant corrections to be

included in this construction are the translational/volumetric entropy change

when taking Li+ from the condensed to the gas phase and the zero-point

energy (ZPE) of a Li atom in the crystal. The former can be approximated

by the chemical potential of a free gas phase Li+ at standard concentration
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(co). Under ambient conditions this contribution amounts to a correction of

kBT ln[c0λ3Li+], where λLi+ is the de Broglie thermal wavelength of Li+ ion:

λLi+ = h/
√

2πmLi+kBT [18]. The contribution due to the zero-point motion

can be evaluated from the DFT calculated harmonic vibrational frequencies of

Li in Li2Ti2O4 crystal. The overall electrochemical reaction free energy change

is then calculated using the following equation:

∆Gt = ∆Evacancy + IP −WLi2T i2O4 + ∆Gsolvation + {Corrections} (4.9)

We calculate the energy to create a vacancy in Li2Ti2O4 (∆Evacancy),

the ionization potential of Li in vacuum (IP ) and the work function of Li2Ti2O4

(W ) to account for the electron left at the Fermi level in Li2Ti2O4 after Li+

is transferred to the electrolyte. As mentioned previously, all these quantities

are independent of the presence of interfaces, however, it is obvious that W

would be the most affected term if the interfacial effects were treated explicitly.

The free energy of solvation for Li+ in ethylene carbonate (EC) (∆Gsolvation =

-5.201 eV) is taken from a calculation done within the DFT/PBE approxima-

tion using the alchemical transformation and ab initio molecular dynamics by

Leung [19]. The values for all energetic contributions are listed in Table 4.1.

In the next stage, we calculate the dependence of ∆Gt on the surface

electron density σ for Li2Ti2O4. We define our surface charge densities as

σ = −qLi/F/(2A), where A is the lateral surface area of the simulation cell

and qLi/F = nLi/F |e−| is the excess charge equal to a number of extra Li (F)
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Table 4.1: Contributions to free energy of delithiation ∆Gt

∆Evacancy, eV 3.24
−W , eV -2.60
IPvac, eV 5.30
∆Gsol, eV -5.20
kBT ln[c0λ3Li+] (eV)a -0.265
ZPE (eV)b -0.0744
∆Gt, eV 1.08

atranslational entropy correction [18]
bzero-point energy of a tagged Li atom in the Li2Ti2O4

frozen on the surface of Li2Ti2O4. After a Li+ moves from its crystallographic

site in the bulk onto a surface site, the residual e− remains on the metal and

is assumed to be uniformly distributed over the two surfaces of a Li2Ti2O4

slab. It is important to note that, on the realistic macroscopic electrodes

leaving/adding several extra electrons should not change σ, however in such

finite simulation cells the resulting change in σ is not truly negligible and is

one of the shortcomings of this methodology. Nevertheless, we assume that our

system is an ideally polarizable electrode and σ is equilibrated on a timescale

faster than the Li+ deintercalation reaction, an approximation which is known

to produce reasonable energetics of electrochemical surface processes [16–20].

We then proceed with assigning anode potential (Eg. 4.10) at several σ values.

V =
−∆Gt

1|e−|
(4.10)

The first system has no added surface Li corresponding to a value of

σ = −0.5|e−| since the excess electron remaining after deintercalating one Li
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atom is distributed equally on both sides of a slab. In the subsequent systems,

we continue to add excess Li (F) adatoms and fix them on either surface in

increments of one per side (canceling out the resulting surface dipoles) in order

to create negatively (positively) charged slabs having σ = −1.5|e−|, −2.5|e−|,

0.5|e−|, and 1.5|e−| respectively. In this way, we model several systems with

different σ in order to find the associated potential when the system is in

equilibrium.
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 2

−0.012 −0.008 −0.004  0  0.004  0.008  0.012

∆ 
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t (
eV

) 

Surface charge (e/Å2)

Figure 4.2: Free energy difference defined by Eq. 4.9 (∆Gt) versus surface
charge density (σ) for five systems.

The results presented in Table 4.2 and Figure 4.2 are used to extrapolate

the surface charge to the point where ∆Gt(σ) = 0. We find the charge state

(σ ≈ 0.01|e−|/Å2 or 4.75 net less e− per slab) when the lithium deintercalation
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Table 4.2: Free energy of delithiation with surface charge in triple intersection
ansatz
σ (|e−|/Å2) W (eV) Gt (eV) C∆SΦ (V v. Li/Li+)
-0.0091 2.02 1.66 -0.55
-0.0055 2.31 1.37 -0.26
-0.0018 2.60 1.08 0.26
0.0018 3.02 0.66 0.44
0.0055 3.42 0.26 0.84

should proceed spontaneously and which we calculate to occur at 1.11 V vs.

Li+/Li0(s) for Li2Ti2O4. Although, in this study we assume linearity in ∆Gt

vs. σ, this simple dependence should not hold in a larger σ range [17].

From a computational point of view, this means that the potential dif-

ference across an electrochemical cell is the difference in Fermi levels of the

test and reference electrodes in this case Li2Ti2O4 | Li. One can clearly see

that unlike the case of lithiated graphite, Li2Ti2O4 is not electrochemically

active (∆Gt > 0) at negative σ values and an excess positive surface charge

is necessary to allow Li+ to move from the electrode in an electrochemical

cell. Although this methodology ignores the interfacial effects, it neverthe-

less provides us with an approximate reference point for assigning absolute

cell potential differences (Figure 4.3), which will be used for further studies

of interfacial processes under realistic electrochemical conditions. The exper-

imental potential scale is calculated using Eq. 4.1 where C∆SΦ is the charge

dependent potential difference found in Table 4.2, S∆AΦ is zero, and C∆AΦ is

the theoretical equilibrium potential which we found to be 1.11 V v. Li+/Li.
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Figure 4.3: The calculated potential difference with respect to Li metal voltage
(V vs. Li+/Li) is shown versus surface charge density (σ). This represents
a conversion between applied surface charge to voltage on an experimental
potential scale.

4.3.3 Mechanisms and Energetics of Delithiation

In previous surface studies of Li-ion battery cathode systems such as

LiMn2O4 spinel and LiFePO4 or LiMnPO4 olivines, it has been shown that

the energy difference of bulk and surface sites can be related to the energy

barrier for Li intercalation into the host lattice with reasonable agreement to

experiments [85–87]. In a combined experimental and computational study of

Li2Mn2O4, a linear dependence between the potential and activation energy

of intercalation was found by an AC impedance study [87]. However, most
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of the studies concentrating on anode materials indicate the activation energy

for Li+ transfer to be related to ion desolvation [10, 11, 15, 88–91]. Although,

in the same study it was found that the activation energy to desolvate Li+

was not dependent on potential but rather a nominal difference in delsolvation

energy is measured for different electrolytes, a result similarly reported in the

study of electroltye composition on lithiation of graphite [11, 87].

The energy barriers for Li+ ion insertion and abstraction from electrode

host materials are important characteristics for discovering or designing new

materials for the upcoming generation of Li-ion batteries. Most computational

studies of these processes completely neglect the effects of electrode potential

or just add an arbitrary charge in order to roughly mimic the electrochemical

conditions [92].

In this study, having defined the electrode potential scale we can ex-

plicitly study the energetic pathway for lithium deintercalation reaction using

the NEB methodology. Therefore, in this section we investigate the depen-

dence of the minimum energy pathway of Li deintercalation on the electrode

potential. We use the same methodology of varying surface charge density, σ,

as in the previous calibration study. Figure 4.4 shows the minimum energy

pathway for lithium abstraction. As was also shown in the previous studies,

these energies should be affected not only by the electrode potential but also

by the inclusion of solvent environment [11, 87]. Therefore, in addition to vari-

able σ = −0.5|e−|, −1.5/|e−|, −2.5/|e−| and 0.5|e−| we study the energetics

of delithiation in vacuum as well as in conjunction with an implicit solvent
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model [81] using a dielectric constant of EC (ε0 = 90). The results of NEB

calculations are presented in Figure 4.4 (a) and (b) with the initial and final

configurations shown in Figure 4.4 (c) and (d) respectively. Two Li atoms are

found to participate in the reaction pathway in a concerted mechanism; as the

adsorbing Li+ migrates to the surface, a neighboring surface Li migrates to

the now-vacant surface site. That is, in the low energy configuration, the Li+

adatom is separated from the surface vacancy.

Figure 4.4: NEB of delithiation from the (100) surface of Li2Ti2O4 in vacuum
(a) and implicit EC solvent (b). For both environments, the mechanism was
identical starting from (c) and creating surface defects Li adatom and vacancy
(d).

In Figure 4.4 (a), we see the Li abstraction process to be highly en-

dothermic and that in the case of vacuum, neither the energy difference nor
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Figure 4.5: The change in energy due to delithiation at increasing surface
charge is shown for systems in vacuum and implicit EC solvent.

the barrier height between the initial and final configurations show signifi-

cant dependence on the surface charge, although the endothermicities increase

slightly with surface charge (∼0.1 eV). However, once the implicit EC solvent

is included, both the energy difference and barrier height show a slight depen-

dence on surface charge (Figs. 4.4 and 4.5), varying by ∼0.2 eV with increasing

surface charge.

The increasing energy penalties with increasing negative surface charge

are consistent with the results of the previous section since the overall free

energy difference (∆Gt) has to be offset with more positive σ as we approach

the working potential. These findings indicate that both electrode potential
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and solvation effects are important for realistic modeling of electrode interfaces

and in certain systems might even reinforce each other. An even stronger effect

might be expected with the inclusion of explicit solvent, since the specific

solvation effects on the surface lithium are expected to be very strong [10, 11,

15, 88–91], however this is beyond the scope of this study.

The energy penalties of the order of 2.5 eV in vacuum for lithium dein-

tercalation from the electrode host indicate that it is a highly endothermic (as

well as endoergic) process which must be mostly compensated by the ion solva-

tion energy. As a result, computational studies of this kind can be very helpful

in the future exploration and discovery of new electrode and electrolyte materi-

als where one can use calculated descriptors (e.g. intercalation/deintercalation

energies, ion solvation energies) for not only characterizing the separate com-

ponents but also optimizing their interfacial properties.

The results in Table 4.1 show that all the contribution to the overall

free energy of an electrochemical reaction are of similar orders and much larger

number than the ∆Gt which we are attempting to calculate. This makes it a

problematic target quantity to converge using such difference schemes as the

described thermodynamic cycle. Small errors in the calculation of any of those

quantities can result in significant deviation of the free energy difference. Fur-

thermore, the ultimate calculation of full free energy profile of lithium transfer

from the electrode to electrolyte including all the barriers will not only depend

on electrode potential or solvent type but also on a number of extra factors:

entropic effects, interfacial polarization, salt counter-ions, composition and
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structure of SEI, desolvation mechanism, solvent and anion co-/adsorption.

Therefore, the future development of new computational methods, which can

mitigate at least some of these errors as well as include other important Li-ion

battery processes, is very important.

4.4 Conclusion

In this work, we establish a microscopic calibration of electrode po-

tential. For this study, we construct a “virtual circuit” to transfer Li from

Li2Ti2O4 to EC electrolyte using a triple-phase construct and a corresponding

thermodynamic cycle. The associated free energy change for Li transfer is

calculated by varying the surface electronic charge density. We find that at a

surface charge density of 0.01 |e−|/Å2 ∆Gt = 0 the system is under the same

potential which would make it to spontaneously delithiate. This point can be

effectively pegged to the experimentally known Li2Ti2O4 delithiation potential

providing a relevant voltage scale.

Lastly, the energy and mechanism of Li+ abstraction from the bulk to

the surface for Li2Ti2O4 was studied under the applied electrode potential con-

ditions. In these conditions, only a minimal variation in the energy penalties

and barriers was found for the model system in vacuum. However, upon the

addition of an implicit EC solvent environment, barrier energies increased by

as much as 0.2 eV once the working electrode voltage was reached.

The results indicate the importance of including the electrode potential

for the appropriate modeling of key processes in Li-ion batteries. The schemes
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described in this work can be easily extended for the further studies of anodic

and cathodic half-cell reactions or inclusion of more complex environments at

the more complex electrode/electrolyte interfaces.

4.5 Acknowledgments

I gratefully acknowledge the guidance and many thoughtful discussion
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Chapter 5

Au/Cu alloys as substrates for ethylene

separation

Weak chemisorption of ethylene has been shown to be an important

characteristic in the use of metals for the separation of ethylene from ethane.

Previously, DFT has been used to predict the binding energies of various met-

als and alloys, with Ag having the lowest chemisorption energy among the

metals and alloys studied. Here Au/Cu alloys are investigated by a combina-

tion of DFT calculations and experimental measurements. It is inferred from

experiments that the binding energy between a Au/Cu alloy and ethylene is

lower than to either of the pure metals, and DFT calculations confirm this

is the case when Au segregates to the particle surface. Implications of this

work suggest that it may be possible to further tune the binding energy with

ethylene by compositional and morphological control of films produced from

Au-surface segregated alloys.

M. Gammage, S. Stauffer, G. Henkelman, M. Becker, J. Keto, and D. Kovar, Ethylene
binding to Au/Cu alloy nanoparticles, Surf. Sci. 653, 66-70 (2016).

This chapter is taken from the cited article in collaboration with Michael D. Gam-
mage, Graeme Henkelman, Michael F. Becker, John W. Keto, and Desiderio Kovar. All
computational work was done exclusively by myself.
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5.1 Introduction

Previous studies suggest that embedding Ag nanoparticles into a mem-

brane improves selectivity due to the weak chemisorption of ethylene to Ag,

although its binding energy is still too strong for viable industrial separations

[27]. Alloys may provide a method to tune the binding energy, and thus be

an alternative to Ag for ethylene separation. However, for several alloys that

were previously investigated [93, 94], the binding energies with ethylene were

between the pure, end members of the alloys, and therefore were not suitable.

Here, the binding energies of ethylene to Au and Au/Cu alloys are

studied. DFT is used to calculate the binding energies, of ethylene to Ag,

Au, Cu, and Au/Cu alloys and the results suggest that a Au/Cu alloy can

have a lower binding energy than either Au or Cu. The binding energies of

ethylene to metal surfaces is correlated to the C=C vibrational frequencies,

ν(CC), which are measured experimentally. Samples are prepared from the Au

and Au/Cu alloys and experimental measurements are made of the surface-

enhanced Raman spectra (SERS) at the surfaces of these alloys in the presence

of ethylene. The DFT and experimental measurements show good agreement.

Subsequent computational analysis is presented to explain why the binding

energy of ethylene to the Au/Cu alloy is weaker than either to pure Au or Cu.
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5.2 Experimental motivation: anomalous Raman fre-
quency shift of ethylene on Au/Cu substrate

The laser ablation of microparticle aerosols (LAMA) process was used

to produce the metal nanoparticles (NPs) and alloy NPs used in the experi-

ments carried out by my collaborators Michael Gammage of the University of

Texas at Austin. Once LAMA particles were produced, supersonic deopsition

was used to produce films with nano-scale roughness for surface-enhanced Ra-

man spectroscopy analysis. The peak locations in these spectra were related

to the binding energies using the calculated correlations between the C=C

vibrational frequency and the binding energies.

Experimental Raman spectra for ethylene on Au0.35/Cu0.65, Au, and

Ag are shown in Figure 5.1. Broad peaks are clearly observed that correspond

to the ν(CC) mode at ∼1590 cm−1 for Ag and Au0.35/Cu0.65 and at ∼1560

cm−1 for Au. In addition, the δ(CH2) mode is observed at ∼1325 cm−1 for

Au0.35/Cu0.65 and Au and at ∼1350 cm−1 for Ag. In previous studies, it was

shown that the ν(CC) mode for ethylene was at 1539 cm−1 on Au films and

1543 cm−1 on Cu films [95]. What is remarkable about the data in Figure 5.1

is that the ν(CC) mode of ethylene on the Au/Cu alloy is higher than either

Au or Cu, indicating that the binding energy for the alloy is lower than for

either Au or Cu.

Additionally it has been shown that some of the source of the broaden-

ing is related to characteristics of the LAMA film and the laser power used. Ob-

servations of the surfaces of the LAMA-produced films in a scanning electron
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Figure 5.1: Raman spectrum for ethylene on a SERS Au0.35/Cu0.65 alloy (blue)
film. The C=C peak of ethylene is shifted from the unbound position of 1623
cm−1 [1] to ∼1590 cm−1. The spectra for ethylene on SERS Ag (red) and
Au (green) NP film are also shown for reference. Calculated frequency shifts
of the C=C stretching mode of ethylene bound to Ag (red vertical line), Au
(green vertical line), Cu (orange vertical line, and Cu@Au (core@shell, blue
dashed line) nanoparticles are shown.

microscope revealed that, although they were relatively rough at the nanoscale,

regularly spaced gaps between the NPs were largely absent. It is well known

that the gap spacing plays a critical role in peak enhancement in SERS [96]. So

non-optimized gap sizes such as observed in the LAMA-produced films would

be expected to significantly weaken and broaden the SERS spectra. Further

weakening and broadening is expected in Au and Au/Cu alloys relative to Ag

since previously it has been shown that peak intensities decrease going from

Ag to Cu to Au [95]. For the current experiments, the advantages of LAMA

in being able to produce quantities of non-equilibrium alloy NPs sufficient
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to produce thick films outweighs their non-optimized performance as SERS

substrates compared to commercial substrates.

5.3 Computational Methods

For modeling, the energies were calculated with DFT as implemented

in VASP [51]. The projector-augmented wave framework was used to describe

the core electrons [52] and valence electrons were described by single-electron

Kohn-Sham wave functions [53, 54]. The generalized gradient approximation

with the PBE functional was used to describe electronic correlation and ex-

change. The wave functions of the valence electrons were expanded in a plane-

wave basis set up to a kinetic energy cutoff of 300 eV; increasing this cutoff to

350 resulting in changes of binding energy of only 0.005 eV. Spin-polarization

was considered in all cases. Gaussian-type smearing with a width of 0.01 eV

around the Fermi level was used to improve convergence. All systems were

optimized to their ground-state geometry until the forces on each atom were

less than 0.01 eV/Å.

Two geometries were considered, metallic NPs and slabs. Metallic NPs

were modeled with 79-atom in a face-centered cubic lattice and a truncated

octahedral geometry with 8 of vacuum separating periodic images. Slabs were

constructed with the lowest energy {111} surface planes. Four layers were

used to describe all slabs except the alloy for which five were used. Lattice

constants were determined from relaxation of bulk cells; the bottom two layers

of the slabs were frozen in these bulk geometries. The slabs were separated by
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20 Åof vacuum. The Brillouin zone was sampled at the Γ-point for the NPs

and a 4×4×1 k-point mesh for the slabs. In the alloys, atoms were randomly

assigned element types consistent with the overall composition.

Vibrational frequencies were calculated by diagonalization of the Hes-

sian matrix, constructed by displacement of all atoms in the ethylene molecule

by a finite-difference step size of 0.01 Å. Dispersion corrections were tested us-

ing the Tkatchenko-Scheffler method [97, 98] and were found to increase bind-

ing energies by ∼0.3 eV and decrease phonon frequencies by no more than

15 cm−1. The trends in binding energy and frequencies were not significantly

impacted, thus dispersion corrections were not applied to the reported val-

ues. It is well documented that DFT calculations using generalized gradient-

approximation functionals tend to underestimate lattice constants and thus

also underestimate vibrational mode frequencies [99].

5.4 Computational Results and Discussion

DFT calculations of ethylene binding to pure Au, Cu, Ag and alloy

Au/Cu systems were conducted in an effort to explain the observed Au/Cu

alloy Raman spectra. Small, ∼1.0 nm (79-atom) NPs and infinite slab surfaces

were considered, and it was found that size effects did not significantly affect

the trends in binding energies and frequencies across compositions that are of

most interest here.

Different binding sites exhibited similar trends for 79-atom NPs and

slabs, which is consistent with previous findings [27]. NPs with 79-atoms were
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therefore initially sampled for trends in binding energy over a range of binding

sites and NP compositions. Figure 5.2 shows the predicted binding energy

versus C=C stretch frequency for different binding sites of Ag, Au, Cu, and

Au/Cu alloy 79-atom NPs. A nearly linear correlation is apparent between the

binding energy and the frequency with Ag {111} face sites having the weakest

binding (highest ν(CC) frequency), followed by the Ag edge (step), Au {111}

face and the Cu edge sites. Cu {111} face sites are an outlier having similar

binding energy to Au {111} sites, but much lower frequency than Ag edge

(step) sites. These results are consistent with the predictions of a previous

study that showed that ethylene binds strongly to edge sites and less strongly

to {111} surfaces for all systems [27]. This linear correlation of C=C stretch

frequency and ethylene binding energy holds for Au/Cu random alloy particles

as well, with the binding energies and ν(CC) frequencies lying within the range

of the pure Au and Cu systems.

In our search for a plausible theoretical model for the measured ethylene

on Au/Cu alloy Raman spectra, we identified a trend in binding energy for

both pure metal NPs and alloyed Au/Cu NPs, but the predicted range of

binding energies and frequencies of the Au0.35/Cu0.65 random alloy NPs using

this approach is between its end-member metal NPs, Au and Cu, which is not

consistent with the experimentally determined Raman spectra.

To understand the source of this inconsistency, it was necessary to con-

sider likely scenarios for preferential ethylene binding and surface segregation.

Ethylene binding to Cu sites on an alloy surface is stronger than binding to
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Figure 5.2: Calculated binding energy versus C=C stretch frequency for 79
atom Ag, Au, Cu, Au0.35/Cu0.65 and Cu@Au (coreshell) NPs on different bind-
ing sites. Random Au0.35/Cu0.65 alloys (labeled Au/Cu) are shown with the
standard deviation of 30 samples, and single calculations were carried out for
all other NPs, since there is only one composition possible with these mod-
els. Data are presented by the adsorbing metal, Ag (red), Au (green) and
Cu (orange) and are given as e.g. Ag-face (model composition-binding site).
Experimental frequencies are indicated on the y-axis, Ag (red), Au/Cu (blue),
Au (green).

Au sites of equivalent alloys, and thus ethylene should preferentially bind to

all available Cu sites before Au. For a Au0.35/Cu0.65 random alloy, a major-

ity of surface sites would be Cu, and since ethylene strongly binds to Cu,

the average ν(CC) stretching frequency would be lower than for ethylene ad-

sorbed on a Au surface. The SERS Au/Cu substrate, though, had a measured

ν(CC) frequency much higher than that of the SERS Au substrate, 1590 and

1560 cm−1, respectively. This suggests that the ethylene binding measured is
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ethylene bound to Au sites. These results can be explained by preferential

segregation of Au atoms to the surfaces of the Au/Cu alloys, and indeed this

is the expected behavior in the Au/Cu system [27].

To test whether segregation of Au to the surface is thermodynamically

stable, we swapped the identity of a surface Cu to Au for a Au0.35/Cu0.65 ran-

dom alloy NP. The energy difference of the swapped NP and the original con-

figuration was -0.21 eV, indicating that it is thermodynamically favorable for

Au to segregate to the surface. X-ray photon spectroscopy (XPS) performed

on our Au/Cu film was consistent with this hypothesis. XPS conducted on

the surface of the Au/Cu film showed the presence of only Au but sputtering

to remove the surface revealed the presence of both Au and Cu.

Accordingly, we considered a model in which Au was segregated to the

surface of the Au/Cu alloy particle. This model was the core@shell Cu@Au

79-atom NP shown in Figure 5.3a. The binding energy of ethylene on a {111}

facet is appreciably weaker for the alloy, 0.03 eV, than a pure Au or Ag metal

NP, 0.32 and 0.09 eV, respectively, while binding to an edge site, 0.41 eV,

is within the range for random alloy NP binding sites. The predicted C=C

stretch frequency for ethylene bound to a Cu@Au NP on the {111} facet

and edge site are 1674 and 1563 cm−1, respectively. Since the nanoparticles

in the SERS film were larger than our model, and actually in the range of

2-10 nm, we repeated our calculations for the large-size limit: metal slabs.

Specifically, we choose the lowest energy {111} surface, which is expected to

dominate in the experiment. Figure 5.4 shows the results for Ag, Au, and
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Figure 5.3: Image of a) the Cu@Au79-atom NP with adsorbed ethylene on a
{111} facet site: Cu atoms (blue), Au (yellow), C (brown) and b) AuCu@Au
with an adsorbed ethylene molecule: Cu atoms (blue), Au (yellow), C (brown).

Cu slabs compared to a Au0.35/Cu0.65 random alloy slab with a monolayer of

gold on the surface (denoted as AuCu@Au) shown in Figure 5.3b. The results

are consistent with the NP calculations. The AuCu@Au slabs were found to

weakly adsorb ethylene to the surface with a ν(CC) stretching frequency of

∼30 cm−1 higher than an Ag {111} surface; a shift of 70 cm−1 was calculated

for the Cu@Au.

In a previous theoretical report, adsorption energy to a core@shell NP

was at the extremes of the alloy end-members [100], and a related experimen-

tal report noted the segregation of a more noble metal to the surface of a NP

increased the catalytic activity of the substrate [101]. In the Au/Cu alloy sys-

tem studied here, we found that the binding energy of ethylene to the Cu@Au

{111} facets are lower than either end-member. Experimental and theoretical

evidence suggests that the nanoparticle substrate is Au-surface enriched. The
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Figure 5.4: Binding energy versus C=C stretch frequency of ethylene on
Au0.35/Cu0.65 random alloy slab with a surface layer of gold (denoted as
AuCu@Au). The calculated value for Ag, Au, and Cu slabs are given for
reference, as well as the experimental values on the y-axis, Ag (red), Au/Cu
(blue), Au (green).

calculated weaker binding energy on this surface corresponds to a higher ν(CC)

frequency than on Ag by 30 cm−1, pushing the predicted frequency above the

measured Au/Cu SERS peak. The Au-surface segregated model therefore pro-

vides a plausible explanation for the experimental frequency shifts measured

in SERS experiments of Au/Cu films.

5.5 Conclusion

Since weak chemisorption of ethylene is crucial to developing a facili-

tated transport, nanoparticle composite membrane, a promising Au/Cu alloy
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was studied using a combination of DFT modeling and SERS measurements.

It was found that ethylene has a similar binding energy to Au0.35/Cu0.65 and

Ag surfaces, and a considerably lower binding energy than to Au or Cu and this

was rationalized by showing that Au segregates to the surface of Au0.35/Cu0.65

alloys. An optimal alloy for a nanoparticulate membrane for separations should

have an even lower binding energy to ethylene than that measured here for Ag

and the Au0.35/Cu0.65 systems [26]. The current work suggests that, this may

be possible via a thorough screening of compositions and surface structures of

Au/Cu alloy nanoparticles.
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[135] G. Karlberg, T. Jaramillo, E. Skúlason, J. Rossmeisl, T. Bligaard, and

J. Nørskov. Cyclic voltammograms for H on Pt(111) and Pt(100) from

first principles. Physical Review Letters, 99(12):126101, sep 2007.

[136] Ladislav Kavan, Jan Prochazka, Timothy M. Spitler, Martin Kalbac,

Marketa Zukalova, Thierry Drezen, and Michael Gratzel. Li inser-

tion into Li4Ti5O12 (spinel). Journal of The Electrochemical Society,

150:A1000, 2003.

[137] Marina V. Koudriachova. Mechanism of lithium intercalation in ti-

tanates. Journal of Solid State Electrochemistry, 14:549–553, 2010.

[138] Marina Koudriachova, Nicholas Harrison, and Simon de Leeuw. Density-

functional simulations of lithium intercalation in rutile. Physical Review

B, 65(23):235423, jun 2002.

[139] Petr Krtil and Dina Fattakhova. Li insertion into Li-Ti-O spinels:

voltammetric and electrochemical impedance spectroscopy study. Jour-

nal of The Electrochemical Society, 148(9):A1045, 2001.

[140] Kevin Leung and Joanne L Budzien. Ab initio molecular dynamics

simulations of the initial stages of solid-electrolyte interphase formation

on lithium ion battery graphitic anodes. Physical chemistry chemical

physics : PCCP, 12(25):6583–6586, 2010.

88



[141] M. Lovric and F. Scholz. A model for the propagation of a redox

reaction through microcrystals. Journal of Solid State Electrochemistry,

1(1):108–113, 1997.

[142] W. Lu, I. Belharouak, J. Liu, and K. Amine. Electrochemical and ther-

mal investigation of Li4/3Ti5/3O4 spinel. Journal of The Electrochemical

Society, 154:A114, 2007.

[143] M. Dalton, I. Gameson, A. R. Armstrong, and P. P. Edwards. Structure

of the Li1+xTi2xO4 superconducting system: A neutron diffraction study.

Physica C Supercond, 221:149–156, 1994.

[144] M. Manickam and M. Takata. Lithium intercalation cells LiMn2O4/LiTi2O4

without metallic lithium. Journal of Power Sources, 114:298–302, 2003.

[145] Arumugam Manthiram. Materials challenges and opportunities of lithium

ion batteries. The Journal of Physical Chemistry Letters, 2:176–184,

2011.

[146] S. Massidda, Jaejun Yu, and AJ J. Freeman. Electronic structure and

properties of superconducting LiTi2O4. Physical Review B, 38(16):352–

357, 1988.

[147] Ying Shirley Meng and M. Elena Arroyo-de Dompablo. First principles

computational materials design for energy storage materials in lithium

ion batteries. Energy & Environmental Science, 2:589, 2009.

[148] Hiroki Moriwake, Akihide Kuwabara, Craig A. J Fisher, Rong Huang,

Taro Hitosugi, Yumi H. Ikuhara, Hideki Oki, and Yuichi Ikuhara. First-

principles calculations of lithium-ion migration at a coherent grain bound-

ary in a cathode material, LiCoO2. Advanced Materials, 25:618–622,

2013.

[149] E. G. Moshopoulou. Superconductivity in the Spinel Compound LiTi2O4.

Journal of the American Ceramic Society, 20(189530):3317–3320, 1999.

[150] Masanobu Nakayama, Hiromasa Ikuta, Yoshiharu Uchimoto, and Masa-

taka Wakihara. Study on the AC impedance spectroscopy for the Li

89



insertion reaction of LixLa1/3NbO3 at the electrode-electrolyte interface.

Journal of Physical Chemistry B, 107(38):10603–10607, 2003.

[151] Tsutomu Ohzuku. Zero-Strain insertion material of Li43Ti53O4 for

rechargeable lithium cells, 1995.

[152] M. Otani and O. Sugino. First-principles calculations of charged sur-

faces and interfaces: A plane-wave nonrepeated slab approach. Physical

Review B, 73:1–11, 2006.

[153] Minoru Otani, Ikutaro Hamada, Osamu Sugino, Yoshitada Morikawa,

Yasuharu Okamoto, and Tamio Ikeshoji. Electrode dynamics from first

principles. Journal of the Physical Society of Japan, 77(2):1–6, 2008.

[154] Mengjie Pan, Yuxi Chen, and Hongbo Liu. Carbon-coated spinel-

structured Li1−xTi2O4 (0≤x≤0.5) anode materials with reversible two-

stage lithiation potentials. Ionics, 4:2417–2422, 2015.

[155] Wonkyung Ra, Masanobu Nakayama, Hiromasa Ikuta, Yoshiharu Uchi-

moto, and Masataka Wakihara. X-ray absorption study of the electronic

structure of Li-excess spinel Li1+xTi2xO4 (0 < x < 0.33). Applied Physics

Letters, 84(22):4364, 2004.

[156] S Satpathy and Rm Martin. Electronic structure of the superconducting

oxide spinel LiTi2O4. Physical Review B, 36(13), 1987.

[157] Sebastian Schnur and Axel Groß. Properties of metal-water interfaces

studied from first principles. New Journal of Physics, 11, 2009.

[158] Nicholas E. Singh-Miller and Nicola Marzari. Surface energies, work

functions, and surface relaxations of low-index metallic surfaces from

first principles. Physical Review B, 80, 2009.

[159] Yasuhiko Takahashi, Yoshito Gotoh, and Junji Akimoto. Structure and

electron density analysis of oxide spinel LiTi2O4. Journal of Physics

and Chemistry of Solids, 63:987–990, 2002.

90



[160] Norio Takami, Keigo Hoshina, and Hiroki Inagaki. Lithium diffusion in

Li4/3Ti5/3O4 particles during insertion and extraction. Journal of The

Electrochemical Society, 158(6):A725, 2011.

[161] D. A. Tompsett, S. C. Parker, P. G. Bruce, and M. S. Islam. Nanostruc-

turing of beta-MnO2: the important role of surface to bulk ion migration.

Chemistry of Materials, 25(4):536–541, 2013.
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