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Polymers, by virtue of their chemical composition and molecular architecture, 

exhibit a diverse range of microstructural features and properties.  As thin films, due 

primarily to effects associated with confinement and interfacial interactions, their 

properties may be film-thickness dependent. The significance of their thickness-

dependent behavior is underscored by the fact that polymer films are of technological 

interest in areas that include, sensors, catalysts and organic electronics.  One challenge 

associated with the use of thin film polymers is to understand the role of confinement and 

interfacial interactions on thermally induced transitions, such as vitrification and various 

morphological transitions.  To this end, the work presented in this dissertation focuses on 

the behavior of thermally induced transitions in two thin film polymer-based systems: (1) 

an A-b-B diblock copolymer which can undergo a disorder-to-order transitions (ODT), 

wherein the ordered state exhibits varying geometrical symmetries, depending on the 

relative volume fractions of the A and B components; (2) an amorphous polymer filled 

with particles of nanoscale dimensions.   

The first of three problems examined is the influence of supercritical carbon 

dioxide (scCO2) on the order-disorder transition of thin film symmetric A-b-B diblock 

copolymer systems. We show that the transition (χN)ODT, where χ is the energetic A-B 

Flory-Huggins interaction parameter and N is the total degree of polymerization of the 
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copolymer, of the thin film decreased ~ 20% compared to the bulk; the decrease was 

more significant in scCO2 environments.  The decrease of (χN)ODT in scCO2 is contrary to 

observations in bulk copolymer-scCO2 systems where the effective A-B interactions are 

weaker, hence the condition for the transition increases to higher (χN)ODT values.  With 

regard to the second problem, we show for the first time experimentally that 

nanoparticles induced order into thin films of a symmetric A-b-B diblock copolymer at 

temperatures below the bulk ODT.  Finally, we examine the influence of polystyrene 

(PS) grafted nanoparticles on the glass transition of PS films of varying molecular weight 

and thickness. We demonstrate that by controlling spatial distribution of nanoparticles, 

through driving forces of entropic origin, the glass transition temperature of the film can 

be changed drastically, as much as tens of degrees. 
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Chapter 1: Introduction 

1.1 MOTIVATION AND RESEARCH OBJECTIVES 

Since they were first controllably synthesized, the use of polymers has pervaded 

nearly every aspect of human activity.  The first synthetic polymer, the bakelite, was used 

in applications where its insulating properties were needed. As the synthetic procedures 

were refined and the physics of polymers were better understood, it became possible to 

generate entire families of materials whose properties could be tailored for specific 

applications. These long-chain molecules are synthesized in a range of architectures: 

linear chains, multi arm star chains, cyclic molecules, dendrimers, branched and cross-

linked macromolecules. Polymers exhibit a rich diversity of 

morphologies/microstructures determined largely by molecular architecture, chemical 

constituents and various processing conditions.  In many cases fillers are added to the 

polymer during processing in order to achieve certain properties not achievable by the 

pure polymer.  The applications are diverse, from structural applications such as 

automobile bumpers to active components in microelectronic devices and sensors.  More 

recently, many cutting-edge applications, such as sensors, lithography, and organic light 

emitting diodes, rely on the properties and performance of thin film polymers.   

A fascinating aspect of polymers is the fact that many of their properties change 

when they are confined to films in the thickness range of nanometers or tens of 

nanometers.  This is largely due to the increasing importance of interfacial interactions 

and to entropic and enthalpic constraints on the chains in systems. Thus it has become 

necessary to understand the physics that control the structure, and consequently the 

properties, of these confined systems.   
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The work in this thesis involves understanding the behavior of thermally induced 

transitions in three polymer-based systems confined to thin films: (1) the influence of 

supercritical CO2 on the order-disorder transition (ODT) temperature, TODT, of thin film 

A-b-B diblock copolymer systems; (2) the influence of particles of nano-scale 

dimensions on the ODT of thin film A-b-B diblock copolymers, and (3) the glass 

transition temperature, Tg, of an amorphous linear polymer chain system in which 

nanoparticles are embedded (a so-called polymer nanocomposite).  Both properties 

exhibit film thickness dependencies, often in ways that are counterintuitive.  The goal of 

the research presented in this dissertation is aimed at the understanding and control of 

these properties.  

A-b-B diblock copolymers exhibit a range of microphase separated symmetries 

(spheres, cylinders lamellae), above an ODT, depending on the relative volume fractions 

of the A and B components of the chain.1-4  Copolymers are particularly attractive for 

novel applications, ranging from drug delivery to templating of nanostructures.  The ODT 

has been predicted to exhibit some dependence on film thickness and in Chapter 2 we 

show experimentally, for the first time, that this transition can be shifted by a couple  of 

hundred degrees due largely to chain/substrate interactions.  We show, moreover, also for 

the first time that in the presence of a compressible fluid, supercritical CO2, the transition 

in sufficiently thin films can differ considerably from the bulk value.  In Chapter 3, it is 

shown that sterically stabilized metallic nanoparticles can significantly shift the ODT in 

relation to the pure system.  While transitions from one type of symmetry have been 

predicted and observed, we show the first experimental evidence of the shift in the ODT 

of a thin film diblock copolymer nanocomposite.  Finally, in Chapter 4 we examined how 

to control the glass transition temperature of homopolymer thin films through the 

addition of sterically-stabilized nanoparticles.  In this instance we carefully selected a 
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model system in which the interplay between entropic interactions determine the spatial 

distribution of the nanofillers.  This research provides insight on fundamental aspects of 

the relationship between structure and the glass transition in these thin film systems. 

 

1.2 BACKGROUND AND CONTEXT OF CHAPTERS 2, 3 AND 4 

Each of the remaining chapters of this thesis is written in a self-contained manner.  

The goal of the sections below is to provide background introductory material and 

context for the research described in the remaining chapters in this dissertation.   

 

1.2.1 Phase Behavior of Diblock Copolymers in the Bulk 

As mentioned above, Chapters 2 and 3 demonstrate the possibility of significantly 

modifying the ODT of an A-b-B diblock copolymer thin film by exposing it to a 

compressible fluid that is selective to one of the blocks or to sterically stabilized 

nanoparticles.  The goal of this section is to provide an introduction to, and some 

background material, describing block copolymer bulk and thin film materials.  This 

information will provide a context for the work presented in Chapters 2 and 3.   

A-b-B diblock copolymers have diverse applications that range from adhesives to 

optoelectronics. Phase separation below the TODT
1, 2, 5-11 is accompanied by a 

minimization of the interfacial area of contact between dissimilar A-rich and B-rich 

phases.  This leads to a reduction of the enthalpy, which is balanced by a reduction of the 

conformational entropy of the chains, largely connected with stretching, and of the 

translational entropy. The connectivity between the A and B blocks prohibits large-scale 

macrophase separation, so phase separation length scales occur on the order of 

nanometers, determined by the size of the chains.  Below the TODT, spatial arrangement of 
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the phases exhibits varying symmetries, body centered cubic, hexagonal, lamellar, and 

bicontinuous gyroid structures (Fig. 1.1a).  

Three parameters are used to describe the phase behavior of these materials: the 

fraction of A monomers, f, that compose the chain and the order parameter χN, where χ 

is the Flory-Huggins interaction parameter and N is the total degree of polymerization of 

the chain (χ ∝ 1/T, where T is the temperature).2, 5 

Fig. 1.1b shows the phase diagram, χN versus f, for a generic A-b-B diblock 

copolymer, showing the regions where the aforementioned morphologies appear.  It can 

be seen that for a symmetric copolymer (f ~ 0.5) the order parameter value at the 

transition is χN=10.5, and that the corresponding morphology is lamellar.  One should 

note that this value is significantly higher than that observed in binary A/B blends (χN = 

2), as a consequence of the covalent bonding of the A and B blocks. 

Depending on the proximity of the copolymer to the transition temperature, there 

are two different segregation regimes: when χN ~ 10.5, the copolymer is in the weak 

segregation limit (SSL), which is characterized by having broad interfaces between the A 

and B phases4 . It has also been predicted that the lamellar domain, L, (i.e., for the 

symmetric diblocks) scales as the radius of gyration, 

L ∝ N1/2     1. 

The second, SSL, regime occurs when χN>>10.5, and is characterized by very 

narrow interfacial regions between the phases, compared to the dimensions of the 

phases.12, 13  This regime has been investigated thoroughly both theoretically and 

experimentally.  For symmetric diblock copolymers, the interlamellar spacing is  

L ∝ χ 1/6N 2/3    2. 
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Figure 1.1  (a) Schematic diagram of the morphologies developed by A-b-B diblock 
copolymers upon phase segregation, as a function of the relative 
amounts of each block, f: S, spheres; C, cylinders in a hexagonal array; 
G, gyroid; L, lamellar; CPS, closed-packed spheres. (b) Mean-field 
phase diagram for a symmetric diblock copolymer, reproduced from The 
Physics of Block Copolymer3 with slight modifications. 
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1.2.2 Phase Behavior of Diblock Copolymer Thin Films: Interfacial Effects 

Interfacial interactions, enthalpic and entropic constraints on chain configuration, 

together with intermolecular forces, both short range (i.e., hydrogen-bonding) and long 

range (van der Waals), play a critical role toward determining the morphology of polymer 

thin films. Particularly for the case of diblock copolymer thin films, the interactions 

between the A, or B, segments and the external interfaces (free surface or substrate) will 

determine the local segmental concentration profile near the interfaces and will have a 

profound effect on the resulting morphology of the film. We will focus in the case of 

lamellar forming, symmetric diblock copolymers (f = 0.5) to facilitate the discussion. 

Basically two distinct situations may arise depending on whether the diblock is above, or 

below its TODT. 

When the film is below its TODT, the polymer is in an ordered state, that is, it 

undergoes microphase separation. Due to the block connectivity, the composition profile 

becomes either a sinusoidal-like pattern (in the WSL), or a series of alternating pure 

domains of each segment (in the SSL).  

In typical situations, the lamellae tend to orient parallel to the plane of the 

substrate due to the preferential attraction that the monomers have towards each of the 

two interfaces.1, 6-10, 14, 15  The interface potential that gives rise to this type of 

composition profile is a periodic function of film thickness, h (Fig. 1.2a). The locations of 

the minima in the free energy denote the stable film thicknesses. This means that the free 

surface of a sufficiently thin film of thickness h, supported by a substrate, will remain 

flat, stable, if h corresponds to the location of any minima in the free energy function. 
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Figure 1.2  (a) A sketch of the effective interface potential as a function of film 
thickness for a diblock copolymer below its TODT. (b) Representative 
topographies of ordered PS-b-PMMA block copolymer films forming 
holes,6 smooth films, or islands depending on the commensurability of 
the initial film thickness with the position of the minima in the interface 
potential. 
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If the same component is attracted to the free surface and to the substrate 

(symmetric wetting case, represented in figure 1.3a), the free energy minima are located 

at film thicknesses h = nL, where n is an integer. For the asymmetric wetting case 

(different component at the free surface and at the substrate, shown in figure 1.3b)) the 

minima are located at film thicknesses h = (n + 1/2)L.  

For films whose thicknesses do not meet the appropriate stability criteria, 

associated with a minimum, a discontinuous layer of thickness L develops at the free 

surface (Fig. 1.2b). That is, the films try to minimize the free energy of the system by 

forming structures with a height that coincides with the position of the nearest minimum.   

The topography is thus composed of “islands” or “holes,” depending on how far 

the film thickness deviates, δh, from the appropriate stability criterion. The “islands” and 

“holes” account for the excess thickness, δh, and are indicative of self-organization, or 

order, within the film. 

Destabilization of films above the TODT results in a hierarchy of transient and 

stable topographies. The mechanism that engenders each type of topography is correlated 

to the curvature of the interface potential.  Specifically, above the ODT temperature, the 

effective interface potential becomes an oscillatory function that dampens with increasing 

film thickness (Fig. 1.4a).  Films with thickness in the range where the potential has 

negative curvature destabilize through a spinodal process.  On the other hand, films with 

thickness values in the range where the potential exhibits positive curvature destabilize 

through nucleation of holes.  Once again, the minima correspond to stable films with a 

smooth topography.  It is important to note that the thickness value where the global 

minimum of the potential lies is not only stable, but is formed by a brush of phase 

segregated material of thickness L or L/2 (depending on the wetting symmetry of the 

system). The brush formation is ensued by the preferential affinity of the blocks to the 
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interfaces and results in short-range order. Thus, any excess material located on top of 

this brush layer will be disordered and the topographies formed will not be commensurate 

with the lamellar period of the diblock copolymer (Fig 1.4b). 
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Figure 1.3  Schematic representation of the lamellar structures formed upon phase 
segregation of a symmetric diblock copolymer thin film supported by a 
substrate for: (a) symmetric wetting case (b) asymmetric wetting case.  
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Figure 1.4  (a) Schematic drawing of the effective interface potential as a function 
of film thickness for a diblock copolymer above its TODT. (b) 
Representative topographies of phase mixed, PS-b-PMMA diblock 
copolymer films forming droplets on a substrate, a smooth film, or 
droplets on a brush, depending on their thickness in relation to the 
minimum in the interface potential. 
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1.2.3 Diblock Copolymer/Nanoparticle Nanocomposites 

In Chapter 3 of this dissertation, we discuss the effects of the addition of selective 

metallic nanoparticles of varying size on the order-disorder transition of diblock 

copolymer thin films supported by silicon nitride substrates.  Below we provide an 

introduction and background describing the phase behavior of block copolymer-

nanoparticle systems. 

Recently, there has been increasing interest in exploiting the self-assembling 

capabilities of diblock copolymer to fabricate highly-ordered, organic/inorganic hybrid 

materials by mixing the polymeric matrix with nanoscopic inorganic particles. The 

periodic nanostructures thus obtained are expected to lead to significant changes in the 

properties of the material, as compared to those of the pristine polymeric matrix.  A 

thorough understanding of the enthalpic and entropic effects that result in a given 

structure is consequently key to be able to elucidate the structure-property relationships in 

these hybrid systems. 

Simulations show that particles with neutral interactions with the A and B phases, 

if sufficiently large compared to the domain dimensions, will form a separate ordered 

phase.  This is largely due to entropic constraints imposed on the copolymer chains 

associated with incorporating the large particles within a domain.  If the particles are 

sufficiently small, they tend to segregate preferentially toward the interfacial regions 

between the A and B phases of the copolymers16, 17 (Fig 1.5a); the effect is to reduce the 

degree of incompatibility between the phases and this could influence the temperature, 

TODT, at which the transition occurs. 
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Figure 1.5 Schematic of the distribution of nanoparticles within a block copolymer 
for (a) small filler particles with neutral interactions towards both 
blocks, (b) small fillers with preferential interactions with one of the 
blocks and, (c) large fillers with preferential interactions for one block. 
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On the other hand, if the particles are compatible with one phase, for example the 

A-phase, they will preferentially segregate toward that phase, provided they are 

sufficiently small.18, 19  The particles are reasonably distributed throughout a single 

domain to maximize the translational entropy (Fig 1.5b). 

As the particles increase in size, the stretching energy (conformational entropy) of 

the chains increases.  Consequently, larger particles will segregate primarily to the center 

of the domains, to reduce the stretching (Fig. 1.5c). For the same volume fraction, these 

smaller particles can have the effect of swelling the domains more than the larger 

particles.  Homopolymer chains have been shown to behave in a manner similar to the 

nanoparticles in that small chains are distributed throughout the domain and larger chains 

are concentrated toward the center of the domains.20, 21 

In addition to swelling the domains of the copolymers, nanoparticles have been 

shown, experimentally22 and theoretically19, to induce transitions from one ordered phase 

to another.  

The effects of confinement and interfacial interactions on the structure of block 

copolymer/nanoparticles systems have been scarcely studied. However, Lee et al.23 

showed that confinement of a symmetric A-B diblock copolymer between two A-like 

hard surfaces can result in the segregation of the nanoparticles to the interfaces.  The 

particles are pushed to the interface to avoid the conformational entropy loss of the chains 

incurred by having to accommodate these inclusions in the ‘bulk’ of the film.  Even 

more, if the volume fraction of nanoparticles is sufficiently high, the chemical nature of 

the interfaces is effectively modified, resulting in a reorientation of the microdomains to 

form lamellae that lie perpendicular to the interfaces. 
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1.2.4 Glass Transition of Polymer Thin Films 

In recent years, numerous studies have shown that the Tg of thin polymer films 

exhibits a thickness dependence.24-26  This behavior is thought to arise from an interplay 

between confinement effects and interfacial interactions within the film.  By confinement 

effects it is understood that polymer chains experience changes in their configurational 

freedom when they lie close to an interface.  More specifically, the configurational 

entropy of chains that lie close to a substrate is usually restricted compared to that of 

‘bulk’ chains, while a gain in this entropy is expected for chains that are exposed to a free 

surface.  On the other hand, interfacial interactions can arise when chain structure makes 

it possible for specific interactions to take place between substrate and polymer like, for 

example, hydrogen bonding. 

In fact, it has been consistently observed that polymers that have specific 

interactions with a substrate (i.e. PMMA /Si-SiOx, PVP/Si-SiOx)25 present an increase in 

their Tg with decreasing film thickness, whereas polymers that lack such interactions (for 

example PS/Si-SiOx)26 actually decrease their Tg upon a decrease in thickness. 

Several models have been proposed to understand this behavior, for example, 

Keddie et al.25, 26 propose that the free surface of a thin film has a liquid-like behavior 

(Fig. 1.6a).  As the film thickness decreases, the upper layer has more influence on the 

overall behavior of the films. 

Tg = Tg(∞)[1-(A/h)δ]    3. 

Where Tg(∞) is the glass transition temperature at large thickness h, d indicates 

the degree to which Tg decreases with decreasing film thickness, and A is a length scale. 
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Figure 1.6  Schematic representations of models designed to describe the thickness 
dependence of the glass transition in polymers confined to a thin film 
geometry. (a) Liquid-like surface layer model proposed by Keddie et 
al.25, 26 (b) Multiple Tg model proposed by Kim et al.24 
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Kim et al.24 proposed a model in which the polymer film is viewed as a series of 

films stacked on top of each other, each with a different Tg (Fig. 1.6b).  Here the top layer 

has the lowest Tg and as the layers go deeper into the film, the Tg increases. 

h
hThT bulkgg +

=
σ,)(     4. 

where σ is a measure of the rate at which the glass transition temperature decreases with 

decreasing thickness, h. 

McCoy and Curro27 devised a model based on the density of the film, whereby a 

film with a lower density than that of the bulk has a lower Tg (Fig. 1.7).  This implies that 

chain packing determines the sign of the change of Tg, ΔTg. 

bulk
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g H

H
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Here, κ is the bulk modulus, and H is a segmental confinement length.  

The final model we will discuss is based on the concept of dynamic heterogeneity 

within the film, given by Long and Lequeux28.  They propose that the dynamics within a 

polymer are a result of the coexistence of fast and slow domains within the material. This 

heterogeneity arises from local thermal fluctuations of the density, which in turn affects 

dynamics in a non-linear fashion (Fig. 1.8).  The glass transition is thought to be 

associated with the percolation of the slow domains. 
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where ν is a critical exponent for percolation in three dimensions and ξ is a correlation 

length.  Since the percolation threshold is lower in two dimensions than in three 

dimensions, the Tg of a freely standing film should be lower than that of the bulk 

polymer. 
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Figure 1.7 Schematic of the changes in the segmental density profile of a liquid 
confined to a thin film geometry, which are used to explain the thickness 
dependence of Tg.  The diagram is an adaptation from McCoy and 
Curro.27 
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Figure 1.8 Illustration of the coexistence of regions of fast (red) and slow (yellow) 
dynamics which give rise to the glass transition of polymers upon 
percolation.28 
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On the contrary, a strongly interacting wall should give rise to a larger fraction of 

slow domains in a film, which should lead to an increase in Tg, with respect to that of the 

bulk. 

While most studies on thin films have focused on the Tg vs. h behavior of 

homopolymer systems, some experiments with blends have been carried out.  It is worth 

mentioning that the aforementioned models have been successfully applied to model 

experimental results of thin polymer mixtures.  Pham et al.29, 30 studied a miscible blend 

of TMPC/PS on Si/SiOx substrates.  This is an asymmetrically wetting substrate, with 

TMPC adsorbing to the substrate, while PS enriches the free surface due to a lower 

surface energy, γ.  The authors show that pure TMPC films show a positive ΔTg with 

decreasing thickness, consistent with the notion of highly interacting polymer-substrate 

behavior.  However, films having a composition of 70-30 TMPC:PS show the opposite 

behavior, suggesting that the higher mobility in the surface (where there is a measured 

composition of ~75% PS) dominates the Tg behavior. It is clear now that both 

confinement and surface interactions play a decisive role in the behavior of Tg vs h of 

thin polymer films.   

  

1.2.5 Glass Transition in Polymer Nanocomposites 

Bulk and thin film polymer nanocomposites have gained much attention recently 

due to the enhanced properties31-34 endowed by novel nanomaterials, like inorganic 

nanoparticles, nanoclays, carbon nanotubes, etc.  In comparison to traditional 

microscopic fillers, the nanoscopic dimensions of the dispersed particles can lead to a 

greater effective surface area of polymer segments in contact with the filler at a given 

particle volume fraction. Moreover, chain confinement and polymer bridging between 

particles are relatively commonplace in polymer nanocomposites due to the fact that 
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interparticle separation distances become comparable to the average size of the polymer 

chain at low particle volume fractions.   While much has yet to be learned about these 

systems, it is expected that these factors play a significant role in the resulting properties 

of the nanocomposites.  

The importance of interfacial interactions and confinement effects in the 

properties of these systems has naturally led researchers to make connections between the 

behavior of polymer nanocomposites and polymer thin film systems.31  The dynamic 

percolation model described above28 suggests that the presence of particles should affect 

the fraction of slow domains in these systems, and consequently their glass transition. 

Generally, one would expect an increase in the Tg of the polymer upon addition of 

strongly interacting particles, while a decrease in the Tg should be favored when the 

particles surfaces are neutral or repulsive.35-38  

The dependence of the Tg of polymer nanocomposites on the polymer-particle 

interactions has been mostly studied for hard-sphere particle/polymer mixtures. In 

practice, `soft´ particles, obtained by the grafting of polymer chains on the particle 

surface, are often used to counteract the strong attractive interactions between inorganic 

cores that can lead to their aggregation.  In Chapter 4, we examine the glass transition of 

athermal thin film mixtures of polymer-coated metallic nanoparticles embedded within a 

chemically-identical homopolymer film.  It is seen that control of the location of 

nanoparticles within the film can be obtained by tailoring nanoparticle size and brush 

characteristics.  Such control over the structure of the nanocomposite is of great 

importance to gain a deeper understanding of the glass transition behavior in these thin 

film nanocomposite systems. 
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Chapter 2: The Ordering Transition of Block Copolymer Films 

 

2.1 INTRODUCTION 

A distinctive feature of diblock copolymers is their ability to self-assemble into 

periodic structures with nanometer dimensions below an order-disorder transition, ODT.1-

6 The driving force for this process is the minimization of unfavorable contacts between 

the constituent blocks of the chain, at the cost of conformational and translational 

entropy.  This self-assembling capability makes diblock copolymers useful for a wide 

range of applications involving, for example, templating periodic patterns for 

microelectronics, synthesis of porous materials, or patterning in lithography.7-12 

In some of these applications, the block copolymer is confined to a thin film, 

usually supported by a solid substrate.  Under these conditions, interactions of the block 

constituents with the interfaces can have a profound impact on the film topography and 

morphology,4 as discussed in Chapter 1.  Precise control of the desired morphological 

structure and large-scale order is, however, a challenging endeavor.  It is therefore 

desirable to devise processing schemes which allow the control of structure formation in 

this type of systems by modifying interfacial interactions.  One common approach to 

achieve this goal is processing the films under saturated solvent vapor environments 

which have some affinity towards one of the blocks, and which also allow the process to 

be carried out at low temperatures.  Along the same lines, the use of supercritical fluids 

has become perhaps a more attractive alternative, due to the tunability of its solvent 

properties, which permits manipulation of interfacial interactions with small adjustments 

in pressure or temperature. 
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Most polymers are subject to swelling and plasticization by supercritical CO2, 

which can cause depressions in their Tg of several tens of degrees.  With respect to the 

sorption and swelling, it has been observed that CO2 can be absorbed by as much as 20 

wt. %, depending on the specific polymer.  A key factor that determines the amount of 

CO2 absorbed by a polymer is the type of short range interactions that might take place 

between the compressed gas and the monomers in the chain. For example, Zhang et al.13 

observed that poly(methylmethacrylate) (PMMA) absorbs twice as much CO2 as 

poly(styrene) (PS), due to the attractive interactions between the carbonyl groups of both 

PMMA and the CO2 .  There is no such type of interaction in the PS/CO2 system thus 

resulting in lower sorption levels. 

Remarkable differences have been observed in the phase behavior of polymer 

blends and diblock copolymers in the presence of CO2.  In the case of diblocks with 

lower disorder-order transition temperature (LDOT) and lower critical solution 

temperature (LCST)-type blends, it has been observed that the transition temperature can 

be shifted tens of degrees upon sorption of small amounts of CO2
14-18 (Fig. 2.1b). 

The cause of this behavior is that the CO2-polymer system becomes highly 

compressible in comparison to the melt.  Further, due to preferential sorption of CO2 into 

one of the polymers in the blend, the difference in compressibility increases with 

increasing CO2 content.  This drives the blend to phase separate. 

On the other hand, diblock copolymers with an upper order-disorder transition 

temperature (UODT) and upper critical solution temperature (UCST)-type blends have 

been shown to exhibit a decrease of a few degrees in their critical solution temperature14-

18 (Fig. 2.1a).  The tendency of the copolymer toward phase mixing in CO2 is due to a 

lowering of the interfacial tension between the A and B-blocks (or homopolymer chains) 

and to the screening of unfavorable enthalpic interactions between the A-B blocks or 
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blend components.  This behavior is not uncommon with supercritical solvents or with 

slightly selective organic solvents  

In the present study, we examine the influence of a SiOx/Si substrate on the 

ordering of thin film symmetric PS-b-PMMA copolymers with thicknesses less than 

twice the lamellar period (h<2L) in (1) vacuum environments at 170°C and (2) in 

compressed CO2 environments at 170°C.  We show that while in vacuum (or air) bulk 

copolymer mixtures may be phase mixed, the substrate induces significant order in these 
films, shifting the bulk ODT by [ ] 24.0)/()()( ≈− −−− ODTblkODTfilmODTbulk NNN χχχ , which 

corresponds to a shift of over 100 degrees.  In compressed CO2, the ODT is shifted 
further, at least by [ ] 29.0)/()()( >− −−− ODTblkODTfilmODTbulk NNN χχχ , not lower! 
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Figure 2.1 Schematic illustrating the effects of CO2 on the phase diagram of a block 
copolymer. The solid curves represent the diagram under air/vacuum 
environments whereas the dashed curves represent the diagram under 
scCO2 conditions. (a) CO2 lowers the upper order –disorder transition 
(UODT) temperature favoring mixing. (b) CO2 reduces the lower 
disorder-order transition (LDOT) temperature inducing phase 
segregation. 
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2.2 EXPERIMENTAL SECTION 

Mixtures of symmetric poly(styrene-b-methyl methacrylate) (PS-b-PMMA) of 

two different molecular weights, Mn = 20,500 g/mol (N=201) and 65,500 g/mol (N = 

650), were blended in different proportions to prepare samples of number average 

degrees of polymerization, from N=201 to 650.  The value of the PS-PMMA Flory-

Huggins interaction parameter, χ, at this temperature is 0.036819.  Since N in this study 

ranged from 201 to 650, the values of χN for the samples ranged from 7.4 to 25.8 at 

170°C.  The molecular weight distributions of these polymers were narrow, Mw/Mn = 

1.14 and 1.06 for the long and short copolymers, respectively.  These copolymers are 

polymer standards purchased from Polysciences, Inc.  The mixtures were dissolved in 

toluene and spin coated onto polished silicon wafers.  A native oxide layer of 

approximately 1.5 nm resided on the Si substrate, as measured by ellipsometry.  Different 

thicknesses of copolymer films were spin coated for each mixture: h = 10-40nm (i.e. all 

samples are of thickness h < 2L).  A series of films were scored at the center and then 

annealed under vacuum at 170°C for approximately 16 h.  This provided more than 

sufficient time for the topographies to develop.  Generally, techniques such as 

transmission electron microscopy or scattering measurements are reliably used to 

demonstrate order or disorder in these systems.  However since the existence of the 

topography is indicative of order (phase segregation) then analysis involving scanning 

force microscopy (SFM) is a viable alternative.  

The samples were subsequently quenched to room temperature after processing 

and then scanned using scanning force microscopy (SFM) in the contact mode.  A second 

series of samples of the same thickness range was processed under a CO2 atmosphere 

(Matheson 99.9999% purity) at 170°C, 110°C and 60°C, and a pressure of 145 bar, 



 30

enclosed within a fixed volume, high-pressure cell.  After a processing period of 24 h, the 

cell was cooled to ~ 25°C, depressurized to ambient pressure at a rate of one bar per 

second, and then scanned using contact mode scanning force microscopy. 
 

2.3 RESULTS AND DISCUSSION 

2.3.1 Diblock copolymer in vacuum at 170°C 

A series of samples were annealed under vacuum conditions at a temperature of 

170°C, which corresponds to the bulk order disorder transition of a sample with N = 292.  

In vacuum (or air), PS is preferentially attracted to the free surface because of its lower 

surface tension at this temperature, whereas PMMA is preferentially attracted to the 

SiOx/Si substrate.   A common feature of all the films is that a “brush” layer of copolymer 

is formed at the SiOx/Si substrate after annealing.1, 4, 6, 20-24  The brush layer represents the 

self-organization of a single layer of copolymer chains (Figure 2.2a); hence its thickness 

is L/2 (Figure 2.2b), where L is the interlamellar spacing. Droplets reside on this brush 

layer and the dimensions of the droplets bear no relation to L.  The schematic in part (c) 

of this Figure shows the organization of chains in the vicinity of the substrate; the chains 

in the droplet lack the order of the chains in the brush. 

Previous studies of thin films of the N=200 (Mw=20,500 g/mol) copolymer 

sample were conducted by Limary and Green24-26.  This sample is disordered in the bulk 

and in thin films the brush layer of thickness h=L/2=7 nm resides on the SiOx/Si 

substrate.  Beyond this layer, the sample is disordered as droplets reside on its surface.  

The effective interface potential (free energy of interaction per unit area) for this sample 

is characterized by a damped oscillatory profile with a minimum at h=L/2 corresponding 

to a stable film thickness (asymmetric wetting)26. 
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Figure 2.2  An SFM image of a 20 nm film of N = 208 annealed at 170°C is shown 
in part (a).  Droplets reside on the brush layer of thickness L/2 = 7.14 
nm, as indicated by the accompanying line scan in part (b).  The sizes of 
the droplets bear no relation to L. Shown in part (c) is a schematic of the 
local organization of the chains where the droplet is on contact with the 
brush layer, with the brush layer in contact with the substrate. 
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This layer is one half of the interlamellar spacing because the PS component is 

preferentially attracted to the free surface and PMMA to the substrate.  This is the 

thickness of the brush layer.  The topography is determined by curvature of the effective 

interface potential at the relevant film thickness.  When the curvature of the profile is 

negative, spinodal patterns were observed, otherwise holes develop.  It was shown that 

the topographies of films thicker than L/2 but less than approximately 5L/2 were 

characterized by transient holes or spinodal patterns.  These topographies eventually 

evolved into droplets at sufficiently long times.  Thicker films remain kinetically stable.   

The topography of the film illustrated in Figure 2.2 is readily rationalized with a 

similar picture involving the effective interface potential.  The brush layer would 

correspond to a lamellar thickness of L/2 and the transient topographies observed in the 

figure would be associated with the shape of the effective interface potential at the 

relevant film thickness.  In fact, films of N equal to and less than 210 exhibited similar 

behavior, formation of a single brush layer on which droplets resided.  The observations 

are rationalized in terms of a single minimum in the damped oscillatory profile, as was 

done by Limary et al.24 for the copolymer of N = 201 (Mn = 20,500 g/mol.).  

Samples with degrees of polymerization of N > 216 were ordered throughout; 

terraces (islands or holes) of height L resided on the brush layer of thickness L/2 in each 

case (Figure 2.3a).  Figure 2.3b shows a typical line scan of holes in a sample of initial 

thickness h = 20 nm (N = 216).  There the brush layer is of thickness h0 = 8.4 nm and the 

second layer of height L = 18 nm.  These results indicate that this sample is ordered 

throughout the thickness range of up to 2L (Droplets reside on the surfaces of films with 

thicknesses h > 2L or thicker), as illustrated in Figure 2.3c. 
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Figure 2.3  An SFM image of the topography of a sample of N = 216 (χN = 7.94) 
(N = 208) with thickness h = 20 nm annealed at 170°C is shown in part 
(a).  The line scan, part (b), indicates that the second layer is ordered and 
of thickness twice that of the brush layer.  (c) Schematic representation 
of the ordered lamellar structures present in this phase segregated film. 
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An estimate of an upper bound of the shift of the ODT associated with the 

ordering of the second layer due to the influence of the substrate may be obtained from 

our data.  For the sample with N = 216, the bulk ODT would occur at a temperature of –

84°C.  The film is ordered over the thickness range of h < 2L at 170°C, indicating that the 

ODT is shifted by at least a temperature of approximately 254 °C.  Alternatively, the shift 

may be viewed as  

 
[ ] 24.0)/()()( ≈− −−− ODTblkODTsampleODTbulk NNN χχχ    1. 

 
where 5.10)( ≈−ODTbulkNχ  and 94.7)( ≈−ODTsampleNχ .  A sample of N = 245 exhibits 

some degree of order for thicknesses of up to 3L, whereas droplets form on the surfaces 

of films of thickness h = 4L.  The extent to which order would be induced throughout a 

thick sample would depend on the distance to the substrate and on the proximity of the 

χN of the sample to the bulk condition 5.10)( ≈−ODTbulkNχ .  These results demonstrate 

that small differences in χN lead to large shifts of the ODT in temperature.  

It is important to examine the average chain length dependence of the 

interlamellar spacings, L, in this system since it can be indicative of the extent of the 

degree of segregation.  Numerous line scans were taken of the brush layer and of the 

terraces of samples of h < 2L.  All measurements were averaged and the data plotted in 

Figure 2.4.  The measurements of the brush layer thickness are represented by circles and 

those of the terraces represented by triangles.  The line drawn through the data, though 

limited in range, has a slope of 2/3.  The 2/3 power law is consistent with strong 

segregation behavior.  Regardless of the slope, the main point is that samples of N > 216 

were ordered throughout, for all these films of thickness h < 2L.   
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The increase of the ODT of the PS-b-PMMA (vacuum) thin films supported by 

SiOx/Si substrates relative to the bulk is readily understood.  PMMA exhibits a strong 

affinity with the oxide layer (H-bonding), which has the effect of excluding PS from the 

substrate.  PS has a lower surface energy and is preferentially attracted to the free surface, 

though the free surface interaction is weak in comparison.  The action of these two 

“surface fields” leads to a larger effective interaction parameter between PS and PMMA 
in the vicinity of the substrate, )()( PMMAPSPMMAPS bulksurf −>− χχ and an associated 

higher ODT.  The disparity between the two interaction parameters, of course, is 

diminished at locations away from the substrate. 
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Figure 2.4  The chain length dependencies of interlamellar spacing obtained from 
the height of the topographical features (L) and from the height of the 
brush layer (L/2) are shown here.  The line drawn through the data has a 
slope of 2/3. 
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2.3.2 Diblock copolymer in CO2 at 170°C 

The effect of CO2 on the ordering transition of the copolymers is now discussed.  

As mentioned above, bulk studies of PS-b-PMMA indicate that CO2 should have the 

effect of enhancing the miscibility, i.e.: lowering the ODT.  We found that all thin film 

samples of h < 2L processed in CO2 at 170°C and 145 bar exhibited ordering throughout, 

indicating the opposite behavior.  We begin by showing an SFM scan of the sample of N 

= 201 in Figure 2.5a.  The accompanying line scan indicates that a second layer of 

thickness L, above the brush layer, is ordered (Fig. 2.5b). The surprising observation in 

Figure 2.5 is that the 20 nm film in CO2 at 170°C is ordered throughout whereas for the 

same sample annealed in vacuum at the same temperature the chains above the brush 

layer are disordered.   Recall that, in the bulk, while CO2 preferentially interacts with the 

PMMA phase, the relative concentration of CO2 molecules between the PS and the 

PMMA phases is reduced due to entropic considerations since the molecules increase 

their translational entropy by residing in both PS and PMMA phases.  Consequently, the 

relative interactions between the unlike segments are mediated and the effective χ-

parameter is lower, leading to a decrease of the ODT.16  In thin films, supported by a 

substrate that interacts strongly with one component of the copolymer, on the other hand, 

the effective χPS-PMMA parameter is larger in the vicinity of the substrate than the bulk.  

Consequently, in thin film PS-PMMA/CO2 systems, the ODT is larger than the bulk 

ODT.   

If the same argument used to explain the lowering of the ODT in the bulk is 

applied here, then the ODT of the thin film PS-PMMA/CO2 system should be the lower 

than the ODT of the thin film PS-PMMA/vacuum system.  Clearly, it does not work in 
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this situation.  We might begin to understand this observation by considering the 

following. 
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Figure 2.5  Shown here is an SFM scan of the sample of N = 201 and h = 20 nm 
annealed at 170°C under 145 bar of CO2.  The line scan indicates that 
unlike the sample in Figure 1, annealed in vacuum at the same 
temperature, both layers are ordered. 
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Regardless of the film thickness, the relative interactions between PS and CO2 

and PMMA and CO2 are different.  However, the ordering of the film in CO2 suggests 

that the nature of the interactions between CO2 and each of the polymers is thickness 

dependent and more importantly, the disparity between the CO2-PS and CO2-PMMA 

interactions in thin films is much larger than in the bulk.  There is evidence of such an 

increasing disparity based on CO2 devitrification measurements of both polymers.27, 28  

To begin with, in thin films, the Tg of a PMMA film on the SiOx substrate increases with 

decreasing film thickness, whereas  PS films on the same substrate exhibit the opposite 

trend.  At a temperature of 75°C, for example, a CO2 pressure of 45 atm is required to 

plasticize a PS film of 100 nm whereas a pressure of approximately 42 atm is required to 

plasticize a PMMA film of the same thickness on the same substrate.  However, for a 

PMMA film of 25 nm, a pressure of 15 atm is required whereas for a PS film of the same 

thickness on the same substrate a pressure of 34 atm, twice as large, is required to 

plasticize the PS film.  In short, the increasing disparity between the interactions of CO2 

between PS and with PMMA with decreasing film thickness would account for the 

ordering of the film in CO2.  To this end, it should be further emphasized that small 

changes in enthalpic interactions are associated with large changes in ordering 

temperatures; the chi parameter has a large entropic, temperature independent, term and a 

second term that varies as 1/T; large changes in T are associated with small changes in χ. 

In a recent publication, Shah et al.29 perform mean field theoretical calculations to 

study the stability of diblock copolymer films supported by a neutral substrate as well as 

of bulk systems, both in the presence of a selective compressible solvent.  The authors 

define a ‘layered dewetting temperature’ (LDT) at which a periodic double-well 

minimum appears in the free energy as a function of thickness of a thin diblock 

copolymer film.  This LDT is equivalent to the thin film ODT of our samples.  Their 
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results are in qualitative agreement with our experimental observations, namely, that the 

LDT lies below the bulk ODT.  Further, they investigated the role of the compressibility 

and selectivity of the solvent.  They found that LDT decreases even further as the solvent 

pressure increases (leading to greater solvent content in the film), but the change is not 

substantial.  For the case of solvent selectivity, they found that greater LDT depressions 

are obtained if the degree of selectivity increases. 

We now briefly discuss two different experimental observations that give us more 

insight with regards to the degree of segregation imparted by CO2.  A set of samples with 

degree of polymerization N = 201 was annealed at 110°C, and 145 bar.  The sample 

thickness ranged from 18 nm to 72 nm.  Upon inspection of two representative samples 

under SFM (Fig. 2.6), we see that the films form once again, a brush layer with thickness 

1/2L.  The morphology of the material sitting on top of the brush is different for the thin 

film (22nm) compared to the thicker one.  Indeed the thin film shows the presence of 

islands, with height L, as expected (Fig. 2.6a).  On the other hand, the thicker sample 

(33nm) shows a mixed morphology (Fig. 2.6b):  It shows the presence of islands 

(segregated material) on top of a brush.  The remaining material shows no evidence of 

phase segregation, and in fact, a rim indicative of dewetting can be seen.  These results 

highlight the short-range character of the order induced. 

To conclude, we discuss the second observation.  Figure 2.7 compares the line 

scans obtained for experiments at 110°C and 60°C.  In figure 2.7a, it is clearly seen that 

the sample annealed at 110°C wets the substrate in an asymmetric fashion. On the other 

hand, the line scan for the sample 2.7b reveals that the height of the first and second 

layers is practically the same, indicating that the lamellar structure has gone from 

asymmetric to symmetric wetting.  We propose that this change in wetting behavior is 

due to a higher CO2 density at such a low temperature. 
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Figure 2.6   Topography images, and line scans of PS-b-PMMA films of degree of 
polymerization N = 201 annealed at 110°C under 145 bar of 
supercritical CO2.  (a) Topography and line scans of sample with 
original thickness h = 22nm.  The image is representative of the sample 
surface: structured islands on top of a segregated brush.  (b) Topography 
and line scans of the same diblock copolymer spin coated to a thickness 
of h=33nm.  The sample has a mixed topography in which structured 
islands reside on top of a brush layer, but the majority of the material is 
dewetting, and will eventually form amorphous droplets.  This is an 
indication that enhancement of phase segregation is relatively short-
ranged. 
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Figure 2.7 Topography images, and line scans of PS-b-PMMA films of degree of 
polymerization N=201 annealed under 145 bar of supercritical CO2 at: 
(a) 110°C, and (b) 60°C. From the images, it can be seen that the system 
undergoes a shift in wetting behavior from asymmetric at high 
temperatures to symmetric at low temperatures.  
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The increase in density has the effect of modifying the interfacial interactions at 

the free surface: the number of relatively unfavorable interactions between PS and the 

supercritical fluid increases significantly.  A way to minimize its free energy is by 

allowing PMMA to reside at the free surface, since its interactions with CO2 are more 

favorable.  This means that the first layer in the film goes from a brush layer to a full 

lamella.  It is important to note this ability to change the wetting characteristics of the 

diblock copolymer with changes in annealing temperature is likely to be exclusive to 

supercritical fluids, whose density and solvent quality can be markedly modified with 

small adjustments of pressure/temperature. 

 

2.4 CONCLUSIONS 

Bulk, symmetric, A-b-B diblock copolymers undergo an isotropic-to-lamellar 

transition below the ODT, characterized by the condition χbulkN > 10.5.  We have shown 

that thin film PS-b-PMMA copolymers undergo this transition for χbulkN <10.5, a 

substrate induced transition.  This is because interactions of PMMA with the substrate 

leads to a larger effective χsubstrate > χbulk in the vicinity of the substrate compared to the 

bulk.   

The significant finding is that experiments conducted in the environment of a 

compressible fluid, which is generally expected to reduce the ODT (in fact known to 

induce mixing in the PS-b-PMMA bulk) shows the opposite effect.  Our results reveal 

that the effective ODT of this system is not only larger than the bulk, but also larger than 

the system in vacuum environments.  This result is particularly noteworthy because CO2 

is known to plasticize both PS and PMMA homopolymers and hence decrease their 

viscosities considerably.  However in this case, diblock copolymers of the same polymers 

self-organize.  The implication is that whereas it would be easy to process thin film 
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homopolymers because of the reduced viscosity, the effective viscosity of the self-

organized diblock copolymers would be much larger that one would initially anticipate.  

Furthermore, we found evidence that suggests that the enhancing effect of CO2 on the 

phase segregation of confined diblock copolymers might be limited to less than two 

lamellar spacings. Additionally, we found that by carefully adjusting the density of 

supercritical CO2 a shift in the wetting characteristics of the film can be obtained.   The 

consequences of this are far reaching with regard to processing. 
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Chapter 3: Nanoparticle-Induced Shift in the Order Disorder 
Transition of Confined Diblock Copolymers 

 

3.1 INTRODUCTION 

 

During the last few decades, organic and inorganic fillers have been added to 

polymers with the goal of improving their mechanical properties for different 

applications.  Fillers such as carbon black, talc and fiber glass were added to different 

polymers to fabricate macroscopic composites.  The mechanisms by which the 

mechanical properties of these materials are improved are well understood.   In recent 

years, it has been shown that more significant enhancements of physical properties can be 

achieved with the use of fillers with nanoscopic dimensions, comparable to the average 

dimensions of a polymer chain or smaller.  Organo clays, fullerenes (carbon nanotubes 

and their derivatives, C60 etc.), metallic nanoparticles and semiconducting nanoparticles 

(quantum dots) represent examples of nanoparticles that can be incorporated into polymer 

hosts to create polymer nocomposites PNCs).   

Depending on the polymer and the properties of the nanoparticles, many 

properties of the system are changed1-10: chain relaxation times, diffusion, viscosity, 

morphology, wetting, mechanical, thermal, electrical and optical properties. The 

properties exhibited by PNCs, are more significant, and often counterintuitive, in 

comparison to conventional macroscopic composites.  The property enhancements 

exceed predictions based on conventional theories used to describe the behavior of 

macroscopic composites.  This new class of materials has the potential to enable some 
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exciting new technologies in the fields of photonics, sensing, and catalysis, to name just a 

few.   

The properties of PNCs are extremely sensitive to the spatial distribution and 

ordering of the nanoparticles throughout polymer host.  Control of the dispersion is 

difficult because the particles exhibit a strong tendency to aggregate.11, 12  One strategy 

that has gained much attention recently is to incorporate the particles into an A-b-B 

diblock copolymer host, thereby taking advantage of the compatibility between the 

particle and one of the components.  The use of A-b-B diblock copolymers as the 

polymeric matrix is of particular interest due to their rich phase behavior that allows them 

to self-assemble into three-dimensional periodic nanostructures, as mentioned in Chapter 

1.   

Generally, when nanoparticles are added to such phase segregated geometrical 

structures, the particles segregate to the regions of the sample with which they are 

thermodynamically most compatible.13-17  For example, if the A-phases form spheres, 

then the nanoparticles that are compatible with the A component will form a 

discontinuous phase because they, in principle, will reside in the A phase only.  

Depending on the relative size of the particles in relation to the dimensions of a domain 

(D/L), the strength of the relative interactions of the particles with the phases (χ), the 

volume fraction of the particles, and the particle-particle interactions, a wide range of 

morphologies are possible.2, 13, 18-20  

There have been a number of challenges associated with the incorporation of 

nanoparticles within copolymer phases.  Particle-particle interactions are especially 

problematic in practice, since such interactions can have a dominant effect on the free 

energy.  One strategy that is often used is to graft polymer chains of different lengths at 

varying densities onto the particles.  By doing this, control over the interactions with the 
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polymer host may be exercised.  We will address this issue later in this paper as it forms 

the basis for the experiments discussed here. 

Most of the attention thus far has concentrated on bulk systems, and very little on 

thin films.  In this study, we are interested in understanding the effect of polystyrene 

(PS)-capped gold nanoparticles on the morphology of low molecular weight thin films of 

symmetric poly(styrene-b-methyl methacrylate) (PS-b-PMMA) diblock copolymers.  The 

films were supported on silicon nitride (Si3N4), which is selective towards the PMMA 

block, and their thickness (h) ranged from 1/2L < h < 2L, where L is the lamellar domain 

size.  The total diameter of the particles and grafted brush layers, D, is comparable to or 

smaller than L of the copolymer chains. We show that the nanoparticles induce lamellar 

order to the system, even beyond what is expected for highly confined diblock films. 
 

 

3.2 EXPERIMENTAL 

3.2.1Nanoparticle synthesis and characterization 

Gold nanocrystals were synthesized using a modified version of the two-phase 

arrested precipitation method first reported by Brust et al.21, 22  Two separate reaction 

batches were prepared; the first one was stopped at an early time to obtain nanoparticles 

with an average diameter of 1.8 nm. The second batch was allowed to react until the 

average nanoparticle core size reached an average value of 5 nm.  The surface of both 

types of nanoparticles was passivated with thiol-terminated polystyrene chains with 

molecular weight of 1000g/mol (degree of polymerization, N = 10).  The average size of 

the gold cores was measured from scanning transmission electron microscope (STEM) 

images of the nanoparticles, which were evaporated from dilute solution onto a regular 

copper TEM grid (Ted Pella, Inc.).  STEM was performed on a JEOL 2010 microscope 
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operated at an accelerating voltage of 200 kV in scanning mode using a high-angle 

annular dark-field detector.  Gold core diameter measurements were taken from over 300 

particles using Image J software.  Measurements of the inter-particle separation distances 

allowed us to estimate the thickness of the grafted brush (~ 2nm). 
 

3.2.2 Sample preparation 

Symmetric diblock copolymers of polystyrene and poly(methylmethacrylate), 

(PS-b-PMMA) of number average molecular weights Mn = 20,500 g/mol and Mn = 

65,500 g/mol were purchased from Polysciences, Inc. and used as received.  Toluene 

solutions of each diblock copolymer were blended in order to obtain mixtures with 

average degrees of polymerization ranging from 201 to 306.  These solutions were then 

mixed with solutions of each nanoparticle size, at two different concentrations, 0.1 and 

1% by weight of gold. 

The nanocomposite solutions were spin coated onto silicon wafers with a 100 nm 

silicon nitride layer grown by LPCVD (WaferNet, Inc.).  The resulting film thicknesses 

ranged from 22 to 28 nm.  A second set of neat diblock films was prepared as a control 

experiment.  

After spin coating, the nanocomposite samples were annealed at 170°C under a 

vacuum for 16 h, which is sufficient for the morphology of the films to develop.  The 

topography of these films was observed using scanning probe microscopy to assess the 

formation of phase segregated structures and their swelling.  



 52

 

3.3 RESULTS AND DISCUSSION 

3.3.1 Shifts of the Order-Disorder Transition in Diblock Copolymer/Nanoparticle 
Films 

Our findings regarding the effect of adding selective nanoparticles to PS-b-

PMMA thin films are summarized in Figures 3.1-3.3. Let us first discuss the phase 

behavior of the pure diblock films (Figs. 3.11a to 3.1c). At the experimental conditions 

used, the corresponding χN values of these films are 7.4, 7.6, and 7.9, respectively.  All 

the samples show the presence of a phase segregated brush layer, with a height 

corresponding to half the lamellar spacing.  The phase segregation of this layer is driven 

by the presence of the substrate which is selective towards one of the blocks (in this case 

PMMA)23-25.  Upon inspection of images 3.1a and 3.1b, one can see droplets on top of the 

brush layer; these droplets are made of phase mixed material, since they are not 

commensurate with the underlying brush. A schematic representation of the configuration 

of the chains in the films above their TODT is shown in figure 3.4a. On the other hand, the 

sample shown in figure 3.1c clearly shows the formation of a second layer on top of the 

brush.  This second layer is of height ~ L, which means that all the material in the film 

has undergone microphase segregation and formed lamellar structures (Fig. 3.4b).  

Therefore, we consider that the location of an order-disorder transition lies between the 

values of 7.6 < χN < 7.9.  These values are consistent with previous experimental results 

of PS-b-PMMA thin films spin coated on Si/SiOx substrates.26 
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Figure 3.1 Topographic SFM images and corresponding line scans of neat PS-b-
PMMA films after annealing for 16 h at 170°C.  The degree of 
polymerization of each sample is (a) 201, (b) 208, and (c) 216. 
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Figure 3.2 Topographic SFM images and corresponding line scans of 
nanocomposite films of  1% wt. gold nanoparticle (d = 2nm)/PS-b-
PMMA after annealing for 16 h at 170°C.  The degree of polymerization 
of each sample is (a) 201, (b) 208, and (c) 216. 
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Figure 3.3 Topographic SFM images and corresponding line scans of 
nanocomposite films of  1% wt. gold nanoparticle (d = 5nm)/PS-b-
PMMA after annealing for 16 h at 170°C.  The degree of polymerization 
of each sample is (a) 201, (b) 208, and (c) 216. 
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Figure 3.4  Schematic of the different conformation of a block copolymer melt (a) in 
a disordered state, and (b) in an ordered state. 
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We now turn our attention to the nanocomposite films.  Figures 3.2a to 3.2c show 

the topography of PS-b-PMMA diblock films filled with PS-covered gold nanoparticles 

with d = 2nm.  The SFM images show that the samples formed a bilayer structure after 

the annealing process.  The second layer of the samples presents holes of uniform height 

throughout the surface.  This kind of topography is commonly observed in lamellar 

structures of diblock copolymer films when there is not enough material to complete a 

full lamella. This finding suggests that phase segregation may have been induced by the 

presence of nanoparticles.  Indeed, upon measuring the height at various points 

throughout the sample, we find that the average value lies very close to that of the 

lamellar period. One further observation that leads us to believe that phase segregation 

has occurred is the fact that the holes lack the presence of rims.  This is an indication that 

the holes are not growing; therefore the material on top of the brush layer was not 

evolving into amorphous droplets.  The previous description is also applicable to the 

samples prepared with the PS coated nanoparticles with core diameter of 5 nm (Figures 

3.3a to 3.3c). We therefore conclude that both types of nanoparticles have induced a shift 

of the ordering transition in the films. 

As mentioned earlier, several theoretical and experimental studies have addressed 

the influence of nanoparticles on the phase behavior of diblock copolymers. However, 

only a small number have focused on the order-disorder transition temperature.  For 

example, Chervanyov and Balazs27 have shown that the addition of non-selective 

nanoparticles to an ordered copolymer can increase the magnitude of the critical value of 

(χN)ODT, smaller values of D/L having a larger effect.  Moreover, the magnitude 

increases with increasing nanoparticle concentration.  More generally, theoretical 

calculations and simulations show that phase mixing is promoted when nonselective 

nanoparticles are added to the block copolymer blend.18, 19  This occurs via a dilution 
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effect, whereby the nanocomposite lowers its free energy by localizing the nanofillers at 

the A-B interface, where they can screen unfavorable contacts between dissimilar 

monomers.   This leads to a broadening of the A-B interface, and eventually gives rise to 

a disordered morphology. 

Theoretical calculations by Huh et al.20 show a marked reduction of the order-

disorder temperature when selective nanoparticles are added. This effect is more 

pronounced when the particles are small compared to the radius of gyration of the 

selective block. 

Experimental observation of nanoparticle-induced phase mixing was reported by 

Hamdoun15, wherein relatively high loadings (φ ∼ 0.25) of Fe2O3 nanoparticles are seen 

to destroy the lamellar ordering of a PS-b-PMMA film (Mn = 92,000) of undetermined 

thickness. Further, Jain et al.28 observed that low loadings of selective silica nanofillers of 

different dimensionalities induced a drop in the order-disorder temperature of symmetric 

PS-b-PI copolymer.  The authors suggest that the nanofillers provide nucleation sites for 

the melting process, where density fluctuations are larger.  

It is clear now that the results presented in this work have not been predicted 

theoretically, and that to the best of our knowledge, have not been observed 

experimentally either.  However, we can make use of the results obtained by Reister and 

Fredrickson29 to understand our experimental observations.  In their work, it is shown 

that a single particle having favorable interactions with one of the blocks in a disordered 

diblock copolymer melt can actually induce phase segregation in the vicinity of its 

surface.  Even though the polymer chains are above their TODT, a lamellar structure with 

thickness equal to the amplitude of the oscillatory density profile.  This profile decreases 

with increasing distance from the particle.  Upon addition of a second particle to the 

disordered melt, the interaction between particles creates ‘density waves’ which can 
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interfere either constructively or destructively depending on the separation distance.  It is 

important to emphasize here that even though the monomer-particle interaction is short-

ranged, the resulting density profile is long ranged, on the order of several radii of 

gyration.   

Interestingly, we can also gain some insight to the nanoparticle-induced phase 

segregation in our films by looking at earlier theoretical and experimental results on the 

phase behavior of A-b-B diblock copolymer/A homopolymer blends.30, 31  When chains 

of homopolymer A are added to a symmetric diblock, they will reside preferentially 

within the domains of the A block to avoid unfavorable enthalpic interactions with the B 

monomers.  However, the distribution of the homopolymer within the A block will 

depend on its molecular weight.  In the limit of very low molecular weight, the 

homopolymer acts as a solvent molecule, and reside preferentially at the A/B interface, 

thereby diluting the number of unfavorable interactions and lowering the interfacial 

tension.  This leads to a reduction of the order-disorder transition temperature, TODT, 

because the effective interaction parameter is reduced.  When the molecular weight of the 

homopolymer is low, it will tend to distribute uniformly across the domain, to increase 

the translational entropy.  As the molecular weight of the homopolymer is increased, the 

chains tend to be localized at the center of the domains, to avoid the entropic cost of 

stretching by the copolymer chains in the A block. This has been observed to result in an 

increase of the TODT.  Since in our experiments, the nanoparticle size is comparable to the 

lamellar domain (considering core diameter and shell thickness), we think that a similar 

effect is increasing the TODT of our films.  In a recent publication by Bockstaller et al.,17 

the location of nanoparticles within a selective domain was studied as a function of the 

ratio d/L, where d is the particle diameter and L is the lamellar spacing of the diblock 

copolymer.  They observed that nanoparticles segregated preferentially to the A/B 
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interfaces in systems with d/L ≤ 0.2; otherwise, the nanoparticles are mainly located at 

the center of the appropriate domains.  In our experiments, both our nanoparticles are in 

the latter regime, considering their effective size, so we would expect them to be 

localized towards the center of the PS domain. 

Finally, it is important to remember that our diblock nanocomposite films are 

highly confined, on the order of 3/2L, and that under these conditions, the presence of 

interfaces has been shown to induce significant phase segregation.  We conclude that our 

results can be understood by considering all these contributions acting simultaneously on 

the nanocomposite films.  
 

3.3.2 Lamellar Domain Swelling 

We now discuss the size of the lamellar domains throughout the samples.  Figure 

3.5 compares the measured average values of each layer for the neat diblock copolymer 

samples to that for the nanocomposites prepared with the small nanoparticles.  As can be 

seen from the plot, the lamellar domain spacing measured for the nanocomposite films 

with 0.1% Au is in general comparable to the neat diblock copolymer values.  This is not 

surprising since there is a very low content of nanofiller. On the other hand, the values 

measured for the nanocomposite films with 1%Au content seem to fall below the value 

measured for the neat films. This is in contrast to what is expected for selective 

nanoparticles.  For instance, Schultz et al.18 observed that the total lamellar spacing 

increases upon addition of selective nanoparticles.  This type of behavior can be 

understood as that of swelling by a selective solvent or homopolymer chain.  It is 

interesting to note that the degree of swelling by the selective block is expected to 

decrease with increasing nanoparticle size. The reason for this is because a large 

nanoparticle imposes a greater penalty in conformational entropy of the block, and 
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therefore is segregated to the center of the domain to allow the chains to relax, and 

therefore become less stretched.  On the other hand, the only instance in which lamellar 

domain size is expected to decrease is when non-selective nanoparticles are added.19  The 

reduction in lamellar domain dimensions stems from the fact that non-selective 

nanoparticles allocate themselves at the A/B boundary, effectively reducing the number 

of unfavorable contacts between dissimilar monomers.  This ‘dilution’ effect allows the 

diblock chains to decrease their degree of stretching.  We believe that further experiments 

should be carried out with larger concentration of nanoparticles to be able to properly 

evaluate this unexpected result. 
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Figure 3.5 Measurements of lamellar structures in PS-b-PMMA films after 
annealing at 170°C for 16 h.  
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3.4 CONCLUSIONS 
 

In this work, we have studied the effects of adding selective nanoparticles to a 

confined symmetric PS-b-PMMA diblock copolymer on its ordering transition 

temperature and on the size of its lamellar spacing.  We first determined the order 

disorder transition for the neat system, to evaluate the effect of confinement and 

substrate/polymer interactions.  As expected, the ordering temperature was higher than 

that for a bulk diblock copolymer with the same average degree of polymerization, N.  

The ordering transition occurs at 7.6 < χN < 7.9.  Addition of PS-coated nanoparticles 

resulted in the formation of lamellar structures in all of our samples, indicating that 

selective nanoparticles can induce phase segregation.  This is an unexpected result, since  

most theoretical calculations for selective nanoparticles show that lamellar structure is 

lost at high nanoparticle loadings (volume fraction, φ > 0.1).  In summary, we propose 

that the results reported in this work are a consequence of three factors:  a) Enrichment of 

PS monomers near the nanoparticle surface, resulting in segregation of the diblock 

chains, as explained by Reister and Fredrickson.  b) The size of the nanoparticles is 

comparable to the domain spacing of the diblock copolymer chains, leading to a situation 

similar to the case where adding small amounts of large homopolymer into a symmetric 

diblock decreases its ODT.  c) High degree of confinement.  As has been seen in previous 

work, the presence of interfaces has the effect of increasing the repulsive interactions 

between the blocks forming the copolymer, leading to an effective interaction parameter 

χeff  > χA-B 
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Chapter 4: Influence of Entropic Constraints on the Glass Transition of 
Nanocomposite Films 

 

4.1 INTRODUCTION 

The addition of nanoscopic fillers to produce new composite materials has gained 

widespread interest in recent years, due to the remarkable property enhancements that can 

be achieved at low loadings.  Further, novel nanofillers differ from traditional ones in that 

they exhibit a wide range of size dependent optical, electrical and mechanical properties 

that can be exploited to obtain sophisticated functional composites.  The unique behavior 

of polymer nanocomposites is attributed to their large surface area to volume ratio, which 

maximizes contact between filler and matrix.  It is therefore important to obtain a great 

degree of dispersion of the fillers into the matrix; however, it is often found that this is 

difficult to achieve.   A common approach to circumvent this issue is by chemically 

modifying the surface of the filler by grafting polymer chains to compatibilize it with the 

surrounding matrix.  

Recently, it has been observed that the glass transition of polymer 

nanocomposites differs from that of the neat polymer depending on the strength and type 

of polymer-filler interactions.1-7  Until now, changes on the glass transition of polymer 

nanocomposites have been observed to follow a simple rule, based on the nature of 

enthalpic interactions between filler surface and monomer units in the chain:  ΔTg 

increases if filler-monomer interactions are favorable and the opposite occurs for 

unfavorable interactions.  The underlying reason for this behavior is the monomer density 

in the vicinity of the nanofiller surface, namely, monomers that have strong favorable 

interactions with the surface are more tightly packed in comparison to the monomers in 
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the bulk of the matrix.8-12  This increase in monomer density restricts the configurational 

freedom of the chains surrounding the filler, therefore slowing down the overall 

dynamics of the system.9-11, 13  

Because in polymer nanocomposites there is a large volume of polymer affected 

by the presence of interfaces, their glass transition behavior is often compared to that of 

polymer thin films supported by a solid substrate,3, 11 of which we have given a brief 

overview in Chapter 1.  It suffices to remind the reader that the Tg of polymers that have 

specific interactions with a substrate is seen to increase with decreasing film thickness, 

whereas polymers that lack such interactions actually decrease their Tg upon a decrease in 

thickness. Several models have been proposed to understand this behavior.14-19 One of the 

models most successful at describing the wide variety of aspects observed in the 

thickness dependence of Tg is based on dynamic heterogeneity within the film, proposed 

by Long and Lequeux.15  Generally, they hypothesize that within a film there is a 

coexistence of fast and slow domains, the relative amounts of which depend on the 

proximity to Tg, when percolation is supposed to occur throughout the film. Once 

percolation occurs, the slow domains dominate the overall dynamics of the confined 

polymer.  

As stated earlier, most experimental observations of the behavior of the glass 

transition of polymer nanocomposites have been understood in view of the predominant 

enthalpic interactions in the system for hard-sphere nanoparticle/polymer mixtures.  

Hence little is understood of the impact of the different entropic interactions that can arise 

in athermal mixtures with polymer-coated nanofillers, such as entropy of mixing of the 

filler, conformational entropy of the chains, and brush-matrix entropic interactions.  In 

the present work we address this issue by using a model system in which the 

aforementioned entropic driving forces are controlled by varying the molecular size of 
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ligands and polymer matrix, as well as nanoparticle core size.  Our results show that even 

in the absence of enthalpic interactions, the glass transition of polymer nanocomposites 

can be affected by the balance of entropic forces.  
 

4.2 EXPERIMENTAL SECTION 

4.2.1 Nanoparticle synthesis and characterization   

Gold nanocrystals were synthesized using a modified version of the procedure 

first reported by Brust et al.20, 21  Two separate reaction batches were prepared; the first 

one was stopped at an early time to obtain nanoparticles with an average diameter of 1.8 

nm, as measured from image analysis STEM micrographs.  The surface of these 

nanoparticles was passivated with thiol-terminated polystyrene chains with molecular 

weight of 1000g/mol.  The second batch was allowed to react until the average 

nanoparticle core size reached an average value of 5 nm. This batch was divided in two 

fractions, for addition of different ligands, namely 1000 g/mol PS and 50000 g/mol PS.  

The resulting toluene nanoparticle solutions were cleaned by precipitating them 

from the solution using methanol.  This procedure was repeated at least 8 times.  After 

cleaning, thermogravimetric analysis was performed to obtain the grafting densities of the 

nanoparticles.   

The average size of the particles was obtained using a JEOL 2010 transmission 

electron microscope (TEM) operating at an accelerating voltage of 200KV in scanning 

mode using a high-angle annular dark-field detector (HAADF).  TEM grids were 

prepared by evaporating dilute solutions of the nanoparticles.  After imaging, the 

diameter of the particles was estimated from measurement of over 300 particles, using 

Image J software.  
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4.2.2 Sample Preparation   

After characterization, the nanoparticle solutions were mixed with previously 

prepared toluene solutions of polystyrene homopolymer of Mn = 130,000 g/mol, 152,000 

g/mol, and 900,000 g/mol.  The nanocomposite solutions had compositions ranging from 

0.1 to 5% by weight of gold cores for the case of the nanoparticles with 1000 g/mol PS 

ligands, and from 0.1 to 10% for the nanoparticles with 50,000 g/mol ligands.  Each of 

the nanocomposites can be characterized by the relative size of the ligand (N, which 

denotes number of monomer units) and matrix chains (denoted as P), as well as by the 

ratio of Re/Rg (see Table 1).  Here, Rg refers to the unperturbed radius of gyration of the 

host chains, and Re refers to the effective particle radius, which is given by the gold core 

radius and the brush thickness.  The values of Re were obtained by measuring 

interparticle separation distance on TEM samples of the pure particles. 

The nanocomposite solutions described above were spin-coated on Si3N4 

substrates to obtain film thicknesses between 100 and 115 nm.  The thickness of the films 

was measured by ellipsometry using a J. A. Woollam M-44 variable-angle spectroscopic 

ellipsometer with a visible light source (wavelengths from 400 to 720nm).  After spin 

coating, the resulting films were placed in an oven at 80°C for 48 hours under a vacuum 

to remove residual solvent.   At this point, it is important to note that the samples were 

not annealed at a higher temperature to avoid nanoparticle coarsening which has been 

observed for similar systems.22 

The depth profile of gold within the samples was characterized using dynamic 

secondary ion-mass spectroscopy (DSIMS), measured at UCSB with a Physical 

Electronics 6650 Quadropole instrument. For DSIMS analysis, a second deuterated PS 

film was floated on top of the nanocomposite films to serve as a marker for the location 

of the free surface. Sputtering was then accomplished with a cesium primary ion beam 
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monitoring negative ions of Au, Si, D, and C. The sputtering time was converted to a 

depth scale using the depth profile and the total film thickness, measured from 

ellipsometry. The gold concentration is normalized by the total number of gold counts.  

Finally, the degree of dispersion in the x-y plane of the films was characterized by 

obtaining STEM images of similar films cast on transparent silicon nitride membrane 

windows (SPI supplies).  

4.2.3 Glass Transition Temperature Measurements  

After sample annealing, the samples were placed in a custom made heating stage, 

and their thickness was measured at regular intervals of 10°C during the experiment.  

Three measurements were taken at each temperature.  The heating rate was 1°C/min, and 

the temperature ramp started at 30°C and ended at 170°C.  Film thickness was 

determined by fitting the ellipsometric angles, Δ and Ψ, to a composite layer (effective 

medium approximation) of a Cauchy model and gold, using the Maxwell-Garnett model.  

Tg was determined by fitting straight lines through the data in the glassy and rubbery 

regions, respectively, the temperature at which these lines intersect denotes the glass 

transition.   
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Table 4.1. Characteristics of the Film Nanocomposites 

Sample 
 Nanoparticle h (nm) P N RAu/Rg Re /Rg σN1/2 (N/P)2 

A Au(5)-PS10-SH 117 1462 9.6 0.24 0.48 1.13 4.32*10-5 
B Au(5)-PS481-SH 96 1462 481 0.23 2.6 9.55 0.11 
C Au(2)-PS10-SH 107 1462 9.6 0.088 0.22 1.67 4.32*10-5 
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4.3 RESULTS. 

 

In figure 4.1, we present the concentration dependent glass transition of the films 

prepared for the study.  The Tg is normalized with respect to that reported for relatively 

thick (100nm) PS films. For ease of discussion, we will label the three series of samples 

as follows:  A samples correspond to nanocomposites with Dcore =5 nm, N = 10 and P = 

1300;  B samples correspond to nanocomposites with Dcore= 5nm, N = 480, and P = 1300; 

finally,  C samples correspond to nanocomposites with Dcore = 1.8 nm, N = 10 and P = 

1500.  From the plot, it is readily observed that it is possible to control the glass transition 

of the films simply controlling the relative magnitudes of the molecular dimensions 

involved in the system.   For example, we observe that the A samples show a marked 

increase of the glass transitions at low nanoparticle loadings, reaching a maximum at 

mass fraction of 0.02 and subsequently decreasing sharply to the typical value for a pure 

PS film. B samples show no change in Tg even at comparatively high loadings of 

nanoparticles. Finally, C samples show a big contrast with respect to the other samples, 

as their glass transition is observed to decrease sharply upon nanoparticle addition.   

A first step towards understanding our results, is relating the compositional 

dependence of Tg to the internal structure of our films.  We start off by describing the Au 

depth profile in the samples, which is a consequence of the entropic interactions between 

matrix and the polymer coated nanoparticles, as explained by Meli et al.23 
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Figure 4.1 Dependence of Tg as a function of nanoparticle content.  All films have 
thicknesses between 100 and 115 nm.  
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There are three main driving forces that determine the nanoparticle distribution 

across the film: 1) Entropy of mixing of the nanoparticles, which tends to promote 

dispersion across the film, and is inversely proportional to size of the nanoparticle, 2) 

restrictions on the conformational entropy of the matrix chains, which often lead to 

expulsion of the particles to the interfaces to avoid the stretching penalty incurred by 

having to stretch around the particles, and 3) entropic constraints due to brush-matrix 

chains interactions, which again can favor segregation of the particles to the interfaces if 

penetration of the matrix chains into the brush proves energetically unfavorable.  The 

latter contribution is influenced by the degree of polymerization of the brush chains (N), 

the degree of polymerization of the melt (P), and the brush grafting density (σ). The 

combination of these three parameters determines the degree of penetration of the melt 

chains into the brush, and ultimately, the wetting behavior as explained by Ferreira and 

Leibler.24  They show that when σ(N)1/2 = (N/P)2
, a wetting transition occurs delimiting 

the regions of negative and positive interfacial energy between the grafted and free 

chains.  A positive interfacial tension leads to an effective repulsion between grafted and 

free chains, which can in turn lead to their phase separation.  This wetting transition is 

different from the wet-to-dry brush transition; i.e. from the transition where mobile 

chains start to be expelled from the brush (the transition is located at σ(N)1/2 = (P/N)-1/2 

for P/N < 1 and at σ(N)1/2 = 1 for P/N > 1).  We will use these relations as a guide to 

understand the entropic interactions in our system; however, it is important to note that 

they were derived for flat surfaces.  In principle, a curved brush should be more 

penetrable by melt chains because the grafted chains are less stretched (and therefore less 

tightly packed) away from the particle surface.  It is important to note that the above 

criteria tell us that all of our samples are in the dry brush regime.  
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Within this context, let us now discuss the depth profile of the particles in the 

films (Fig 4.2).  Starting with the A samples, we see that the nanoparticles are exclusively 

segregated to the interfaces, which is an indication that due to their relatively large size 

(Re/Rg = 0.48) and the large difference between the molecular weights of the matrix and 

grafted chains (P/N = 152 , which leads to non-wetting of the brush by the matrix σ(N)1/2  

>> (N/P)2) , the entropy of mixing of the nanoparticles is overcome by the loss of 

conformational entropy of the matrix chains.  By allocating the nanoparticles at the 

interfaces this loss of conformational entropy is minimized, as depicted in figure 4.3b. 

When the size of the nanoparticle is reduced (C samples, Re/Rg =0.22), we find 

that their entropy of mixing increases in such a way that nanoparticles can be dispersed 

more readily throughout the whole film (Fig. 4.3a).  Moreover, the lesser degree of 

stretching of the matrix chains that is expected for smaller fillers should also promote 

better dispersion. However, there is still some enrichment of the nanoparticles towards 

the interfaces. We believe this interfacial enrichment occurs because the polymer melt 

does not wet the short grafted chains covering the nanoparticle core, as in the previous 

case (σ(N)1/2  >> (N/P)2).  

Finally, we observe that a very uniform degree of dispersion was obtained in the 

B samples.  We can attribute this result to the larger size of the grafted chains (P/N=3), 

which should allow for a greater interpenetration of the matrix and grafted chains. The 

greater degree of penetration should reduce the conformational entropy penalty of the 

matrix chains that would otherwise inhibit dispersion (Fig 4.3c).  It is important to 

mention that according to the scaling theory for flat brushes, these grafted particles 

should not be wetted by the melt, since σ(N)1/2 > (N/P)2.  
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Figure 4.2 Depth distribution of gold content in the nanocomposite films 
determined by DSIMS.  All samples were prepared with a gold content 
of 5% w/w.  
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Figure 4.3 Schematic representation of the influence of core and ligand size on the 
depth distribution of the nanoparticles. 
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However, considering that the aforementioned condition is several orders of 

magnitude smaller for sample B (σ(N)1/2/ (N/P)2 = O(101)) than for samples A and C 

(σ(N)1/2/ (N/P)2 = O(104), the resulting repulsive interaction between brush and free 

chains should be much weaker for sample B. Indeed, the high curvature of the brush in 

these particles might lead to complete wetting of the brush, as mentioned earlier.   

The rationale for the observed glass transition is as follows. If we turn our 

attention to samples C, the brush surrounding this type of nanoparticles is highly 

incommensurate with the matrix chains.  This results in a repulsive interaction between 

the matrix and the particle, which should in turn lead to a lower monomer density near 

the nanoparticle surface, as discussed in the introduction.  However, as mentioned before, 

the high entropy of mixing of the nanoparticles allows them to be present throughout the 

sample, and therefore, a substantial amount of free volume is added to the film. This 

results in a lowering of the overall glass transition, i.e. this situation is analogous to 

mixing the matrix chains with small molecules or plasticizers.   

In the B samples, we find a good degree of dispersion relative to the C samples.  

One could then naively conclude that the concentration dependence of Tg should be 

similar to what was observed in samples C; that is, one could perhaps expect the Tg to 

decrease with increasing particle concentration due to an increase in the free volume of 

the polymer film.  Nonetheless, in this case, there is a greater degree of interpenetration 

of matrix and brush chains, and consequently a much less unfavorable interaction 

between them (perhaps even neutral interactions between brush and matrix). Hence, one 

can say that this is analogous to mixing homopolymer chains of comparable molecular 

weight, which should not change the dynamics of the film in an appreciable manner. 

Finally, we discuss the results for the A samples.  Here, the nanoparticles are 

exclusively segregated to the interfaces.  The initial increase of the glass transition in 
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these samples can be understood as being a consequence of a loss of conformational 

entropy of the matrix chains located near the interfaces.  That is, the addition of 

nanoparticles to the film effectively `pushes´ the matrix chains away from the free 

surface, where they have the highest degree of conformational freedom. This loss in 

conformational freedom results in an increase in the Tg of the film. One would expect that 

the effect should reach a plateau once the free surface is saturated.  However, we see that 

this effect peaks at a nanoparticle concentration of 2% and subsequently decays. We can 

understand this by considering that after the nanoparticle concentration in the interfaces 

reaches its maximum value, addition of more nanoparticles results in their allocation in 

the interior of the film.  In this case, we should recover to some extent the case in which 

free volume is added to the film due to the repulsive interactions between long matrix 

chains and the short ligands. Experiments to support this statement are shown in Figure 

4.4, where the DSIMS profile for two A samples with different nanoparticle content, and 

the same original thickness are presented.  We observe that the fraction of the film that 

has no nanoparticles has decreased from ∼ 40% to ∼ 20%.  

Another factor that influences this behavior is the degree of dispersion within the 

film plane.  Figure 4.5 shows STEM images for the three types of nanocomposite films 

prepared in this study; as can be seen, only the A samples present nanoparticle 

aggregation. This loss in property enhancement due to nanofiller aggregation has been 

observed before, although its contribution is expected to lead to a plateau in the measured 

property, rather than a decrease in it.25 
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Figure 4.4 Effect of concentration on the depth profile of gold nanoparticles across 
film nanocomposites.  Note the broadening of the gold signal at both 
interfaces, leading to a reduction of the ‘nanoparticle’ free film region. 
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Figure 4.5 STEM images taken for152kPS/Au nanocomposites.  The first row (a 
and b) corresponds to nanocomposites with gold nanoparticles 
characterized by Dcore = 1.8 nm and N = 10.  The second row (c and d) 
corresponds to nanocomposites with gold nanoparticles characterized by 
Dcore = 5 nm and N = 10.  The third row shows the nanocomposites 
formed with nanoparticles characterized by d = 5 nm and N = 480.  The 
first column shows gold concentrations of 1% by weight, whereas the 
second shows images for gold concentration of 5%. 
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Finally, we can gain further insight into the behavior of the A samples by 

observing the change in Tg with decreasing thickness.  As has been reported previously, 

the glass transition of PS films on non-wetting substrates is reduced with decreasing film 

thickness.19  This does not happen in our nanocomposite films; instead, we are able to 

measure an increase in Tg of 10 K at a film thickness of 60 nm, even at a low nanoparticle 

weight fraction (Fig. 4.6).  This result is consistent with the mechanism described above.  

Namely, the glass transition behavior is dominated by the interfaces of the film; as the 

film becomes thinner, the fraction of matrix polymer affected by the loss of 

conformational entropy is higher, resulting in an increase of Tg. 
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Figure 4.6. Glass transition of PS nanocomposites with 0.1% w/w AuPS10, with 5 
nm diameter, as a function of film thickness.  
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4.4 CONCLUSIONS 
 

In this work, we studied the glass transition of polystyrene (PS) nanocomposite 

films filled with PS-coated nanoparticles. The focus of this study was to understand how 

different entropic interactions in the system affect the overall glass transition in the film.  

The entropic constraints present in the system are: i) penetrability of the brush by the 

matrix chains, ii) translational entropy of nanoparticles, and iii) loss of conformational 

entropy due to stretching of matrix chains around nanoparticles.  Based on a previous 

description by Meli et al.,23 we were able to correlate the measured Tg to the internal 

structure of the nanocomposite films. We found that nanoparticles coated with long 

chains, form a penetrable brush whose interactions with the matrix are small, thereby 

causing no appreciable changes in Tg.  When the nanoparticles are coated with a short 

(impenetrable) brush, the effect of Tg will depend on the relative size of the nanoparticle 

(Re) and matrix chain (Rg). For the case of small Re / Rg, we observed that nanoparticles 

reduce the Tg of the film.  The large translational entropy allows them to distribute across 

the film, and add free volume due to their non-wettable character.  On the other hand, 

when Re / Rg is large, the nanoparticles are primarily segregated to the interfaces, causing 

an increase in Tg at low concentrations. This effect decays at higher concentrations, due 

to a combined effect of nanoparticle aggregation, and addition of free volume due to 

penetration of the particles into the ‘bulk’ of the film.   
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Chapter 5. Conclusions and Recommendations for Future Work 

 

5.1 CONCLUSIONS 
 

The versatility of polymers comes from the wide range of properties endowed by 

their structural and chemical diversity.  The morphological characteristics of bulk 

polymer systems are connected to this diversity, as well as to processing.  With regard to 

thin films, their physical properties, as well as their morphology, are strongly influenced 

by confinement and interfacial interactions.  The latter is of particular significance as thin 

polymers in the nanometer thickness range have a wide range of applications, from 

patterning to device applications.  The work presented in this dissertation examined the 

behavior of thermally induced transitions in two polymer-based thin film systems, an A-

b-B diblock copolymer and an amorphous polymer filled with particles of nanoscale 

dimensions.  Three problems were examined specifically: (1) the role of supercritical 

CO2 on the isotropic-to-lamellar transition in a symmetric poly(styrene-b-methyl 

methacrylate) PS-b-PMMA diblock copolymer thin film; (2) the influence of PS-grafted 

gold nanoparticles on the ODT of PS-b-PMMA diblock copolymers and (3) the influence 

of the composition and of the spatial distribution of PS-grafted gold nanoparticles on the 

Tg of PS films of varying compositions. 
 

5.1.1 Order-Disorder Transition Temperature of Thin Diblock Copolymer Films 
 

In Chapter 2 of this dissertation we explored, separately, the effects of 

confinement and sorption of supercritical carbon dioxide, scCO2, on the order-disorder 
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transition temperature of thin films of symmetric poly(styrene-b-methyl methacrylate) 

(PS-b-PMMA) diblock copolymers.  First, we show that the ordering temperature of thin 

films of PS-b-PMMA with thickness h ≤ 2L, supported by SiOx/Si substrates, in vacuum 

environments, increases beyond the bulk value.  Estimates of the temperature shifts 

indicate that small increases of χN are associated with unusually large shifts of the ODT 

to higher T.  More specifically, the presence of interfaces in this system forces a 

reduction in the transition to 7.6 < χNODT < 7.9, compared to the bulk value of χNODT = 

10.5.  This shift in the χNODT value implies an increase of more than 100 °C in the 

ordering temperature for PS-b-PMMA.  The strong interaction between the PMMA block 

and the silicon substrate (and to a lesser extent, to the preferential affinity of the PS block 

for the free surface) enhances phase separation by increasing the ‘effective’ 

incompatibility between the two constituent blocks. 

The next step was to subject thin films of PS-b-PMMA to scCO2 annealing.  We 

find that in compressed CO2 environments, these films are ordered at temperatures where 

the films are disordered in vacuum (or air) environments.  The results found are 

unexpected, since small molecule diluents – specifically scCO2 – are known to decrease 

TODT by screening unfavorable enthalpic interactions in bulk diblock copolymer systems 

with an upper order-disorder transition temperature (UODT), as is the case of PS-b-

PMMA.  We rationalize our observations by considering that scCO2 is highly selective 

towards the PMMA block.  Furthermore, there is evidence that suggests that the 

selectivity of scCO2 for PMMA is exacerbated in thin films.  Thus, upon absorption of 

the supercritical fluid, the PMMA is swollen considerably more than the PS block, 

leading to a free volume mismatch between them, which is a known driving force for 

microphase segregation in diblock copolymers.  Our results were later corroborated by 
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means of molecular simulations, probing the effect of a selective solvent on the ODT of 

swollen diblock copolymer films1. 

Block copolymer nanocomposites are particularly important due to their potential 

to enable cutting-edge applications in fields like photonics, photovoltaics, and sensing 

technologies.  Inspired by the many application of these materials, we revisited the order-

disorder transition temperature of PS-b-PMMA thin films in Chapter 3, this time 

considering block copolymer nanocomposite films supported by silicon nitride (Si3N4) 

substrates.  The goal of this research was to study the effect of adding selective 

nanoparticles of size comparable to the lamellar spacing (L) on the phase behavior of the 

diblock.  Our most significant finding is that the order-disorder transition of the 

nanocomposite films is reduced beyond what is expected for the neat block copolymer 

films (χN < 7.6) at the same experimental conditions.  To the best of our knowledge, this 

is the first time that enhancement of phase segregation of thin block copolymer films by 

nanoparticles is reported.  Recent theoretical results by Fredrickson and coworkers2, 

however, give us some insight into the possible mechanism that enhances phase 

segregation in our system.  Briefly, the authors show that a single selective nanoparticle 

immersed within a diblock copolymer can induce an enrichment of the favorably 

interacting block around its surface.  Additionally, they demonstrate that interactions 

between two particles embedded in the diblock can propagate this effect at distances of 

several Rg.  Further insight can be gained by comparing our results to theoretical 

predictions3, 4 of the phase behavior of A-b-B symmetric diblock copolymer/A 

homopolymer blends where addition of homopolymer chains with degrees of 

polymerization greater than that of the selective block reduces the ordering transition due 

to restriction of the A block conformational entropy.   
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5.1.2  Glass Transition of Thin Film Nanocomposites 
 

In Chapter 4, we studied the glass transition of PS films filled with PS-coated 

gold nanoparticles supported on Si3N4 substrates.  The model thin film system that was 

chosen allowed the in-plane and depth distributions of the nanoparticles to be well-

controlled and easily characterized, facilitating the formulation of structure-property 

relations. 

First, the internal structure of the films is explained to be a consequence of three 

main entropic interactions: (i) the translational entropy of the nanoparticles, (ii) the 

entropic interactions between the brush covering the nanoparticles and the matrix chains, 

and (iii) the loss of conformational entropy of the matrix chains due to chain stretching 

around the nanoparticles.  Knowledge of the interplay between these three entropic 

interactions allows us obtain different nanoparticle distributions by simple manipulation 

of the brush characteristics and the size of the nanoparticle core. 

When the nanoparticles are allowed into the inteior of the film, the interactions 

between the brush and the matrix chains dominate glass transition behavior.  For the case 

of long grafted chains, Tg does not change appreciably because the matrix chains can 

penetrate into the brush, which implies that their conformational entropy is not 

significantly restricted.  Thus, this case is analogous to mixing two polymers of 

comparable molecular weight, which are known to cause no appreciable change in the Tg 

of the polymer.  On the other hand, nanoparticles grafted with very short polymer chains 

form an impenetrable ‘dry’ brush, which is not wetted by the matrix chains.  The 

effective repulsion between brush and matrix caused by the non-wetting condition leads 

to an increase in the free volume of the polymer upon introduction of the particles into 

the film.  Finally, when the interactions in the film force the nanoparticles primarily to 
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the interfaces, we find that Tg increases at low concentrations until a maximum is 

reached, and then recovers the value of a neat PS film.  The increase in Tg can be 

explained by loss of conformational entropy of the matrix chains as they are displaced 

from the region of the film with highest configurational freedom: the free surface.  On the 

other hand we propose that the recovery of Tg has to do with a combined effect of 

aggregation between nanoparticles at the surface, accompanied by the penetration of filler 

to the interior of the film at higher particle concentrations, resulting in an increase in the 

free volume of the system.  
 

5.2 RECOMMENDATIONS FOR FUTURE WORK 

5.2.1 Order disorder transition temperature of diblock copolymer films 

In the following, we give a brief description of some of the projects presented in 

this dissertation which could benefit from further research. 

ODT of block copolymer films under compressed environments.  Due to 

limitations in the available molecular weights of our diblock copolymers, our results do 

not show how low the molecular weight of the films has to be to encounter a phase 

mixing.  It would be interesting to find the limit of this segregation enhancement, since 

diblock copolymer films are often used as photolithographic masks.  Thus, being able to 

produce smaller features from phase segregated diblock films is relevant from a 

technological standpoint.  Another important question arising from this study is whether a 

compressible gas with a different degree of selectivity can shift the ODT in the same 

magnitude, or in the same direction as scCO2.  It would therefore be interesting to explore 

this issue by conducting experiments with a supercritical gas such as xenon, which should 

have no specific interaction with either one of the blocks, and which has an accessible 

supercritical point.  One could then perform analogous experiments with supercritical 
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ethane, which should be selective towards the PS block.  The results emerging from these 

experiments would provide valuable insight into the processability of diblock thin films 

for industrial applications. 

ODT of block copolymer nanocomposite films.  The results obtained from our 

work in this area could be enriched by exploring the influence of the vast parameter space 

that a complex system like this provides.  A starting point could be modifying 

characteristics of the brush layer covering the nanoparticles, by using different molecular 

weights, and grafting densities. Another option here would be to find a non-selective 

nanoparticle that could migrate to the A/B interface and become a driving force for phase 

mixing in the system.  Alternatively, this research could also include the effects of 

nanoparticles on the ordering transition films prepared with asymmetric block 

copolymers.  Here, it is possible to find out whether this effect is the same if 

nanoparticles are added to the minority component in the chain versus adding them to the 

majority component.  This could potentially give rise to the alteration of the microdomain 

morphology.  
 

5.2.2 Glass Transition of Nanocomposite Films 
 

The results obtained in this part of the dissertation underscore the need to 

continue research in the glass transition of polymer films filled with ‘hairy’ nanoparticles.  

Perhaps the most obvious step would be to find out whether our results are a consequence 

of a general behavior.  Therefore, we propose to carry out experiments to verify if this 

behavior can be scaled to other nanoparticle sizes, and other ligand and matrix molecular 

weights.  This has the potential to provide us with general guidelines to tune the glass 
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transition temperature of a polymer. Currently, there is not enough available data in the 

literature to make assumptions about the generality of the effects described in Chapter 4.  

As in the previous recommendation for diblock nanocomposite films, the ability 

to modify the characteristics of the brush offers a wide range of variables that can help 

control with a great degree of accuracy the glass transition of this type of systems.  A 

very interesting, albeit complex situation to study would be the addition of enthalpic 

interactions into our nanocomposites.  What happens when there is a strongly repulsive 

ligand decorating the surfaces of the nanoparticles?  A short series of preliminary 

experiments performed by us (not included in this dissertation) shows that poly(2-vinyl 

pyridine) (P2VP)-coated nanoparticles shift the Tg to even larger values than 

nanoparticles coated with short PS chains.  This result is counterintuitive, if one considers 

that hard (without a brush) repulsive surfaces have been shown to lower the glass 

transition of homopolymer films.  Much more experimentation has to be performed in 

this regard before we can elucidate the mechanisms that engender this atypical behavior. 
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