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The superior energy storage characteristics of lithium-ion batteries have made 

them the state-of-the-art battery technology for the past two decades where they have 

been integral to the proliferation of portable electronics. Efforts to expand their 

application into the realms of transportation and stationary storage require additional 

performance enhancements, though. These enhancements will be achieved through the 

application of advanced new materials such as alloy anodes like antimony.  

Alloy anodes offer the potential for dramatic enhancement of cell capacity both 

gravimetrically and volumetrically due to the high lithium content in their lithiated 

phases. Additionally, their higher operating voltage means that their incorporation should 

increase cell safety, a key parameter in large-scale applications, by reducing the risk of 

lithium plating. The primary factor inhibiting the adoption of alloy anodes is their short 

cycle life brought about by the large volume change they undergo during cycling that 

leads to crumbling of the active material and drastic capacity loss.  

To overcome this issue the following mitigation techniques are applied to 

antimony active materials: (i) use of active-material intermetallics of MxSb (where M = 

Ni or Fe) instead of pure antimony; (ii) incorporation of active material into reinforcing 

active/inactive composites with Al2O3, TiC, and/or carbon black; (iii) reduction of active 
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material particles to nano-scale. In addition, the use of high-energy mechanical milling 

allows these methods to be applied with a simple and potentially scalable synthesis 

procedure and yields high-density final products. 

The actual safety performance of antimony anodes are also analyzed due to the 

importance of such parameters in large-battery applications. Because antimony alone 

without other components is an impractical anode material, the effects on safety and 

thermal stability of incorporating it into intermetallic and composite structures are also 

investigated.  

The advanced nanocomposites developed in this work demonstrate excellent 

cycle life with good all-around performance parameters that make them viable, safer 

candidates to replace graphite in next generation lithium-ion batteries. Pure antimony is 

also shown to offer enhancement in cell safety performance relative to graphite as well, 

and nanocomposites based upon its use as an active material are able to retain these 

favorable safety characteristics. 
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Chapter 1: Introduction 

1.1 MOTIVATION 

Lithium-ion batteries have contributed significantly to the advancement and 

proliferation of portable electronic devices like laptops and smartphones in the last two 

decades through their superior energy storage capabilities. These attributes and their 

success in the field of portable electronics has led to the desire to implement lithium-ion 

battery technology into new high-impact areas of applications like transportation (for 

PHEV or EV) or stationary energy storage. For the successful expansion of lithium-ion 

batteries into these new realms, though, advancements are still needed to improve both 

the performance and safety relative to the current battery technology. These 

advancements will be realized through the development of new and improved materials 

components for the next-generation of lithium-ion batteries.  

One area that has received considerable focus is the replacement of the graphite 

anode currently used in most of the commercial lithium-ion batteries. While the graphite 

anode has performed well, it has a number of issues related to its use, including a 

moderate capacity, low density, limited rate capability, and complications arising from its 

low reaction potential relative to metallic lithium. Lithium alloying compounds represent 

a class of anode materials that have been under intense investigation for potential 

application in lithium-ion batteries due largely to their very high theoretical capacities, 

which can be up to an order of magnitude greater than that of graphite. In addition, these 

materials generally have high density and offer higher reaction potentials than graphite as 

well. The primary drawback limiting the application of these lithium-alloying materials 

thus far is the large volume change they undergo during cycling, which in most cases 

severely limits their cycle life. However, advancements in techniques to extend the cycle 
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life of alloying anodes suggests that they could play a large role in the future 

advancement and expansion of lithium-ion batteries. 

1.2 INTRODUCTION TO LITHIUM-ION BATTERIES 

Lithium-ion batteries are secondary, i.e. rechargeable, batteries. Compared to 

other secondary battery systems, they possess a number of very attractive properties: (1) 

high volumetric and gravimetric energy densities; (2) excellent cycle life; (3) low self-

discharge rate; (4) no memory effect. They were first commercialized by Sony 

Corporation in 1991 in the form of a LiCoO2/carbon cell.
1
 

Lithium-ion battery technology is based on a “rocking chair” mechanism in which 

Li
+
 ions are reversibly transferred between a cathode, typically a layered oxide like 

LiCoO2, and an anode, typically graphite.
1
 The Li

+
 ions move between the electrodes 

through a liquid electrolyte. While this electrolyte is ionically conductive, it is also 

electronically insulating, which forces the charge neutralizing electrons to flow through 

an external circuit.  The electron motion is caused by the chemical potential difference 

between Li
+
 ions stored in the cathode and anode, which serves as the driving force to 

convert the chemical energy from within the lithium-ion cell into electrical energy upon 

the load of the external circuit. The three key components of these cells, as outlined in 

Figure 1.1, are a low chemical potential (high voltage) cathode material, a high chemical 

potential (low voltage) anode material, and an electrolyte that is ionically conductive, 

electronically insulating, and chemically stable at the respective electrode surfaces.  
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Figure 1.1 Representation of the chemical potential difference of Li
+ 

ions between the 

cathode and anode in a lithium-ion battery as well as the electrolyte stability 

window between the highest occupied molecular orbital (HOMO) and 

lowest unoccupied molecular orbital (LUMO). 

 The amount of energy, E,  stored in lithium-ion batteries is a function of both the 

cell capacity, Q – the amount of charge in the form of Li
+
 ions transferred between 

electrodes – and the cell voltage, V – the difference in chemical potential between Li
+
 

ions in the cathode and Li
+
 ions in the anode – as shown in equation 1. 

 

𝐸 = 𝑄 ∙ 𝑉 (1) 
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Lithium-ion batteries are able to achieve their superior energy storage properties 

primarily due to the very high voltages achieved between the cathode and anode 

materials. This high voltage capability arises from the extremely low reduction potential 

of -3.05 V vs. SHE for the Li/Li
+
 couple. The potential difference achieved means that 

aqueous electrolytes cannot be used and instead organic electrolytes with large stability 

windows between their highest occupied molecular orbital (HOMO) and lowest 

unoccupied molecular orbital (LUMO) are necessary to allow for stable electrode 

surfaces. While these organic electrolytes make high-voltage lithium-ion cells possible, 

they also come with drawbacks in the form of moisture sensitivity and high flammability. 

In addition, the highly reducing surface present at many lithium-ion anodes is still above 

the electrolyte LUMO, leading to the spontaneous reduction of the electrolyte into a solid 

electrolyte interphase (SEI) layer on the anode surface. However, a stable SEI layer will 

effectively passivate an electrode surface and is, therefore, actually necessary for any 

electrode that operates outside of the electrolyte stability window.
2,3

 

1.3 LITHIUM-ION ANODES 

As mentioned previously, the anode in a lithium-ion battery needs to be a material 

in which lithium has a high chemical potential, or in which the voltage relative to metallic 

lithium is low. The highest chemical potential achievable for an anode material would be 

equal to the Li/Li
+
 couple at which point lithium ions in the solvent would deposit as 

metallic lithium. Metallic lithium was used in early secondary lithium cells, but soon 

demonstrated itself to be a poor anode candidate due primarily to extreme safety issues 

arising from surface activity with organic electrolytes, poor morphology of 

electrodeposited lithium, and a tendency to grow surface dendrites that would short 

circuit the cell.
1,4

 While research efforts continue to make metallic lithium a viable 
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electrode material in secondary cells, this realization for the most part led to the adoption 

of the “rocking chair” concept employed in current lithium-ion batteries in which the 

anode material has a higher electrical potential than the Li/Li
+
 couple to force the ions to 

incorporate into the structure rather than deposit as metallic lithium.
5–7

 In order to allow 

for high full cell energy storage capabilities, anode materials are also desired to have 

significantly lower reaction potentials than the cathode materials with which they are 

paired. This leads to a typical upper limit of ~ 2.0 V vs. Li/Li
+
 for lithium-ion anodes 

where lower voltages closer to the Li/Li
+
 couple are desired in most cases as it leads to 

greater energy storage density. However, there are a number of extenuating conditions, 

such as surface stability and cell safety, which make a higher anode voltage appropriate. 

In addition to the proper electrode potential, there are a number of other properties 

that are desirable for an anode material to perform well in a lithium-ion cell: high 

gravimetric and volumetric capacity, high rate capability, long cycle life, and good safety 

characteristics, among others. Outlined below are some properties of the current state-of-

the-art anode material, graphite, as well as some alternative lithium-ion anodes. 

1.3.1 Graphite Anodes 

The most widely used commercial anode material is graphitic carbon, which has a 

structure composed of stacked 2-dimesional carbon sheets. The reaction of graphite with 

lithium is an intercalation reaction in which the lithium-ions are reversibly inserted in-

between the two-dimensional layers to form a final stoichiometry of LiC6. This 

stoichiometry yields a moderate theoretical gravimetric capacity of 372 mAh g
-1

. The 

lithium intercalation reaction with graphite is highly reversible and there is minimal 

structural damage as the volume change from graphite to LiC6 is determined to be < 10 

%.
8,9

 Although graphite is very dense for a carbonaceous material, relative to other anode 
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materials, it has a relatively low tap density of ~ 1.0 g cm
-3

, which translates to a low 

volumetric capacity. The intercalation reaction of graphite occurs at very low potentials 

of ~ 100 mV relative to Li/Li
+
 and has a very flat reaction plateau. In terms of cell 

voltage alone this makes graphite a very attractive anode material. However, as 

mentioned previously, this places graphite well above the LUMO of the organic 

electrolytes used in these cells and results in electrolye reduction on graphite anode 

surfaces during cycling. Fortunately the formed SEI layer for graphitic anodes is stable 

and after its initial formation, the electrode surface is effectively passivated from further 

reduction of electrolyte. While this allows for stable cycling of graphite in later cycles, 

the formation of the SEI layer results in significant first cycle irreversible capacity as 

active lithium is trapped in the formed SEI layer.
3,10–12

 The passivation of the graphite 

surface also results in slower reaction kinetics for lithium intercalation due to limited Li
+
 

ion diffusion through the SEI layer at the electrode surface. 

When coupled with the operating voltage of graphite close to that of metallic 

lithium, the low Li
+
-ion diffusivity of the SEI layer poses serious safety risk in the form 

lithium plating and dendrite growth on the electrode surface. This occurs when limited 

Li
+
-ion kinetics result in an overpotential that places the surface of the graphite electrode 

below the Li/Li
+
 couple, leading to deposition of metallic lithium and the previously 

mentioned issue of lithium dendrite growth. This threat limits the charging rate of 

graphitic cells such that the relatively sluggish flow of Li
+
 ions through the SEI layer is 

allowed to fully progress.
3,10–12

 

The availability of higher capacity, higher density, and higher voltage anode 

materials has contributed to significant investigation into the replacement of the graphite 

anode. However, each alternate anode has its own shortcomings that necessitate a 

tradeoff in a performance aspect or further development to allow for viable application. 
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An additional motivation for pursuing alternative anodes are the observed 

incompatibilities of graphite with certain high-performing electrolyes (such as propylene 

carbonate) and high performing cathodes (such as Mn containing spinels).
13,14

 

1.3.2 Lithium Titanate Anode 

An alternative anode material that has demonstrated good performance in lithium-

ion cells is lithium titanate (LTO). In its charged (delithiated) state, LTO has a spinel 

structure with a stoichiometry of Li4Ti5O12. Upon lithiation, the structure is transformed 

to an ordered rocksalt structure with a stoichiometry of Li7Ti5O12 while maintaining the 

initial edge-shared TiO6 framework. One of the primary benefits of LTO anodes is their 

extremely stable reaction mechanism. The structural background of LTO does not change 

during the lithiation process and the electrode has essentially zero volume change. In 

addition, the reaction potential of LTO is approximately 1.5 V vs. Li/Li
+
, which places it 

within electrolyte stability window and eliminates both the formation of a passivating SEI 

layer and the risk of lithium plating on the electrode surface. In addition, the 3-

dimensional framework of the LTO spinel structure allows for rapid Li
+
-ion diffusion 

throughout the material and, therefore, good reaction rates.
15–17

 

The drawbacks of this material are almost purely related to reduced energy 

storage, though they are rather significant. The capacity of LTO is demonstrated to be 

only ~ 150 mAh g
-1

, less than half that of graphite. Combined this with a large cell 

voltage sacrifice for the 1.5 V reaction potential of LTO and the resulting energy density 

of any lithium-ion cell employing an LTO anode is dramatically reduced.
15

  

1.3.3 Lithium Alloy Anodes 

Lithium alloying anodes are typically post-transition metals or metalloids that 

react with lithium to form high lithium content alloys. Because there is a wide range of 
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elements that can function as alloying anodes, the performance of this anode type varies. 

Some of the most common and well-studied alloy anodes include silicon, tin, and 

antimony. However, aluminum, germanium, and bismuth have also been studied to 

varying degrees, among others.
18–20

 The primary reason for the significant amount of 

research into these materials is the extremely high theoretical capacities of some alloy 

anodes.
21,22

 After many years, the work has yielded considerable improvement in 

performance and is beginning to lead to commercialized anode systems containing some 

amount of silicon with carbon from 3M and and Sony’s Nexelion™ system based on a tin 

anode system.  

The large capacities observed for these materials arises from the very high lithium 

content in the lithiated phases. For example, silicon converts to Li4.4Si, tin converts to 

Li4.4Sn, and antimony converts to Li3Sb, yielding respective theoretical capacities of ~ 

4200, 991, and 660 mAh g
-1

.
12,23–25 

This is much higher than both the ~ 150 mAh g
-1

 for 

LTO and the 372 mAh g
-1

 theoretical value for graphite. In addition to their high 

capacities, many of these materials also possess high densities, which translates to high 

volumetric capacities as well. The reaction potential with lithium varies by material, 

allowing for the selection of a material within a desired potential range. Silicon, for 

example, reacts at an average potential of ~ 0.3 V vs. Li/Li
+
, while tin and antimony react 

at average respective potentials of, respectively, ~ 0.5 and ~ 0.9 V. This shift to higher 

voltages, as with LTO, can allow for increased protection from lithium plating and 

greater charge tolerance. Also, while these materials for the most part still operate outside 

of the electrolyte stability window, the higher reaction potentials translates to a less 

reducing electrode surface that can reduce the effects of SEI layer formation.
12,25

 

The primary factor prohibiting the adoption of these materials is the extremely 

large volume change they undergo upon lithiation/delithiation. For example, the phase 
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transformation from silicon to Li4.4Si results in a volume expansion of over 300 % from 

the original material. While this value is one of the most extreme, volume expansions of 

over 100 % are the norm for alloy anodes.
23

 The large volume change during cycling 

results in very large internal strains in the material and quickly leads to mechanical 

crumbling of the electrode and massive capacity loss after a relatively small number of 

cycles.
23,25,26

 Another effect of this large volume change is that it prevents passivation of 

the electrode surface through a stable SEI layer formation. The changing shape of the 

electrode surface during lithiation/delithiation causes cracking of the SEI layer and 

continuous re-exposure of pristine electrode surfaces to the electrolyte, which leads to 

continued losses through electrolyte reduction and SEI layer formation with 

cycling.
11,23,27,28

 

This study focuses upon the particular alloying anode material of antimony, which 

reacts with lithium to form Li3Sb at a potential of ~ 0.9 V vs. Li/Li
+
, as shown in Figure 

1.2. Relative to other alloy anodes, antimony possesses a lower capacity value, though 

still nearly twice that of graphite. However, it also has a very high density, leading to 

enhanced volumetric performance, and moderately high reaction potential, allowing for 

enhanced charge tolerance and safety performance. In addition, its comparably small 

volume change of ~ 137 % during cycling makes it more amenable to efforts of 

mitigating techniques to extend the cycle life.
18,29,30
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Figure 1.2 Voltage vs. capacity plot of pure antimony, showing the lithiation reaction up 

to Li3Sb over the first 5 cycles and the average reaction potential of ~ 0.9 V. 

1.4 VOLUME MITIGATION TECHNIQUES 

Much effort has been made to address the volume change issue in alloy anodes. 

Approaches pursued to negate these effects include the use of intermetallic alloys instead 

of pure alloying material, reduction of active material dimensions, and the incorporation 

of a mechanically reinforcing matrix.
23,25,31–42 

The use of intermetallic compounds composed of a lithium-alloying material and 

an inert metal have shown dramatically improved cycle life over pure alloy anodes.
43,44

 

Some examples of recently investigated Sb-based intermetallics include CrSb2,
45

 

Cu2Sb,
35,36

 FeSb2,
41,46,47

 Mg3Sb2,
48

 Mo3Sb7,
49

 NiSb,
33,46,50,51

 and NiSb2.
51,52

 The reactions 

of these materials with lithium proceed via one of two reaction types: a conversion 

reaction or an addition reaction. In a conversion reaction, such as with NiSb or the tin 

intermetallic FeSn2, the inactive component is extruded to form a conductive and 
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reinforcing matrix while the reaction of lithium with the active component proceeds as 

usual, shown respectively in reactions 2 and 3:
25,31–33,53

 

MxSb → xM + Sb (2) 

xM + Sb + 3Li → xM + Li3Sb (3) 

In an addition reaction, such as with Cu2Sb or FeSb2, lithium is incorporated into 

the original material to form a ternary phase and one of the initial components may be 

partially extruded to achieve a favorable stoichiometry.
34–39

 For example, Cu2Sb reacts to 

form Li2CuSb with one atom of Cu extruded, while FeSb2 forms Li4Fe0.5Sb2 with 0.5 

extruded Fe. The generalized reaction is shown in reaction 4: 

MxSb + yLi → zM + LiyM(x-z)Sb (4) 

In these materials, the initial addition reaction is followed by a conversion 

reaction that extrudes the remaining inert metal to form the final lithiation product of the 

active element.  Both forms of intermetallics have demonstrated improved cyclability 

over pure active elements, but certain addition reactions with structural relations between 

the reaction phases have proven especially effective.
35

 In addition, the lithiation reaction 

is not always fully reversible, with the final delithiation product frequently being a 

mixture of the pure active and inactive elements instead of the original intermetallic 

alloy.
37,38

 The performance enhancement observed from intermetallics is an effect from 

the inert metal matrix inclusion which serves to maintain electrical contact between 

active particles, which limits the loss of active material, and absorb some of the 

mechanical strain from the volume change during lithiation/delithiation, which helps 

prevent crumbling of the electrode. The inclusion of inactive materials in these 

compounds has a drawback in that it contributes mass without contributing additional 

capacity, resulting in lower capacity of the material relative to pure active material. 
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Another well studied approach to mitigate volume change effects in alloy anodes 

is the use of very small active particle dimensions – through particle size reduction or the 

creation of  a nano-scale architecture.
23,25,29,40,54

 Nano-scale particles are better able to 

accommodate large volume change while minimizing internal stress, especially stress 

involved with the formation of new phases.
25,55–57

 Smaller particles also provide shorter 

diffusion distances for Li
+
 ions, increasing the rate capability of the electrode. Some 

drawbacks of this approach include an increase of electrode SEI layer losses due to 

greater surface area from reduced particle sizes. Nano-scale particles also reduce the bulk 

density of the material, decreasing volumetric material capacity; however, the included 

void-space also contributes to enhanced cyclability as the active material is able to freely 

expand. Small-scale active particles also tend to agglomerate during cycling, which 

negates their beneficial properties after a limited number of cycles.  

Another method to enhance alloy anode cycle life is the use of an active/inactive 

composite in which the active material is combined with an electrochemically inert 

reinforcing phase such as a ceramic material. This reinforcing phase serves as a backbone 

to the volume-change active material, providing mechanical support during the 

lithiation/delithiation reaction and absorbing some of the induced stresses to prevent 

crumbling of the active material.
23,33,36,40,41,58–60

 A secondary advantage of these 

reinforcing matrices is that if they are well incorporated with nano-scale active materials 

they can act as a barrier to prevent the agglomeration of active particles during cycling, 

extending the benefits of using a nano-scale active material.
33,36,40,58–60

 However, similar 

to intermetallic compounds, the inclusion of inactive mass to the electrode reduces the 

overall capacity of the material in order to achieve extended cycle life.  
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1.5 THERMAL STABILITY OF LITHIUM-ION BATTERIES 

When considering expansion of lithium-ion batteries to large-size battery 

applications, such as transportation or stationary storage, the safety of lithium-ion cells 

becomes one of the primary limiting concerns. Lithium-ion cells are composed of a 

number of potentially dangerous components: highly flammable organic electrolytes, air-

reactive lithiated compounds, and electrodes that are highly reducing or highly oxidizing 

when the cell is in a charged state. When these cells are poorly designed, suffer from 

manufacturing defects, or are subjected to an abuse condition (electrical, thermal, 

mechanical, etc.), undesired reactions between the constituent parts can lead to an 

uncontrolled release of significant energy stored within the battery. The most dangerous 

of these instances is a condition known as thermal runaway in which exothermic 

reactions within the battery generate heat at a greater rate than it can be dissipated, 

leading to a feedback loop of heat generation that results in rapid and uncontrolled 

temperature increase and eventual cell rupture or explosion. Such issues have not 

prevented the proliferation of lithium-ion batteries into small-scale portable electronics, 

but a history of product recalls, battery fires/explosions, and restrictions on the 

transportation of lithium-ion batteries is a testament to the risks they still pose.
61

 

Advances in battery safety through external control and engineering (heat distribution, 

cell monitoring, gas venting, current interrupt devices, etc.) and improved manufacturing 

practices have allowed for much safer battery operation.
61

 However, these devices are not 

always capable of inhibiting rapid exothermic heat generation in batteries and the 

application scale-up means that there is a statistically greater chance of failure in a device 

composed of hundreds of cells than one composed of just a few cells. The consequences 

of failure in such a large systems would also be much more catastrophic than a small-

scale failure. As such, efforts must also be made to enhance the safety and reduce the 
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potential for thermal runaway by investigating new electrode materials for use in lithium-

ion batteries. If done properly, such efforts can lead to greater inherent safety of lithium-

ion cells without the necessity of excessive external controls and without a sacrifice in 

performance.  

The actual process of thermal runaway most heavily involves reactions in the 

cathode and the electrolyte, but they only initiate at high temperatures of > 200 °C.
4,62–66

 

At lower temperatures leading up to the initiation of thermal runaway, the vast majority 

of heat generating reactions (estimated at > 95 % for tradition LiCoO2/graphite cells) 

arise from the anode.
67

 These reactions begin at temperatures reported to be as low as 60 

– 80 °C and are associated with the decomposition of the SEI layer formed on the 

electrode surface during cycling.
4,62,63,67–76

 This SEI layer forms as a result of the inherent 

instability of the organic electrolyte used in lithium-ion batteries at the surface of the 

anode at low potentials. Below ~ 1.0 V vs. Li/Li
+
, the electrode is outside of the stability 

window of these electrolytes, resulting in spontaneous reduction of the various electrolyte 

species on the anode surface.
77

 These reduction reactions result in the formation of a 

passivating layer on the electrode surface – the SEI layer – composed of a complex and 

insoluble mixture of organic and inorganic reaction products. There have been numerous 

investigations into the SEI layer composition of graphite as well as the thermal stability 

of many forms of graphite electrodes.
4,66–69,75,78–89

 An increasing number of studies have 

been carried out on the SEI and thermal stability of silicon anodes in recent years as well, 

and at least one study on the thermal stability of a tin-based anode has been 

performed.
68,70–73,76,90

 While the low-temperature SEI layer of graphite contains multiple 

species such as lithium carbonate, various lithium-alkyl carbonates, lithium salt products, 

as well as multiple other compounds, the higher temperature degradation products are 
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primarily Li2CO3 and LiF. For silicon anodes, the degradation products have been shown 

to also include lithium silicate compounds. 

After the initial reaction involving SEI decomposition and at higher temperatures 

of ~ 150 °C, subsequent heat generation at the anode arises from the reaction of 

electrolyte with the lithiated graphite (which has a chemical potential close to that of 

metallic lithium) due to the decomposition of the passivating SEI layer or inability of it to 

effectively pacify the anode surface due to increased kinetics at high temperatures.
80–82

 

This reaction typically continues until the onset of thermal runaway. At higher 

temperatures, the polyvinylidene fluoride (PVDF) binder in the anode reacts very 

exothermically with any remaining lithium in the active material, but usually not until the 

temperatures reach well above 300 °C where the cathode is the dominant heat 

generator.
65,66,78,88,91

 Efforts to improve battery safety via new electrode materials 

typically focus on (1) cathodes with higher temperature stability to reduce the chance of 

thermal runaway, (2) cathodes with less heat generation upon thermal degradation to 

reduce the consequences of thermal runaway, or (3) anodes with less heat generation at 

low temperatures to reduce the chance of inducing thermal runaway.
4,62–64,67–73,75,78,79,92,93

 

This work focuses on the third route through the study and improvement of anode 

material safety characteristics to reduce the initial exothermic reactions that eventually 

lead to thermal runaway. 

1.7 OBJECTIVES 

The discussed shortcomings of the current graphite electrode as well as the drastic 

performance sacrifices arising from the use of LTO as an alternative demonstrate the 

need for an anode material that can operate within a safe voltage range that does not 

make unnecessarily large sacrifices to cell energy density by maintaining a more 
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moderate potential and a higher capacity. Alloy anodes offer the most promising solution 

to this need, and the objective of this work is to develop and understand an antimony-

based anode that is capable of overcoming the cycle life issues of alloy anodes to yield a 

practical and viable alternative to graphite. The efforts presented in this dissertation build 

upon previous work by researchers in our lab and focus on the combined application of 

multiple mitigation techniques on several intermetallic anode systems for lithium-ion 

batteries of the form MxSb (M = Fe or Ni) combined with inert reinforcing phases.
33,36,40–

42
 The high-energy mechanical milling (HEMM) method used to synthesize these 

materials is an integral part of achieving the desired performance goals as it is capable of 

producing a highly-dense and well-intermixed nanocomposite material. This process is 

also notable for its simplicity, room temperature operation, and scalability.
36,40,42,94–97

 

Chapters 3 through 5 are focused on the development and testing of different 

composites as an effort to yield an effective cycle life for an antimony-based anode with 

overall performance improved relative to baseline electrode materials. Numerous 

electrochemical performance parameters are included in the determination of overall 

performance. In addition, the electrodes are analyzed for greater understanding of their 

reaction mechanism and the methods by which desirable characteristics are obtained such 

that the insights can enable more effective design of future composite electrodes.  

Cell safety is a key parameter to be analyzed for any new material employed in 

lithium-ion batteries. The higher reaction potential of antimony grants a qualitative 

improvement to safety of the anode by essentially eliminating the risk of lithium plating 

and, therefore, increasing the charging current able to be safely applied to the electrode. 

In addition, studies of other alloying anodes like tin and silicon with higher volumetric 

capacities have shown a decrease in low temperature heat generation arising from SEI 

layer reaction.
70–72

 Trends have also been published correlating a higher reaction potential 
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in the anode with lower heat generation.
74

 These combine to make antimony a promising 

candidate for safety enhancement but there is currently a lack of literature available in 

this area that this work looks to address in Chapter 6.  

As discussed previously, antimony is an alloying anode with a large volume 

change of ~ 137 % that occurs during the lithiation/delithiation reaction.
23,29

 Therefore, to 

gain any true insight into the thermal stability of an actual antimony anode, the electrode 

alterations arising from the application of volume-change mitigation techniques must be 

considered. The electrodes to be tested are based upon the work done in Chapters 3-5. To 

fully elucidate the thermal stability and the effects of composite electrodes on the active 

material safety, the effects of each constituent phase as well as the effects of the HEMM 

milling process must be accounted for when analyzing the performance.
76,86 

Chapter 7 

builds upon the insights gained in Chapter 6 on pure antimony and intermetallics to 

measure and understand how the thermal stability is altered when antimony is 

incorporated into a viable electrode composite. 
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Chapter 2: General Experimental Procedures 

2.1 MATERIALS SYNTHESIS 

In addition to the general procedures described below, the specific synthesis 

procedures for the materials in this dissertation are described within each individual 

chapter. 

High-Energy Mechanical Milling 

High-energy mechanical milling (HEMM) was used to synthesize many of the 

materials studied in this dissertation. HEMM involves the milling of a powder in the 

presence of a milling media with high energy collisions that result in continuous 

fracturing and cold-welding of fresh atomic surfaces to facilitate materials mixing as well 

as mechanochemically induce favorable reactions.  

The milling was carried out with a Fritsch Pulverisette 6 planetary ball mill with 

an 80 mL stainless steel milling vial and stainless steel milling balls with diameters of ¼ 

inch and ½ inch. The milling process was carried out in a dry powder condition with no 

solvent or lubricant addition and the specifics for each material are addressed in the 

individual chapters. 

2.2 MATERIALS CHARACTERIZATION 

X-Ray Diffraction 

Powder X-ray diffraction (XRD) was carried out on synthesized powder and 

extracted electrodes of anode materials with a Philips and Rigaku Miniflex 600 x-ray 

diffractometers with filtered Cu-Kα radiation. The bulk phase constituents were 

determined by comparison of the measured diffraction peaks to the JCPDS database. 
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X-Ray Photoelectron Spectroscopy 

X-ray Photoelectron Spectroscopy was carried out to determine the oxidation state 

of amorphous materials that were indeterminable by traditional XRD routes and to 

characterize the solid-electrolyte interphase layer formed on cycled electrodes. 

Measurements were carried out under ultra-high vacuum with base pressures of < 10
-8

 

Torr with a Kratos Axis Ultra with monochromatic Al-Kα x-ray source (hv = 1486.5 eV) 

at 150 W (10 mA and 15 kV), hybrid optics (employing a magnetic and electrostatic lens 

simultaneously), and a multi-channel plate coupled to a hemispherical photoelectron 

kinetic analyzer. The instrument work function was calibrated to yield a binding energy 

of 368.3 eV for the Ag 3d5/2 line for metallic silver. The gathered spectra were charge 

corrected to set the main line of the C 1s spectrum (sp
2
 graphite-like carbon) to 284.8 eV. 

The high resolution elemental XPS spectra were collected with a pass energy of 20 eV.  

The gathered spectra were analyzed with Casa XPS software for sample stoichiometry 

and peak deconvolution. 

Scanning and Transmission Electron Microscopy 

The physical morphology of the synthesized powders, powders after cycling, and 

electrode surfaces after cycling were analyzed with both scanning electron microscopy 

(SEM) and transmission electron microscopy (TEM). SEM employs a high-energy 

electron beam to raster across a sample surface and detect secondary scattered electrons 

to create an image of the sample. This work was carried out with a JEOL JSM – 5610 

SEM and shows the general particles morphology down to a resolution of a few hundred 

nanometers. 

TEM passes an electron beam through a thin sample, in our case dispersed 

suspensions cast onto copper grids, and generates an image from the interactions of the 

beam as it passes through the material. TEM images allow very high magnification 
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observation of electrode morphology. The TEM used in this research was a JEOL 2010 

TEM operating at 300 kV. 

Tap Density and Brunauer, Emmett, Teller (BET) Surface Area 

The tap density of the synthesized electrode powder is a measurement to obtain 

the packing density of the electrode material as a more practical means to determine the 

volumetric capacity. In this method, a sample powder is placed in a graduated cyclinder 

and repeatedly tapped down on a hard surface thousands of times, after which the 

resulting volume is measured to yield the tap density. The tap density measurements were 

carried out with a Quantachrome AT-4 Autotap.  

Powder surface area is determined by measuring the nitrogen adsorption and 

desorption isotherms of an electrode sample at very low temperatures and employing the 

Brunauer, Emmett, and Teller (BET) theory to obtain a specific surface area. This 

measurement was carried out with a Quantachrome Autosorb iQ2 instrument. 

Differential Scanning Calorimetry 

A Netzsch STA 449 F3 Jupiter thermogravimetric analyzer (TGA)/DSC was used 

to measure the amount of heat generated by powder and electrode samples at given 

heating rates and over given temperature ranges for the purposes of thermal stability 

comparison between materials. The samples for differential scanning calorimetry (DSC) 

analysis were air-sensitive and were, therefore, sealed in a 100 μL hermetic stainless steel 

crucible under Argon with a gold foil seal. Heating was carried out under an inert 

atmosphere by evacuating the test chamber twice consecutively for each test and purging 

it with ultra-high purity Nitrogen. 
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2.3 ELECTROCHEMICAL CHARACTERIZATION 

Electrode Preparation 

Electrodes were prepared primarily by initially mixing a slurry of the active 

material, conductive carbon, and polyvinylidene fluoride binder using N-methyl 

pyrrolidinone (NMP) as the solvent. The slurries were mixed overnight prior to casting 

onto a current collector of copper foil with a thickness on the order of 200 microns by a 

doctor blade method. The resulting electrode was dried under vacuum at ~ 120 ° for at 

least 12 h prior to having individual electrodes of diameter 1.14 cm (area of 1 cm
2
) 

punched out for coin cell assembly.  

Coin Cell Assembly 

The punched electrodes of the material of interest were assembled into half-cell 

configurations in CR 2032 coin cells inside of an argon filled glovebox with O2 and H2O 

maintained at concentrations of < 5 ppm. The active material electrode is the working 

electrode in the cell, the separator is Celgard polypropylene, and the counter/reference 

electrode is a chip of metallic lithium foil. The cells are filled with ~ 0.5 mL of an 

electrolyte of 1 M LiPF6 in a 1 : 1 volumetric mixture of ethylene carbonate and diethyl 

carbonate prior to sealing. 

Electrochemical Cycling 

The assembled coin cells are cycled over specified voltage ranges and at specified 

current densities with an Arbin battery cycler. 
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Chapter 3: NiSb-Al2O3-C Nanocomposite Anode for Lithium-ion 

Batteries* 

3.1 INTRODUCTION 

In an effort to develop an antimony-based anode material for lithium-ion batteries 

as an alternative to the widely used graphite, the nanocomposite NiSb-Al2O3-C was 

investigated. Antimony is selected as the active material due to its theoretical capacity of 

660 mAh g
-1

, high density, high reaction potential (~ 0.9 V vs. Li/Li
+
), and flat potential 

curve (due to the presence of only a single intermediate phase in its reaction with 

lithium).
12,18,23–25,29,30 

As with all alloying anode materials, antimony suffers from a large 

volume change during the lithiation reaction that limits its cycle life; however, relative to 

other alloy anodes, antimony has a small volume change of ~ 137 %.
25,26

 A number of 

mitigation techniques have been developed and employed to address the large volume 

change issue and extend cycle life in alloy anodes: (i) intermetallic active material (ii) 

reinforcing and electrochemically inactive composite matrix, and (iii) nano-scale active 

particles.
25,29,40,43,44,54–57 

The material presented here is a combination of NiSb intermetallic active 

material, an electrochemically inactive matrix of Al2O3, and conductive carbon. The 

high-energy mechanical milling (HEMM) method used to synthesize this material 

facilitates a mechanochemical redox reaction between precursors and is capable of 

producing a well intermixed nanocomposite.
36,40,94,95

 This NiSb-Al2O3-C nanocomposite 

combines several of the above approaches into a single electrode material. The very small 

active intermetallic particles are maintained over extended cycling by the secondary 

                                                 
* E. Allcorn and A. Manthiram. “NiSb-Al2O3-C nanocomposite anodes with long cycle life for Li-ion 

batteries.” J. Phys. Chem. C 2014, 118, 811. 

E. Allcorn carried out the experimental work. A. Manthiram supervised the project. All participated in the 

preparation of the manuscript. 
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matrix of Al2O3 and carbon, which prevents agglomeration and provides an electrically 

conductive mechanical support.
94,95

 Electrochemical measurements are used to analyze 

the reaction mechanism of the composite material and develop an altered synthesis 

method with an additional heat treatment step to address an observed shortcoming in the 

first cycle irreversibility of the material. The cycle life is also measured relative to 

baseline NiSb and NiSb-C to demonstrate the benefits from Al2O3 addition with ex situ 

measurement techniques employed to characterize the performance improvement.  

3.2 EXPERIMENTAL 

The NiSb-Al2O3-C nanocomposite was prepared with nickel (Acros Organics, 

99.9 %, -325 mesh), Sb2O3 (Alfa Aesar, 99.6 %, 1.1-1.8 µm), aluminum (Alfa Aesar, 

99%, 17 – 30 µm), and carbon (Alfa Aesar, acetylene black, 99.99%, -200 mesh). The 

nickel, Sb2O3, and aluminum were combined at a stoichiometric ratio based on reaction 1 

below, while carbon was added such that it comprised 20 wt. % of the total mixture. The 

combined powders were placed in a hardened steel vial along with stainless steel balls of 

diameter 3/8 in. and 3/16 in. at a ball to powder mass ratio of 20 : 1. An HEMM synthesis 

process was then carried out under an inert Ar atmosphere using a Fritsch Pulverisette 6 

planetary mill for 36 h at 500 RPM. The HEMM process induced the reaction shown in 

reaction 1 due to the negative free energy change, yielding the desired NiSb-Al2O3-C 

composite.  

Sb2O3 + 2Al + 2Ni → 2NiSb +  Al2O3       (ΔG° = -1194 kJ mol
-1

) (1) 

The NiSb and NiSb-C electrode materials were synthesized using the same 

general method as described above, but with different precursors and shortened milling 

times. NiSb synthesis used nickel and antimony (Sigma Aldrich, 99.5 %, -100 mesh) 
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mixed at a 1:1 atomic ratio and milled for only 12 h. NiSb-C used a mixture of nickel and 

antimony (1:1 atomic ratio) as well as acetylene black carbon (20 wt. %) milled for 12 h. 

A secondary synthesis was carried out for NiSb-Al2O3-C using an intermediate 

heat treatment process. For this synthesis, the same stoichiometric ratio of Ni, Sb2O3, and 

Al as used previously undergoes 24 h of HEMM under Ar at 500 RPM without the 

presence of carbon. The material is then heated under flowing Ar for 8 h at 400 °C prior 

to a final HEMM step in which 20 wt. % carbon is added and the mixture is milled for 12 

h to produce the final NiSb-Al2O3-C material.  

After synthesis, the NiSb-Al2O3-C electrode powder was characterized with a 

Philips X-ray diffractometer (XRD) with Cu-Kα radiation for phase analysis. A Kratos 

X-ray photoelectron spectrometer (XPS) setup with a monochromatic Al-Kα source was 

used to confirm the presence of amorphous phases in the powder electrode. Morphology 

and particle size were characterized with a JEOL JSM-5610 scanning electron 

microscope (SEM) as well as a JEOL 2010F transmission electron microscope (TEM).  

The test electrodes for measuring the electrochemical performance of NiSb-

Al2O3-C and related materials were made from slurries composed of 70 wt. % active 

powder (NiSb active material, Al2O3 inactive matrix, and conductive acetylene black 

carbon were all considered to constitute the active material), 15 wt. % conductive carbon 

(Super P), and 15 wt. % polyvinylidene fluoride (PVDF) dissolved in N-methyl 

pyrrolidinone (NMP) as a binder. This slurry was cast onto a copper foil substrate using 

the doctor blade method and subsequently dried in a vacuum furnace at 120 °C for 12h. 

CR2032 coin cells were assembled in an Ar-filled glove box using the cast electrodes as 

the working electrode, Celgard polypropylene as the separator, lithium foil as the counter 

/ reference electrode, and 1M LiPF6 in ethylene carbonate (EC) / diethyl carbonate (DEC) 

(1: 1 v/v) as the electrolyte. Discharge/charge cycling of these cells was carried out with 
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an Arbin battery cycler with a constant current density of 100 mA g
-1

 active material over 

a voltage window of 0 – 2 V versus the Li metal reference electrode (unless otherwise 

noted).  

Ex situ XRD analysis was performed on the electrode material after 

electrochemical cycling to observe the phases present at different states of charge and 

after different numbers of cycles. For this measurement, cycled cells were opened in an 

Ar-filled glove box and the electrode disc was removed and placed under protective 

polyimide film. Ex situ TEM analysis was also performed on cycled cells to observe 

changes in morphology and particle size. For this measurement, the cycled electrodes 

were suspended in ethanol and deposited onto a carbon-coated TEM grid. Any similar 

characterization performed on the NiSb-C and NiSb electrode materials used the same 

methods described above. 

Electrochemical impedance spectroscopy (EIS) analysis was conducted with a 

Solartron SI1260 with a signal amplitude of 10 mV and a frequency range of 10 kHz to 

0.005 Hz. EIS measurements were taken after 0, 1, and 20 charge/discharge cycles with 

our active material as the working electrode and lithium foil as the counter reference 

electrode. Tap density was measured with a Quantachrome AT-4 Autotap machine. 

3.3 RESULTS AND DISCUSSION 

The XRD pattern for the as-synthesized NiSb-Al2O3-C electrode material as well 

as for the precursor materials Ni, Al, and Sb2O3 are shown in Figure 3.1.  The pattern for 

NiSb-Al2O3-C shows almost no residual precursor peaks (very small Ni peak identified in 

Figure 3.1), and all reflections correspond to the desired hexagonal NiSb phase 

breithauptite, with space group P63/mmc and lattice parameters a = 3.946 Å and c = 

5.148 Å (JCPDS File: 03-065-0935). This suggests that reaction 1 progressed to 
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completion. No Al2O3 or carbon peaks are observed and both are believed to be 

amorphous in the composite. XPS analysis confirms that all aluminum has been oxidized 

into Al2O3 as evident from the binding energy shift of the Al-2p band from 72.8 eV for 

metallic Al to 74.8 eV shown in Figure 3.2 for our material. This observed binding 

energy matches the value expected for Al-2p in Al2O3.
98 

 

 

Figure 3.1. XRD pattern of Sb2O3, Al, and Ni precursor materials prior to milling and as-

synthesized NiSb-Al2O3-C electrode powder after milling. The expected 

NiSb peaks are indicated by vertical lines. 
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Figure 3.2. XPS analysis of the Al 2p peak in NiSb-Al2O3-C, confirming the formation of 

Al2O3. 

SEM micrographs of NiSb-Al2O3-C are shownin Figure 3.3 (a) and (b) while 

Figure 3.3 (c) and (d) show the micrographs for NiSb-C. Both materials have a similar 

morphology of roughly spherical particles with sizes ranging from 3 μm down to the sub-

micron range. TEM micrographs of the powder electrode material in Figure 3.4 show that 

these relatively large particles are actually composed of crystalline regions of NiSb, on 

the range of 10’s of nanometers, embedded in an amorphous matrix of Al2O3 and carbon. 

Electron diffraction patterns shown in the figure and captured during TEM analysis 

confirm that the crystalline phase is indeed NiSb and the noncrystalline material 

surrounding must, therefore, be the amorphous Al2O3 and carbon. Overall this is a very 

advantageous morphology because, as mentioned previously, nano-scale active particles 

provide greater cycle life and rate capability while their dispersion within the inert matrix 

provides both mechanical reinforcement from volume change and limits particle 
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agglomeration during cycling.
36,40,57,99

 The tap density of NiSb-Al2O3-C is measured to be 

1.3 g/cm
3
. 

 

 

Figure 3.3. SEM images of NiSb-Al2O3-C electrode powder under (a) low magnification 

and (b) high magnification; images of NiSb-C electrode powder under (c) 

low magnification and (d) high magnification. 
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Figure 3.4. TEM images of as-synthesized NiSb-Al2O3-C electrode powder, showing 

crystalline regions of NiSb surrounded by amorphous Al2O3-C. Electron 

diffraction patterns confirm the crystalline material to be NiSb. 

Given the ratios of precursors used to synthesize NiSb-Al2O3-C and assuming a 

complete reaction as described in reaction 1, the final material is composed of 62.0 wt. % 

active NiSb, 17.6 wt. % inactive Al2O3, and 20 wt. % carbon. The theoretical capacity of 

this composite is then calculated to be 350 mAh g
-1

 assuming that antimony and carbon 

are the only active materials and that the final reactants are Li3Sb and LiC6. The 

calculated theoretical capacity as well as measured first cycle performance for NiSb, 

NiSb-C, and NiSb-Al2O3-C can be seen in Table 3.1. Upon initial lithiation (discharge) 

NiSb-Al2O3-C demonstrates a capacity of 783 mAh g
-1

 and upon subsequent delithiation 

(charging) shows a reversible capacity of 430 mAh g
-1

. This yields an irreversible 

capacity of 353 mAh g
-1

 and initial coulombic efficiency of 55.5 %. Some of this 

irreversibility can be attributed to losses due to SEI layer formation and reaction with 

surface oxides in the electrode. However, the irreversible capacity is significantly higher 

for NiSb-Al2O3-C than for either NiSb-C or NiSb and the initial coulombic efficiency is 

also, accordingly, much lower. This irreversible loss can, therefore, be attributed to the 

inclusion of Al2O3 into the material. Although Al2O3 has been shown to accommodate 
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Li
+
 into its structure to a degree, our testing has shown no peak corresponding to this 

reaction and individual component testing shows Al2O3 to be largely inert, with very 

small capacity perhaps arising from surface layer reactions where the sluggish Li
+
 

diffusion of Al2O3 is not a limiting factor.
100

 Therefore, and based upon observed reaction 

peaks, the losses are most likely due to the incomplete reduction of the Sb2O3 precursor 

used in the synthesis of NiSb-Al2O3-C. When cycled versus lithium, Sb2O3 undergoes 

reaction 2 to form metallic antimony and the persistent ceramic Li2O.
99,101

 Because the 

reversibility of this reaction is poor or sluggish, much of the lithium that goes into the 

formation of Li2O is lost to cycling and contributes to the large initial irreversible 

capacity. This largely irreversible reaction is observable in the electrochemical cycling 

profile of Sb2O3 in Figure 3.5. Figure 3.5a shows a plateau in the first cycle of the voltage 

vs. capacity plot at ~ 1.3 V and a corresponding peak is observed in the differential 

capacity plot in Figure 3.5b. 

Sb2O3 + 6Li → 2Sb +  3Li2O (2) 

 

Electrode 

Material 

Theoretical 

Capacity 

(mAh g
-1

) 

1
st
 Cycle 

Discharge 

(mAh g
-1

) 

1
st
 Cycle 

Charge 

(mAh g
-1

) 

1
st
 Cycle 

Irreversibility 

(mAh g
-1

) 

Initial 

Coulombic 

Efficiency 

NiSb 
446 591 445 146 79.0 % 

NiSb-C 
431 664 485 179 75.3 % 

NiSb-Al2O3-C 
350 783 430 353 55.5 % 

400 °C Heat 

Treatment 350 513 367 145 73.4 % 

Table 3.1. Theoretical capacity and first cycle performance of tested anode materials 
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Figure 3.5. Electrochemical cycling data for Sb2O3 demonstrating the first cycle losses 

from the irreversible formation of Li2O in the first discharge at ~ 1.3 V. 

In an effort to reduce this large irreversible capacity an additional heat treatment 

step was incorporated into the synthesis of NiSb-Al2O3-C to ensure the complete 

reduction of Sb2O3 and minimize losses from Li2O formation. As described in the 

experimental section previously, the heat treatment was applied as an intermediate step 

during synthesis so that HEMM was still the last step of synthesis and the final 

morphology of the composite would be as similar to the non-heat treated sample as 

possible. As seen in Table 3.1, the use of a 400 °C heat treatment for 8 h successfully 

reduced the irreversible capacity loss of the first cycle by nearly 60 % and raised the 

initial coulombic efficiency to 73.4 %. An unexpected benefit of the heat treatment 

process was that it apparently reduced the porosity of the electrode material, increasing 

the tap density to 1.6 g cm
-3

. However, in order for heat treatment to be a viable option, it 

must maintain the performance enhancements in cycle life that are observed for NiSb-

Al2O3-C by maintaining the nano-scale morphology that contributes to such 

enhancements. TEM images in Figure 3.6 (a) show that the heat treated sample does 

maintain a desirable morphology with well-dispersed active NiSb particles on the scale of 
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10’s of nm. The cycle life comparison in Figure 3.6 (b) shows that long-term 

performance is also not affected by heat treatment.  

 

 

Figure 3.6. (a) TEM images of NiSb-Al2O3-C electrode powder synthesized with an 

incorporated heat treatment step and (b) a comparison of the extended 

cycling performance of NiSb-Al2O3-C with and without heat treatment 

during synthesis.  

Figure 3.7 (a) shows the voltage vs. capacity plots for NiSb-Al2O3-C. The large 

initial irreversibility discussed above can be observed in the Figure and it supports the 

assertion that SEI layer and Li2O formation are the primary causes. SEI layer formation 

occurs at low voltages vs. Li/Li
+
 and a corresponding large sloping plateau can be 

observed in the initial discharge curve below 0.4 V. However, some of this low voltage 

capacity is attributed to the insertion of lithium into the carbon component of the 

electrode. Li2O formation, on the other hand, typically occurs at higher voltages, 

noticeably above the alloying potential for Sb. A sloping plateau can be observed in the 

initial discharge curve from approximately 1.5 V to 1.1 V corresponding to this 

reaction.
99,101,102

 The low voltage plateau is significantly smaller in subsequent cycles, 
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suggesting that a significant portion of the low voltage capacity corresponds to 

irreversible SEI layer formation. The high voltage plateau is not at all observable after the 

initial cycle, again confirming the largely irreversible nature of Li2O formation from 

residual Sb2O3. Only the irreversibility identified for SEI layer formation is present in the 

curves for NiSb-C and NiSb (see Fig. 3.7(b) and (c) respectively), further confirming our 

assertion that the high voltage plateau arises from the irreversible formation of Li2O.  

After the initial cycle, the relative reversibility of NiSb-Al2O3-C can be observed 

with small capacity fade over the first 5 cycles and only moderate fade out to the 100
th

 

cycle. The reversibility in early cycles is roughly equal for NiSb-C, while NiSb 

demonstrates somewhat poor reversibility.  

The reaction potentials identified in the voltage vs. capacity plots are more clearly 

demonstrated in the differential capacity plots (DCP) for NiSb-Al2O3-C, NiSb-C, and 

NiSb shown, respectively, in Figure 3.8 (a), (b), and (c). Three reaction peaks at ~ 1.4 V, 

~ 0.7 V, and ~ 0.25 V are clearly shown in the initial discharge of NiSb-Al2O3-C. All of 

these peaks are relatively wide, owing to the small particle size within the composite, and 

can be ascribed, respectively, to Li2O formation, lithiation of active NiSb, and SEI layer 

formation/lithium insertion into carbon.
29

 NiSb-C and NiSb both show a NiSb lithiation 

peak and SEI layer formation peak, but, as expected, there is no peak for Li2O formation 

as it arises from the use of Sb2O3 as a precursor. The initial charging curve shows only a 

single peak at roughly 1.0 V for all three materials, corresponding to delithiation of Sb. 

Once the initial losses have occurred, later cycles show two peaks during discharge and a 

single peak during charging. The discharge peaks, which occur at roughly 0.8 and 0.6 V 

vs. Li / Li
+
, correspond to the reversible lithiation of active material. The existence of two 

peaks could be explained by the presence of both active NiSb and Sb, as not all of the 

metallic Sb and Ni recombined into NiSb after the initial cycle. The Li-Sb reaction does 
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possess an intermediate phase, but the potential between the intermediate (Li2Sb) and 

final (Li3Sb) phases is miniscule, meaning the peak separation likely arises from the 

initial potential necessary to break the Ni-Sb bond.
18

 The charging peak at ~ 1.0 V vs. Li / 

Li
+ 

corresponds to the delithiation of Sb. 

 

Figure 3.7. Voltage vs. capacity plots of (a) NiSb-Al2O3-C, (b) NiSb-C, and (c) NiSb. 

Figure 3.8 (d) compares the initial discharge curve of NiSb-Al2O3-C with and 

without the intermediate heat treatment step during synthesis. As discussed previously the 

intention of the heat treatment was to facilitate complete reduction of Sb2O3 precursors, 

thereby minimizing irreversible losses from the formation of Li2O. The peak for Li2O 

formation is clearly visible in the material without heat treatment. However, the material 

that has undergone heat treatment has no peak corresponding to Li2O formation 
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suggesting that the heat treatment synthesis achieved its desired purpose. The other peaks 

in the initial curve are not significantly altered by the use of heat treatment during 

synthesis.   

 

Figure 3.8. Differential capacity plot of the 1
st
 and 5

th
 cycles of (a) NiSb-Al2O3-C, (b) 

NiSb-C, and (c) NiSb; also (d) the 1
st
 discharge (lithiation) curve comparing 

NiSb-Al2O3-C synthesized with and without heat treatment at 400 °C during 

synthesis. 

Ex-situ XRD was performed on electrodes of NiSb-Al2O3-C at different states of 

charge during the first discharge/charge cycle in order to better understand the reaction 

mechanism. Figure 3.9 (a) shows the observed XRD patterns. The pattern at OCV is as 

expected, with the only crystalline phase present being NiSb. As the electrode is 

discharged down to 1.0 and 0.5 V, NiSb remains the only observed phase. At 0.0 V vs 

Li/Li
+
 the electrode appears to have amorphized as there are no longer any observable 
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crystalline reflections except for metallic Sb, which could have arisen from breaking of 

the Ni-Sb bond but incomplete lithiation reaction. The expected product of lithiation is 

Li3Sb and metallic Ni but no peaks corresponding to either material are observed. This 

most likely arises from the small particle size and poorly crystalline nature of the overall 

material that inhibits observation via XRD. Other studies on similar lithium alloying 

intermetallics have demonstrated the presence of both the alloy product and extruded 

inert metal on a very fine scale using Mossbauer and magnetic measurements.
31

 A similar 

reaction in NiSb-Al2O3-C is certainly feasible but more in depth measurements with 

different techniques are needed to confirm such a claim. Similar ex situ XRD analysis 

was performed on NiSb material, shown in Figure 3.9 (b), in the hopes that removal of 

the Al2O3 and C in the composite would allow for easier observation of the phases 

present and better understanding of the reaction of Li with NiSb. Once again the patterns 

at OCV and after discharging to 1.0 V vs. Li / Li
+
 show solely NiSb peaks. However after 

discharging to 0.5 V there is a strong Sb peak indicating that the first part of the NiSb 

lithiation reaction is occurring in which NiSb is being split into metallic Sb and Ni. At 

full discharge, there are no longer any clear crystalline peaks indicating that the produced 

Sb has reacted with Li, though there is still no observed Li3Sb peak. There is a weak peak 

corresponding to Ni, which further supports the existence of extremely fine extruded Ni 

in the full NiSb-Al2O3-C composite. During charging to 0.5 and 1.0 V no new peaks are 

observed. At full charge of 2.0 V vs. Li / Li
+
, there are weak observed peaks 

corresponding to both Sb and NiSb, suggesting that Sb was successfully delithiated and 

re-alloyed with the extruded Ni to a certain degree.  
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Figure 3.9. Ex situ XRD of (a) NiSb-Al2O3-C and (b) NiSb at various states of charge 

during the first discharge/charge cycle. 

The most significant performance attribute of NiSb-Al2O3-C is its extremely long 

cycle life. As shown in Figure 3.10 (a), it is able to operate with a stable reversible 

capacity of 280 mAh g
-1

 for 1000 cycles. While it suffers from large initial irreversibility 

as mentioned previously and moderate capacity fade over early cycles, after 100 cycles 

the materials shows virtually no additional loss of capacity out to 1000 cycles. This is a 

drastic performance improvement over NiSb and NiSb-C electrode materials, both of 

which suffer continuous capacity loss and essential failure of the electrode prior to 200 

cycles. This demonstrates the significance of the inert Al2O3 matrix in maintaining the 

integrity of the material over extended cycling despite the inherent issue of large volume 

change for alloying anodes.  

NiSb-Al2O3-C shows moderate rate capability, as seen in Figure 3.10 (b), 

maintaining roughly 77 % of its reversible capacity up to a 3C rate (based on the 
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theoretical capacity of 350 mAh g
-1

). Performance suffers dramatically beyond this rate 

though and at both 5C and 10C the electrode only maintains a small fraction of its 

reversible capacity.  

 

Figure 3.10. (a) Long term cyclability performance of NiSb-Al2O3-C from 0 – 2.0 V vs. 

Li / Li
+
 at 100 mA g

-1
 active material compared to the performance of NiSb-

C and NiSb under the same conditions, (b) rate capability of NiSb-Al2O3-C 

from 0 – 2.0 V vs. Li / Li
+
, (c) Coulombic efficiency of NiSb-Al2O3-C from 

0 – 2.0 V vs. Li / Li
+
 at 100 mA g

-1
, and (d) cyclability performance of 

NiSb-Al2O3-C cycled at 0 – 2.0 V vs. Li / Li
+
 and over a raised voltage 

range of 0.4 – 2.0 V vs. Li/Li
+
, both cycled at 100 mAh g

-1
. 
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Coulombic efficiency is related to the reversibility of an electrode reaction and is 

of particular importance in rechargeable cells like Li-ion batteries where there is a finite 

number of available ions carrying charge. In such cells, even a moderate decline in 

efficiency can lead to failure of an electrode as the losses are incurred upon each cycle. 

Figure 3.10 (c) shows the coulombic efficiency of NiSb-Al2O3-C over extended cycling. 

While the initial coulombic efficiency is quite low at 55.5 %, it quickly improves to 

above 95% by the 3
rd

 cycle and above 99.0 % by the 25
th

 cycle. For later cycles, the 

coulombic efficiency levels out at a value of roughly 99.5 %. 

The high reaction potential of Sb gives NiSb-Al2O3-C the potential to operate as a 

higher voltage anode. The primary advantage of this is to avoid the safety risks related to 

SEI layer formation and lithium plating, which are significant deterrents to large scale 

(transportation and stationary storage) applications of Li-ion batteries. In Figure 3.10 (d), 

the performance of NiSb-Al2O3-C cycled over a voltage window of 0.4 – 2.0 V vs. Li/Li
+
 

is compared to the typical voltage window of 0 – 2 V. As expected the reversible capacity 

is reduced because the lower edge of the NiSb reaction peak is not reached and the 

capacity contribution of carbon in the electrode is no longer utilized. However, the 

overall performance and extended cycle life of the electrode is maintained. In addition, 

compared to the existing high-voltage anode of Li4Ti5O12 (LTO), our material is able to 

operate under safe cycle conditions while achieving higher capacity values and allowing 

for the usage of an additional volt of potential, granting dramatically higher energy 

density.
15

 

In addition to capacity, cycle life, and rate capability, next generation anode 

materials need to be electrochemically compatible with state-of-the-art commercial 

cathode systems in order to be viable. Figure 3.11 (a) and (b) show the cycle life 

performance of NiSb-Al2O3-C in a full cell with, respectively, a layered oxide (NCM) 
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and spinel (TRF) type commercial cathode. Capacity losses are exacerbated in full cells 

due to the lack of a Li-ion repository so as expected performance is slightly worse than 

for a half cell with lithium foil anode. However, NiSb-Al2O3-C still shows relatively 

stable cycling vs. both cathode materials over 100 cycles, demonstrating its compatibility 

with both materials.  

 

Figure 3.11. Full cell performance of NiSb-Al2O3-C with a commercial cathode counter 

electrode of (a) layered oxide and (b) spinel. 

EIS measurements were carried out with NiSb-Al2O3-C and NiSb-C coin cells 

prior to cycling, after 1 cycle, and after 20 cycles to compare the impedance of the two 

composites at different degrees of cycling. The Nyquist plots for the two electrode 

materials are shown in Figure 3.12. There are generally three regions of interest in the 

EIS analysis for anode materials: high frequency region, medium-low frequency region, 

and low frequency region. These three regions correspond, respectively, to ionic diffusion 

through the electrode surface layer, charge transfer reaction between the electrode and 

electrolyte, and the cell geometric capacitance. The slope in the low frequency region of 

the impedance curve is also related to the bulk diffusivity of the active electrode 

material.
103,104
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As shown in Figure 3.12 (a), prior to any cycling the impedance curve for both 

materials consists of a single broad semicircle in the medium-low frequency range. The 

two materials have roughly equal impedance at higher frequency, but at lower frequency 

NiSb-Al2O3-C is shown to possess lower impedance. Al2O3 is an insulating material that 

would be expected to increase the impedance of the overall composite; however, this is 

not what is observed. This is possibly due to the more open network of active particles 

that results from the inclusion of low density amorphous Al2O3, which allows for easier 

diffusion throughout the material. After one cycle, Figure 3.12 (b) shows a semicircle 

appearing in the high frequency range for both materials from the formation of an SEI 

layer. This surface layer impedance is smaller in the Al2O3 containing composite because 

the electrochemically inert Al2O3 mitigates the formation of an SEI layer, which readily 

forms on carbon electrode surfaces. After 20 cycles, Figure 3.12(c) shows a similar 

impedance curve with the surface layer impedance of NiSb-Al2O3-C is again being lower 

than that of NiSb-C. At this point, the enhanced structural integrity of the Al2O3 likely 

contributes to the lower impedance. As active particles are lithiated/delithiated, they 

undergo volume change that can lead to cracking of formed SEI layer material and 

reexposure of pristine active surfaces to the electrolyte.
11

 This results in continuous SEI 

layer formation over extended cycling and, therefore, greater impedance.  

Ex situ XRD was performed on NiSb-Al2O3-C in the fully charged state (2.0 V vs. 

Li / Li
+
) after several cycles to observe the effects of extended cycling on the active 

material phases. Figure 3.13 shows the observed XRD pattern after 0 cycles (OCV), 1 

cycle, 10 cycles, and 50 cycles. After the 1st cycle, the initial NiSb phase has become 

largely amorphous with the observations of weak Sb peak and weak Ni peak. After 10 

cycles, the Sb and Ni peaks are a bit more defined, but NiSb crystalline peaks have also 

reemerged. The pattern remains largely the same after 50 cycles, with very weak NiSb 
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peaks, but metallic Ni and Sb are also observable, suggesting that not all of the active Sb 

re-alloys to form NiSb with extended cycling.
38,39

 

 

Figure 3.12. Nyquist plots showing the EIS results of both NiSb-Al2O3-C and NiSb-C 

before the first cycle, after 1 cycle, and after 20 cycles. 
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Figure 3.13. Ex situ XRD patterns of NiSb-Al2O3-C taken at the fully charged state (2.0 

V vs. Li / Li
+
) after various number of cycles. 

Ex situ TEM analysis was performed on NiSb-Al2O3-C in the fully charged state 

(2.0 V vs. Li / Li
+
) after several cycles to observe the effects of extended cycling on the 

material morphology and particle size. Figure 3.14 (a), (b), (c), and (d) show, 

respectively, ex situ TEM images of NiSb-Al2O3-C before cycling (OCV), after the 1st 

cycle, after 100 cycles, and after 1000 cycles. Similar to the pristine powder TEM (Fig. 
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3.4), the electrode can be seen to be composed of small crystalline particles of NiSb 

surrounded by an amorphous matrix of Al2O3 and carbon. The active particle size falls in 

the 10 nm range initially and does not appear to change significantly over extended 

cycling. This exemplifies the ability of the NiSb-Al2O3-C nanocomposite electrode to 

prevent significant particle growth and agglomeration, as even after 1000 cycles the 

particle size of active material is still on the nano-scale. Limited agglomeration can be 

observed after 1000 cycles, but it is apparently not significant enough to affect 

performance as there is virtually no loss of capacity between 100 and 1000 cycles. After 

extended cycling (100 or 1000 cycles), the active particles also appear to be more 

crystalline and have more defined boundaries, which agrees with the extended cycle 

XRD observations of stronger NiSb and Sb peaks after many cycles. The TEM 

observations of stable morphology over extended cycling also agree with the 

electrochemical performance of NiSb-Al2O3-C, which demonstrates a very stable 

capacity over extended cycling.  
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Figure 3.14. Ex situ TEM of NiSb-Al2O3-C taken at the fully charged state (2.0 V vs. Li / 

Li
+
) after (a) 1st cycle, (b) 10 cycles, (c) 100 cycles, and (d) 1000 cycles. 
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3.4 CONCLUSION 

NiSb-Al2O3-C nanocomposite anodes were synthesized by a HEMM method. The 

produced material was shown by XRD, XPS, and TEM analysis to be composed of nano-

scale particles of active NiSb dispersed within a reinforcing matrix of electrochemically 

inert Al2O3 and active carbon. This favorable morphology and the presence of an Al2O3 

matrix give NiSb-Al2O3-C exceptional cycle life far superior to that of similarly prepared 

samples of NiSb-C and NiSb. NiSb-Al2O3-C suffers from significant first cycle 

irreversibilities and low initial coulombic efficiency, but through the incorporation of an 

intermediate heat treatment during synthesis, these irreversiblities can be reduced by 

nearly 60 % while maintaining the cycling performance of the original electrode material. 

NiSb-Al2O3-C also demonstrates moderate rate capability and excellent cycle life, 

maintaining a specific capacity of 280 mAh g
-1

 up to 1000 cycles. The reversible capacity 

of NiSb-Al2O3-C offers a marginal improvement upon graphite, and a higher reaction 

potential allows operation under safer conditions without the dramatic voltage sacrifice of 

other high-voltage anodes. This good capacity, excellent cyclability, along with a tap 

density of 1.3 g cm
-3

 and demonstrated compatibility with layered oxide and spinel type 

cathode materials make NiSb-Al2O3-C a promising potential anode material for Li-ion 

batteries.  
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Chapter 4. FeSb2-Al2O3-C Nanocomposite Anodes for Lithium-ion 

Batteries† 

4.1 INTRODUCTION 

The performance of an antimony intermetallic, FeSb2, is tested as incorporated 

into an active/inactive composite of FeSb2-Al2O3-C in which electrochemically inactive 

Al2O3 acts as a mechanically reinforcing phase with carbon black as a conductive 

additive. This composite structure takes advantage of the cycle life enhancements offered 

by using an intermetallic as an active material over a pure alloy anode material, as well as 

the demonstrated performance effects from an Al2O3 + C composite matrix.
33,36,40

 FeSb2 

has the advantage of offering a high theoretical capacity for an antimony intermetallic of 

537 mAh g
-1

, though this also translates to a larger volume change. In addition, FeSb2 has 

demonstrated a reaction mechanism with lithium in which an addition reaction first 

occurs to form Li4Fe0.5Sb2 as an intermediate phase prior to a final conversion reaction to 

form Li3Sb as shown in reaction 1.  

𝐹𝑒𝑆𝑏2 + 6𝐿𝑖 →  𝐿𝑖4𝐹𝑒0.5𝑆𝑏2 + 0.5𝐹𝑒 + 2𝐿𝑖 →  2𝐿𝑖3𝑆𝑏 + 𝐹𝑒 (1) 

Intermetallics in general have demonstrated improved cyclability over pure active 

elements, but certain addition reactions with structural relations between the reaction 

phases have proven especially effective.
35

 The use of a high-energy mechanical milling 

(HEMM) synthesis process also imparts the advantages of nano-scale active materials 

into the composite, while the Al2O3 incorporation provides mechanical support during the 

lithiation/delithiation reaction to absorb some of the induced stresses, preventing 

crumbling of the active material.
23,25,33,36,40

 A secondary advantage of the Al2O3 inclusion 

                                                 
† E. Allcorn and A. Manthiram. “FeSb2-Al2O3-C nanocomposite anodes for lithium-ion batteries.” ACS 

Appl. Mater. Interfaces 2014, 6, 10886. 

E. Allcorn carried out the experimental work. A. Manthiram supervised the project. All participated in the 

preparation of the manuscript. 
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is the potential to act as a barrier to prevent agglomeration of active particles during 

cycling, extending the benefits of using a nano-scale active material.
33,36,40 

Accordingly, 

in this study, the cycle life and reaction mechanism of the synthesized FeSb2-Al2O3-C 

nanocomposite with a single-step synthesis process is tested in an effort to yield a viable 

electrode with improved volumetric and specific capacity relative to graphite. 

4.2 EXPERIMENTAL 

FeSb2-Al2O3-C nanocomposite was synthesized by mixing a stoichiometric ratio 

of the precursor powders Fe (Alfa Aesar, 99.9 %, < 10 µm), Sb2O3 (Alfa Aesar, 99.6 %, 

1.1 – 1.8 µm), and Al (Alfa Aesar, 99 %, 17 – 30 µm), along with 20 wt. % acetylene 

black carbon (Alfa Aesar, 99.99 %, -200 mesh). Due to a negative free energy change, 

the milling process mechanochemically induces reaction 2: 

Fe + Sb2O3 + 2Al → FeSb2 + Al2O3   ΔG° = -1010 kJ mol
-1

 (2) 

The precursor mixture underwent 48 h of high-energy mechanical milling 

(HEMM) under an argon atmosphere at room temperature with a ball : powder ratio of 20 

: 1 and a milling speed of 500 rpm. For the incorporation of heat treatment into the 

synthesis of FeSb2-Al2O3-C, the same stoichiometric mixture of Fe, Sb2O3, and Al 

underwent 24 h of HEMM under the same conditions outlined previously but without the 

presence of 20 wt. % acetylene black carbon. After this initial HEMM step, the material 

was subjected to 8 h of heat treatment at 400 °C in an aluminum oxide crucible under 

flowing argon. Then 20 wt. % acetylene black carbon was mixed with this material and 

the combined powder underwent a second HEMM step of 24 h under the same previously 

mentioned conditions. 

The resulting electrode powder was characterized by XRD analysis to determine 

the phases present with a Philips X-ray Diffractometer and Cu-Kα radiation. X-ray 
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photoelectron spectroscopy (XPS) was used to confirm the presence of desired 

amorphous phases with a Kratos XPS and a monochromatic Al-Kα source. Powder 

morphology was analysed by scanning electron microscopy (SEM) with a JEOL JSM-

5610 equipment and high-resolution transmission electron microscopy (HRTEM) with a 

JEOL 2010F equipment. In addition, ex situ XRD was carried out on electrodes under 

different states of charge. These electrode samples were prepared by opening the cycled 

coin cells inside an Ar-filled glovebox and placing them under a protective polyimide 

film for analysis on a Rigaku X-ray Diffractometer with Cu-Kα radiation.  

To measure the electrochemical performances of FeSb2-Al2O3-C and related 

materials, test electrodes were cast onto a copper foil substrate with the doctor blade 

method with slurries consisting of 70 wt. % active powder,  15 wt. % polyvinylidene 

fluoride (PVDF) dissolved in N-methyl pyrrolidone (NMP) as a binder, and 15 wt. % 

conductive carbon (Super P). The electrodes were dried for 12 h at 120 °C in a vacuum 

oven. CR2032 coin cells were then assembled in an Ar-filled glovebox with the cast 

electrode as the working electrode, Celgard polypropylene as the separator, lithium foil as 

the counter/reference electrode, and 1 M LiPF6 in ethylene carbonate (EC)/diethyl 

carbonate (DEC) (1 : 1 v/v) as the electrolyte. Discharge/charge cycling of these cells 

was carried out with an Arbin battery cycler with a constant current density of 100 mA g
-

1
 (roughly C/4) over a voltage window of 0 – 2 V vs. the lithium reference. 

4.3 RESULTS AND DISCUSSION 

XRD characterization of the as-synthesized FeSb2-Al2O3-C powder, shown in 

Figure 4.1, shows it to contain crystalline particles of active FeSb2 intermetallic phase. 

The FeSb2 thus formed is the orthorhombic seinajokite phase (space group: Pnnm) with 

unit cell dimensions of a = 5.82 Å, b = 6.5194 Å, and c = 3.188 Å (JCPDS File: 34-
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1184). Aside from small residual Sb peaks, no other precursor materials remain and no 

other crystalline phases are observed. However, in Figure 4.2 XPS analysis of the 

electrode powder shows a shift in the Al 2p binding energy from the value of 72.8 eV for 

metallic Al to the observed peak of 74.7 eV that correlates to and confirms that presence 

of amorphous Al2O3.
98

 This analysis confirms that our composite contains both an active 

intermetallic and a mechanically reinforcing matrix, as intended. Figure 4.3 shows the 

HRTEM images of the as-synthesized FeSb2-Al2O3-C, indicating the presence of active 

FeSb2 particles of roughly 20 nm diameter surrounded by the amorphous matrix of Al2O3 

and carbon. This confirms the presence of nano-scale active material and demonstrates 

the effective intermixing of the secondary matrix with active particles due to the 

mechanochemically induced in situ formation of Al2O3. This intermixing allows the 

Al2O3 and carbon matrix to provide especially effective mechanical reinforcement, 

accommodating the volume change of the active particles while also serving to separate 

them and inhibit their agglomeration during extended cycling. 
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Figure 4.1. XRD patterns of the precursor powders and the as-synthesized composite 

powder FeSb2-Al2O3-C, showing the only crystalline peaks present to be 

those of the active intermetallic FeSb2 with a very small residual peak of 

metallic Sb. 
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Figure 4.2. XPS analysis of as-synthesized FeSb2-Al2O3-C showing the binding energy 

shift in the Al-2p peak to 74.7 eV, matching the expected binding energy 

value for Al2O3
98

. 

 

Figure 4.3. HRTEM images of as-synthesized FeSb2-Al2O3-C nanocomposite anode, 

showing crystalline particles of FeSb2 with sizes of ~ 10 nm dispersed 

within an amorphous matrix of Al2O3 and carbon. 
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Based on the ratio of the precursors used for the synthesis of FeSb2-Al2O3-C, the 

as-synthesized nanocomposite material is composed of 60 wt. % FeSb2, 20 wt. % Al2O3, 

and 20 wt. % carbon. It also has a relatively high practical tap density of 1.3 g cm
-3

 

compared to the graphite anode (< 1 g cm
-3

), yielding enhanced volumetric capacity.  

In the first cycle, the FeSb2-Al2O3-C nanocomposite anode material exhibits an 

initial discharge and charge capacities of, respectively, 877 mAh g
-1

 and 547 mAh g
-1

, 

resulting in an initial coulombic efficiency of 62 %. Figure 4.4a shows the voltage vs 

capacity plot of FeSb2-Al2O3-C during the first 5 discharge/charge cycles and Figure 4.4b 

shows the same information for the HEMM-synthesized pure FeSb2. FeSb2 intermetallic 

was recently shown to react with lithium via an addition reaction producing the phase 

Li4Fe0.5Sb2 + 0.5Fe followed by a conversion reaction producing the final products of Fe 

+ 2Li3Sb.
37,38

 For fully discharged FeSb2-Al2O3-C, ex situ XRD analysis shows no 

discernible crystalline peaks due to very fine crystalline particles and/or small amount of 

sample in the electrode. However, in Figure 4.5, ex situ XRD analysis of the fully 

discharged FeSb2 intermetallic shows peaks corresponding to Li3Sb, confirming the final 

reaction products. The similarity between the FeSb2-Al2O3-C and pure FeSb2 reaction 

curves after the initial cycle suggests that the same reaction products should be present in 

the nanocomposite as well, but are not detectable by XRD due to very small particle size 

or poor crystallinity. Although the first cycle for FeSb2-Al2O3-C exhibits a large 

irreversible capacity loss, the subsequent cycles show good reversibility with little 

capacity loss. Some sources of this large irreversible capacity loss are incomplete 

reduction of Sb2O3 during synthesis resulting in Li2O formation, SEI layer formation at 

low potentials, and side reactions with amorphous Al2O3 + carbon matrix.
99,100

 Pure 

FeSb2 has a smaller irreversibility than FeSb2-Al2O3-C, but it exhibits worse capacity 

retention after the initial cycle due to the lack of an inert reinforcing phase to control the 
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volume change effects.  After the initial cycle, the primary reaction plateaus of both 

materials match very closely with those of metallic Sb. This suggests that after the initial 

alloying reaction to form Li3Sb and Fe, there is no subsequent reformation of the FeSb2 

intermetallic phase upon delithiation. The products of the first cycle delithiation are 

metallic Sb and metallic Fe, and later cycles are simply the alloying/dealloying reaction 

of metallic Sb. This is in agreement with previously published results for FeSb2.
39 

 

Figure 4.4. Voltage vs. capacity plots of (a) FeSb2-Al2O3-C and (b) FeSb2 intermetallic 

electrodes over the first several cycles. 

 

Figure 4.5. Ex situ XRD pattern of a pure FeSb2 intermetallic electrode that has been 

fully discharged (lithiated) to 0.0 V vs. Li/Li
+
 showing the lithiation product 

phase Li3Sb.  
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Figures 4.6a and b show, respectively, the differential capacity plots (DCP) for 

FeSb2-Al2O3-C and FeSb2. The irreversible reaction peak for the formation of Li2O is 

observable in the initial discharge curve of FeSb2-Al2O3-C at ~ 1.4 V vs. Li/Li
+
.
99,101

 As 

would be expected, this peak is not observed in the pure FeSb2 DCP curve. The initial 

discharge curve for pure FeSb2 has a primary peak that closely matches previously 

published data. However, our data show no secondary lithiation peak at 0.4 V that is 

present in some studies. This peak has been shown to be rate dependent and only present 

in materials with large crystallite size, so it appears our samples are cycled at a fast 

enough rate and/or have a small enough particle size that the peak does not present 

itself.
37,39

 The initial discharge peaks for FeSb2-Al2O3-C are noticeably shifted from those 

observed in the pure intermetallic. Some of the shift can be attributed to the nano-scale 

active material and composite system, and the higher onset potential for lithiation is most 

likely due to the residual metallic Sb in the system as evidenced in the XRD pattern 

shown in Figure 4.1. However, more in-depth analysis of this reaction may be warranted 

to determine if the reaction mechanism of the FeSb2 system is altered when incorporated 

into this nanocomposite. There is also a noticeable increase in storage capacity for FeSb2-

Al2O3-C as it approaches a potential of 0.0 V vs. Li/Li
+
. This is related to the reversible 

lithiation of the carbon material incorporated into the nanocomposite. As discussed 

previously, the peaks for the 5th cycle closely match those observed for metallic 

antimony for both materials. 
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Figure 4.6. Differential capacity plots (DCPs) of (a) FeSb2-Al2O3-C and (b) FeSb2 

intermetallic electrodes over their 1
st
 and 5

th
 cycles. 

 

Figure 4.7. SEM images of the FeSb2-Al2O3-C (a) after heat treatment at 400°C and (b) 

without heat treatment.  

While the large irreversible capacity suffered in the first cycle of the FeSb2-

Al2O3-C material is a significant issue, there are options to address and control those 

losses. A previously published nickel antimonide composite anode demonstrated 

significantly reduced first cycle losses when a heat treatement step was incorporated into 

the synthesis process.
33

 This heat treatment step facilitates a more complete reduction of 

the residual Sb2O3, thereby limiting the losses at high potential due to the formation of 

Li2O. As shown in Table 4.1, first cycle improvements are also observed in our FeSb2-
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Al2O3-C anode when a heat treatment step is incorporated as described in the 

experimental section. The heat treatment is applied as an intermediate step such that the 

final material morphology is minimally affected, as demonstrated in Figure 4.7 with the 

SEM images of FeSb2-Al2O3-C powders with and without heat treatment.  In both cases, 

the powder is composed of roughly spherical agglomerates (smaller than 2 μm) of 

particles. The voltage vs. capacity plot is shown in Figure 4.8 for the heat treated FeSb2-

Al2O3-C. The heat treatment has minimal effect as the curve shape and the primary 

plateau potentials are essentially the same as in Figure 4.4a. The primary difference is the 

smaller irreversible capacity loss at higher potentials during first cycle, which is a result 

of the reduction of residual Sb2O3 during the heat treatment step. In addition, there is no 

demonstrated negative impact on the cycle life of the nanocomposite anode.  

 

 Irreversible 
Capacity 
(mAh g-1) 

Reversible 
Capacity 
(mAh g-1) 

First Cycle 
Losses 

(mAh g-1) 

Initial Coulombic 
Efficiency 

FeSb2-Al2O3-C 
with No Heat 
Treatment 

877 547 330 62 % 

FeSb2-Al2O3-C 
with 400°C 
Heat Treatment 

812 575 237 71 % 

Table 4.1. Initial cycle performances of FeSb2-Al2O3-C with and without a heat treatment 

step during synthesis, demonstrating the ability of heat treatment to reduce 

first cycle irreversible loss. 
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Figure 4.8. Voltage vs. capacity plots of the first several cycles of FeSb2-Al2O3-C that has 

undergone 8 h of heat treatment at 400 °C under flowing argon. 

It should also be noted that the reaction peak for FeSb2 lies at a relatively high 

potential, with roughly 75 % of the capacity lying above 0.5 V vs. Li/Li
+
 after the initial 

cycle (70 % for FeSb2-Al2O3-C). This gives FeSb2 active materials the potential to 

operate over a raised voltage window, which could mitigate some effects of SEI layer 

formation and essentially eliminate the risk of lithium plating. Some negative effects of 

higher voltage cycling are reduced capacity and energy storage capabilities, as well as the 

likely need for a conditioning cycle that would result in higher first cycle 

irreversibilities.
37 

Electrochemical impedance spectroscopy (EIS) analysis was carried out on 

FeSb2-Al2O3-C, FeSb2-C, and heat treated FeSb2-Al2O3-C. Figure 4.9a and b show, 

respectively, the Nyquist plots for these samples after an initial conditioning cycle and 

after 10 cycles. For all three samples, the impedance curves are composed of two 
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semicircles at high frequency and a linear region at lower frequencies. The two semi-

circles correspond to the surface layer diffusion and charge-transfer resistance of the 

electrodes, while the linear region corresponds to the bulk lithium diffusion through the 

electrode. After one cycle, Figure 4.9a shows that the impedance of the heat-treated 

FeSb2-Al2O3-C is the lowest in all regions, the FeSb2-Al2O3-C sample without heat 

treatment is slightly higher in all regions, and FeSb2-C is the highest. After 10 cycles, 

Figure 4.9b shows that the impedance of all three samples has increased, although the 

increase is significantly larger for FeSb2-C than for FeSb2-Al2O3-C or heat treated FeSb2-

Al2O3-C. This impedance growth is most likely due to SEI layer formation and growth on 

the electrode surfaces. For both the Al2O3 containing electrodes, the growth is smaller 

possibly due to volume change mitigation effects that inhibit new surface exposure 

during cycling, coating of active particles by Al2O3, and a lower surface reactivity due the 

inclusion of the inert Al2O3.  

 

Figure 4.9. Nyquist plots of FeSb2-Al2O3-C, FeSb2-C, and heat treated (400 
o
C) FeSb2-

Al2O3-C (denoted as FeSb2-Al2O3-C HT) (a) after an initial conditioning 

cycle and (b) after 10 charge/discharge cycles. 
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Cycle life data shown in Figure 4.10a compares the long-term performance of 

FeSb2-Al2O3-C to a similarly prepared FeSb2-C composite as well as to pure FeSb2 

intermetallic electrodes. This performance metric highlights most effectively the value of 

the reinforcing Al2O3 matrix in improving the performance of the FeSb2 intermetallic. 

While the pure intermetallic and intermetallic/carbon composite suffer total cell failure 

prior to 100 cycles, FeSb2-Al2O3-C maintains useful capacity for several hundred cycles, 

demonstrating a capacity of roughly 350 mAh g
-1

 even after 500 cycles. This drastic 

performance improvement shows the capability of the FeSb2-Al2O3-C nanocomposite 

system to control volume change losses in the lithium alloying material as well as the 

effectiveness of the Al2O3 + C matrix in inhibiting extensive particle agglomeration 

during cycling. Figure 4.10b shows the rate capability of this material to be good up to 

3C, with a capacity retention of 87 % at 1.2 A g
-1

 (3C). However, at higher rates of 5C 

and 10C the electronically insulating nature of the Al2O3 matrix leads to a drastic 

reduction in performance. 
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Figure 4.10. (a) Comparison of the cycle life performances of FeSb2-Al2O3-C, FeSb2-C, 

and FeSb2, demonstrating the extended cycle life provided by the Al2O3 + C 

matrix. (b) Rate capability performances of FeSb2-Al2O3-C at various C-

rates. 

4.4 CONCLUSION 

Overall, this work has demonstrated that the FeSb2-Al2O3-C nanocomposite 

synthesized by HEMM offers dramatic improvement in the cycle life of typical alloy 

anode materials through the employment of multiple volume change mitigation 

techniques: intermetallic active material, nano-scale active particles, and a mechanically 

reinforcing buffer matrix. While the first cycle losses are quite high in this material, 

techniques such as heat treatment during synthesis are capable of addressing this to a 

degree. Overall, the extended cycle life, good rate capability, and high tap density of 

FeSb2-Al2O3-C give it much promise as a Li-ion battery anode, while its high operating 

potential make it capable of operating effectively under safer cycling conditions. 
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Chapter 5. High-rate, High-density FeSb-TiC-C Nanocomposite Anodes 

for Lithium-ion Batteries‡ 

5.1 INTRODUCTION 

The formation of a diffusion limiting SEI layer on graphite electrodes coupled 

with its reaction potential close to that of Li/Li
+
 poses serious safety risks of lithium 

plating and dendrite growth on the electrode surface, limiting the charging rate of the 

cell.
3
 High-voltage anodes such as the spinel Li4Ti5O12 (LTO) eliminate SEI layer 

formation and dendrite growth, but the low capacity (~150 mAh g
-1

) coupled with the 

high operating voltage (1.5 V vs. Li / Li
+
) of LTO sacrifices significantly the energy 

density of the cell.
15

 With these perspectives, there is immense interest to develop 

alternative safer, high-voltage anode materials that also possess high capacity.  

Antimony, with its reaction potential of ~ 0.9 V versus Li/Li
+
 and theoretical 

capacity of 660 mAh g
-1

 is a prime candidate to fit this role. However, the key drawback, 

as with all alloy anodes, is the huge volume change associated with the 

lithiation/delithiation process that results in high mechanical strain throughout the 

electrode material and eventual crumbling and dramatic capacity loss within a small 

number of cycles.
23

  

Our research group has been focusing on several intermetallic anode systems of 

the form MxSb or MxSn (M = Fe, Ni, Cu) for lithium-ion batteries.
33,36,41,58

 In general, 

these intermetallics offer improved cycle life relative to the pure metals but at the 

expense of some capacity. The volume change can be further mitigated by the 

incorporation of the intermetallic into an active/inactive composite system with a 

                                                 
‡ E. Allcorn and A. Manthiram. “High-rate, high-density FeSb-TiC-C nanocomposite anodes for lithium-

ion batteries.” J. Mater. Chem. A 2015, 3, 3891. 

E. Allcorn carried out the experimental work. A. Manthiram supervised the project. All participated in the 

preparation of the manuscript. 
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structurally stable phase – commonly an oxide or carbide ceramic – that acts as a 

reinforcing backbone to help accommodate some of the internal stress from the volume 

change in the active material.
33,36,41,58–60

 TiC is a tough and electrically conductive 

material that has been demonstrated as an effective buffer phase to extend the life of alloy 

anodes.
58–60

 One of the primary causes of capacity loss as the alloy anodes undergo 

volume change is the loss of electrical contact between electrode particles, which leads to 

electrically isolated “dead zones.” As such, conductive carbon is also frequently added to 

alloy anode systems. TiC has high electrical conductivity, so it can serve the dual purpose 

of offering a reinforcing and conductive matrix, enabling the reduction or elimination of 

the low-density conductive carbon from the composite.  

Accordingly, we present here the synthesis and electrochemical performance of 

the nanocomposite alloy anodes FeSb-TiC-C. Relative to the previously developed 

MxSb-Al2O3-C electrode systems, this TiC-based composite offers a number of 

advantages: (i) no oxide precursor, eliminating related irreversibilities; (ii) TiC has high 

conductivity allowing it to act as both a reinforcing and conductive phase; (iii) a lower 

heat of reaction during the synthesis process implies less risk from scaling up the 

production method. In addition, the synthesis method employed in this case allows for a 

systematic variations of each component in the final product, enabling the opportunity to 

understand the effect of each component on the electrochemical properties of the final 

material. Because electrolyte additives such as fluoroethylene carbonate (FEC) and 

vinylene carbonate (VC) have shown an ability to enhance anode performance, the 

viability of combining electrolyte additives with the FeSb-TiC-C system is presented as 

well.
105
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5.2 EXPERIMENTAL 

The FeSb-TiC-C electrode powder was synthesized via a two-step process. In the 

first step, powders of metallic Fe (Alfa Aesar, 99.9 %, < 10 μm), Sb (Sigma Aldrich, 99.5 

%, -100 mesh), and Ti (Alfa Aesar, 99.5 %, -325 mesh) were mixed and heated to 600 °C 

for 8 h under flowing argon. The different amounts of metallic powders were calculated 

to provide a 1 : 1 atomic ratio of Fe : Sb for the formation of the FeSb phase and to yield 

a desired weight percentage of TiC in the final composite material ranging from 15 to 60 

wt. %. For the second step, the resulting powder – shown to be a mixture of elemental 

and binary phases – was combined with acetylene black carbon (Alfa Aesar, 99.99 %, -

200 mesh) and milled for 40 h in a Fritsch Pulverisette 6 planetary mill with an 80 cm
3
 

capacity stainless steel vial and balls. This HEMM step was carried out under an argon 

environment at room temperature and with a ball : powder mass ratio of 20 : 1. The 

amount of acetylene black added was calculated based on the stoichiometric reaction 1 

below, along with a desired amount of remaining carbon in the final material ranging 

from 0 to 15 wt. %. The driving force for the mechanochemically induced reaction is the 

negative free energy change associated with the formation of TiC (ΔG°TiC = -206 kJ mol
-

1
). 

Fe-Sb-Tix + xC → FeSb + xTiC (1) 

The various FeSb-TiC-C composites were characterized by X-ray diffraction 

(XRD) with a Philips diffractometer with Cu-Kα radiation to determine the crystalline 

phases present. Morphological and particle size characterizations were carried out with a 

both a JEOL JSM-5610 scanning electron microscope (SEM) and a JEOL 2010F 

transmission electron microscope (TEM). For TEM analysis, the as-synthesized electrode 

powder was sonicated in ethanol to create a suspension that was deposited onto a carbon 
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coated TEM grid for analysis. Tap density measurements were carried out on as-

synthesized electrode powders with a Quantachrome AT-4 Autotap machine. 

For electrochemical testing of the FeSb-TiC-C anodes, electrode slurries were 

prepared that were composed of 70 wt. % active material (FeSb, TiC, and acetylene black 

were all considered part of the active material), 15 wt. % Super P conductive carbon, and 

15 wt. % polyvinylidene fluoride (PVDF) dissolved in N-methyl pyrrolidinone (NMP) as 

a binder. These slurries were cast onto copper foil current collectors by the doctor blade 

method and subsequently dried in a vacuum oven at 120 °C for 12 h. Circular electrodes 

with 1 cm
2
 surface area and active material loadings of 2.3 – 2.9 mg were punched from 

these castings. CR2032 coin cells were then assembled inside of an argon-filled glovebox 

with the cast electrode as the working electrode, Celgard polypropylene separator, 

lithium foil counter/reference electrode, and 1 M LiPF6 in ethylene carbonate (EC) / 

diethyl carbonate (DEC) (1 : 1 vol / vol) electrolyte. Each cell was filled with roughly 

400 μL of electrolyte. Galvanostatic cycling of the prepared cells was carried out on an 

Arbin battery cycler with a current density of 100 mA g
-1

 active material over a voltage 

window of 0 – 2 V versus the lithium reference unless otherwise noted. For the testing of 

the electrolyte additives fluoroethylene carbonate (FEC) and vinylene carbonate (VC), 2 

vol. % of the desired additive was mixed overnight with the electrolyte described above. 

Electrochemical impedance spectroscopy (EIS) was carried out on as-assembled and 

cycled cells with a Solartron SI 1260 impedance analyzer with an applied AC voltage of 

10 mV over a frequency range of 100 kHz to 0.1 Hz and a DC potential equal to the 

stable voltage of the test cell after charging to 2.0 V vs. Li/Li
+
. 

Ex situ SEM coin cells underwent the desired cycling conditions and were 

subsequently opened inside an argon-filled glovebox. The extracted electrodes were 

mounted onto SEM stubs, sealed, and transported to the SEM chamber; while transferring 
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into the SEM chamber the electrode was briefly exposed to air. In order to enable 

adequate active material loading to acquire ex situ XRD patterns, electrode pellets with 

active mass loadings ranging from 40 to 60 mg were assembled in CR 2032 type coin 

cells and cycled galvanostatically at rates of C/50 to the desired electrode potential, and 

then held potentiostatically until the applied current decreased below 2 µA g
-1

. The 

pellets were fabricated from slurries consisting of 80 wt. % active material, 10 wt. % 

Super P conductive carbon, and 10 wt. % PVDF binder dissolved in NMP that were 

mixed for 12 h, dried under vacuum at 120 °C for 24 h, ground in a mortar and pestle, 

and pressed to 2300 PSI. Cycled pellets were extracted from the cells inside an argon-

filled glovebox and sealed under Kapton film for XRD analysis by a Philips 

diffractometer with Cu-Kα radiation. 

5.3 RESULTS AND DISCUSSION 

Figure 5.1a shows the XRD patterns of the as-synthesized powders with 15 wt. % 

carbon and four different TiC contents: 15, 30, 45, and 60 wt. %. For all powders the only 

observed crystalline peaks correspond to FeSb and TiC with no peaks associated with 

carbon or any residual metallic precursor materials, indicating that reaction 1 has 

progressed to completion as desired. The FeSb phase (JCPDS File: 03-065-7508) is 

hexagonal with the NiAs structure and lattice parameters of a = 4.070 Å and c = 5.130 Å 

while the TiC phase (JCPDS File: 03-065-8805) is cubic with rocksalt structure and a 

lattice parameter of a = 4.306 Å. As the TiC content increases in the powder the 

intensities of TiC peaks increase while those of FeSb decrease, as would be expected. 

Figure 5.1b shows the XRD patterns of the FeSb-TiC powders containing the same wt. % 

of TiC but synthesized with no carbon; i.e., only the stoichiometric amount of carbon 

required for the formation of TiC was included in the synthesis. The peaks are the same 
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as those observed in Figure 5.1a – only crystalline FeSb and TiC are present – and the 

intensities of TiC peaks again increase while those of FeSb decrease with increasing TiC 

content.  

 

Figure 5.1. XRD patterns of as-synthesized FeSb-TiC-C samples with various TiC 

contents and (a) 15 wt. % carbon and (b) 0 wt. % carbon. 

In order to characterize the micro and nano morphology of the FeSb-TiC-C 

composite electrode powders SEM and HRTEM images were taken of a number of 

composite powders. Figure 5.2a shows an SEM image of FeSb-TiC-C containing 15 wt. 

% carbon and 30 wt. % TiC. It consists of roughly spherical particles with sizes ranging 

from ~ 5 μm down to the nanometer range. This morphology is consistent with that 
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observed previously with composites synthesized by HEMM
33,36,41,96

 and is the same for 

all other analyzed compositions of FeSb-TiC-C.
33,36,41

 Figure 5.2b and 5.2c show 

HRTEM images of FeSb-TiC-C with 15 wt. % carbon and 60 wt. % TiC. The higher 

magnification TEM images in Figure 5.2 b-d show that the individual particles seen in 

SEM analysis in Figure 5.2a are actually composed of a combination of small crystallites 

of FeSb and TiC with diameters of 5 – 10 nm. The low magnification TEM image in 

Figure 5.2b shows numerous dark and light regions, corresponding to, respectively, 

regions of FeSb and TiC due to the differences in the atomic numbers of Sb and Ti. 

Measurements of atomic lattice spacing in Figure 5.2c confirm the correlation of 

crystalline FeSb to darker regions and TiC to lighter regions. Similar observations are 

made in Figure 5.2d which shows an HRTEM image of FeSb-TiC-C with no carbon and 

60 wt. % TiC. In addition, Moire fringes evident in Figure 5.2d demonstrate the presence 

of multiple overlapping crystals throughout the depth of the micrograph as well. Overall 

the TEM analysis shows the FeSb-TiC-C composites are composed of well intermixed 

nano-scale crystallites of FeSb and TiC tightly agglomerated into larger particles. This 

same morphology was also observed in all other analyzed FeSb-TiC-C powders and is 

very similar to that seen in previously published HEMM synthesized composite 

powders.
33,36,41,96

 The combination of XRD, SEM, and TEM characterizations of the 

various FeSb-TiC-C composite powders reveals that the crystalline phases and 

morphology of the materials is not altered significantly by either carbon content or TiC 

content within the tested ranges.  

Table 5.1 shows the tap densities of the as-synthesized powders. TiC content has 

minimal effect on tap density although there is a slight observed decrease with greater 

TiC content. However, the effect of carbon on tap density is much more pronounced as 

the tap density decreases by ≥ 1 g cm
-3

 with the presence of only 15 wt. % carbon for all 
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contents of TiC investigated. Therefore, to maximize the tap density – and by extension 

the volumetric capacity of the electrode – the amount of carbon in FeSb-TiC-C should be 

minimized.  

 

Figure 5.2. Microscopy images of as-synthesized FeSb-TiC-C powders: (a) SEM image 

of the powder containing 15 wt. % carbon and 30 wt. % TiC; (b) HRTEM 

image of powder containing 15 wt. % carbon and 60 wt. % TiC; (c) high-

magnification HRTEM image of the sample in Figure 2b with lattice 

spacings identified corresponding to FeSb and TiC phases; and (d) high-

magnification HRTEM of the powder with 0 wt. % carbon and 60 wt. % 

TiC with lattice spacings identified corresponding to FeSb and TiC phases 

and Moire fringes from crystal lattice overlap. 
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Table 5.1 also shows the theoretical capacity and early cycle performance data of 

the FeSb-TiC-C samples in half cells with various TiC and carbon contents. The 

theoretical capacity values were calculated assuming that FeSb reacts to form Li3Sb and 

Fe while any carbon forms LiC6. Half-cell tests of HEMM-synthesized pure TiC showed 

a reversible capacity of ~ 100 mAh g
-1

 primarily at voltages below 0.3 V vs. Li/Li
+
, so 

this value was included in the theoretical capacity calculations. Because the electrode 

irreversibilities appear to manifest over the first several cycles, the 10th cycle reversible 

capacity values were compared to the theoretical capacities. This revealed close 

agreement with proposed theoretical capacity with a discrepancy of ≤ 8 % for all samples 

investigated except the sample containing no carbon and 60 wt. % TiC that showed ~ 15 

% lower capacity than the calculated value. 

 

Active 
Material 

TiC   
Content 

Carbon 
Content 

Tap 
Density 
(g cm-3) 

1st Cycle 
Irreversible 

Capacity 
(mAh g-1) 

Initial 
Coulombic 
Efficiency 

Initial 
Reversible 
Capacity 
(mAh g-1) 

10th Cycle 
Reversible 
Capacity 
(mAh g-1) 

Theoretical 
Capacity 
(mAh g-1) 

FeSb 

15 % 
0 % 2.9 82 81.1 % 453 405 400 

15 % 2.0 102 80.0 % 430 411 400 

30 % 

0 % 2.9 87 79.3 % 358 339 350 

5 % 2.3 99 78.2 % 355 326 350 

10 % 1.9 85 79.3 % 365 346 350 

15 % 1.8 110 78.9 % 424 380 350 

45 % 

0 % 2.8 85 77.1 % 293 276 295 

5 % 2.2 110 74.1 % 338 309 300 

10 % 1.9 107 76.0 % 347 311 300 

15 % 1.7 148 70.4 % 354 314 305 

60 % 
0 % 2.6 81 71.3 % 212 204 240 

15 % 1.7 177 65.1 % 325 266 260 

Table 5.1. Theoretical and early cycle electrochemical performance data for FeSb-TiC-C 

composite electrodes as well as tap density values. 
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The initial reversible capacities of the samples synthesized with 15 wt. % carbon 

decreases with increasing TiC content from 430 mAh g
-1

 for 15 wt. % TiC to 325 mAh g
-

1
 for 60 wt. % TiC. A similar trend is also observed for the samples synthesized with no 

carbon as the initial reversible capacity decreases from ~ 450 mAh g
-1

 for 15 wt. % TiC 

to ~ 210 mAh g
-1

 for 60 wt. % TiC. The inclusion of carbon has varied effects on the 

reversible capacity depending on the TiC content in the sample. At low TiC contents, the 

addition of carbon replaces a greater percentage of higher-capacity FeSb than lower-

capacity TiC, so the capacity decreases (theoretical capacity of FeSb = 453 mAh g-1 

compared to 372 mAh g-1 for graphitic carbon). However, as the TiC content increases, a 

greater percentage of lower-capacity TiC is replaced by higher-capacity carbon, so the 

trend is reversed and the capacity increases with carbon content.  

The initial irreversible capacity loss values, which are influenced by both TiC and 

carbon contents, are also shown in Table 5.1. The samples with 15 wt. % carbon show a 

decrease in initial coulombic efficiencies from 80 % for 15 wt. % TiC to 65 % for 60 wt. 

% TiC. Meanwhile, samples with no carbon show initial coulombic efficiencies ranging 

from 81 % for 15 wt. % TiC to 71 % for 60 wt. % TiC. The carbon used in the FeSb-TiC-

C samples is carbon black, which typically exhibits high first cycle losses. Half-cell tests 

of TiC also indicated a moderately high irreversible loss. As a result, an increase in 

irreversible capacity loss (and corresponding decrease in coulombic efficiency) is 

observed at high contents of TiC and carbon. 

Iron antimonide intermetallics have been previously studied as potential anode 

materials for lithium-ion batteries in many forms.
32,37–39,106

 Most of these studies have 

focused on FeSb2, and little information is available in the literature on the 

electrochemical performance and reaction mechanisms of FeSb with lithium. We 

therefore analyzed the voltage vs. capacity curves and differential capacity plots (DCP) 
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of the early cycles of FeSb-TiC-C and carried out ex situ XRD at different states of 

charge to gain insight into the reaction of the FeSb intermetallic.  

The DCP for FeSb-TiC with no carbon and only 15 % TiC is shown in Figure 

5.3a along with the voltage vs. capacity plot as an inset.  This particular formulation is 

used to maximize the content of FeSb and minimize the other composite constituents, 

enabling greater resolution of only the FeSb reactions.  During the first discharge 

(lithiation), there are two strong reaction peaks observed at ~ 0.5 and 0.25 V vs. Li/Li
+
. 

This initial discharge curve is similar to that observed for the analogous NiSb phase, 

which has the same hexagonal NiAs structure and has been shown to undergo a 

conversion reaction forming Li3Sb and metallic Ni upon lithiation.
33,50,106

 Therefore, it 

can be assumed that the reaction peaks are associated with the conversion reaction of 

FeSb, shown in reaction 2 below to form the final lithiation product of Li3Sb and Fe (as 

supported in previous sections by theoretical capacity comparisons). 

 

FeSb + 3Li → Fe + Li3Sb (2) 
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Figure 5.3. Differential capacity plots (DCP) of (a) the 1st and 5th cycles of FeSb-TiC 

with 0 wt. % carbon and 15 wt. % TiC with the inset showing the voltage vs. 

capacity plot, (b) the 5th cycle of FeSb-TiC-C with 15 wt. % carbon and 

various TiC contents, (c) the 5th cycle of FeSb-TiC with 0 wt. % carbon and 

various TiC contents, and (d) the 5th cycle of FeSb-TiC-C with 30 wt. % 

TiC and various carbon contents. 

SEI layer formation also occurs in the initial lithation cycle which can be 

observed in the extended sloping of the voltage vs. capacity plot below approximately 0.5 

V. The subsequent charging (delithiation) shows only a single peak at ~ 1.0 V vs. Li/Li
+
 

associated with the delithiation of Li3Sb to form Sb. After a few discharge/charge cycles, 

the 5th cycle discharge peaks observed are at ~ 0.85 and 0.75 V vs. Li/Li
+
, which match 

closely with those observed for metallic Sb (in which Sb → Li2Sb → Li3Sb). It is 

possible that after the initial cycle the active material does not reform FeSb but remains a 

mixture of metallic Sb and Fe, yielding reaction peaks that correspond to those of only 
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active Sb. The heavily studied FeSb2 has also been shown to react in a similar way, with 

no reforming of the intermetallic during charging.
39,41

 The 5th cycle charging peak is 

essentially the same as for the initial cycle because it is still corresponding to the 

delithiation of Li3Sb.  

Figure 5.4 shows the ex situ XRD measurements of the same FeSb-TiC material 

with no carbon and 15 wt. % TiC at different states of charge during first cycle. The OCV 

electrode pattern shows FeSb peaks with a weak shoulder near 2θ = 42°, corresponding to 

TiC. After discharge to 0.35 V vs. Li/Li
+
, which places it past the higher discharge peak 

observed in the DCP from Figure 5.3a, there are no new phases observed but the FeSb 

peaks are significantly less pronounced. This suggests that at least a partial reaction of the 

FeSb phase but it is difficult to draw any definite conclusions for the reaction associated 

with that peak. At full discharge to 0.0 V, the FeSb peaks have completely disappeared 

and been replaced by the lithiated Sb phase, Li3Sb. The largely inert TiC phase is still 

present. Upon charging of the electrode to 2.0 V vs. Li/Li
+
, the Li3Sb peaks disappear but 

FeSb is not seen to reappear; the only peaks at this state of charge correspond to metallic 

Fe and the inert TiC. All of these results serve to confirm the observations gained from 

DCP analysis regarding the reaction mechanism of FeSb: (1) the two discharge peaks 

correspond to the conversion reaction of FeSb to form Li3Sb and Fe (though the specific 

reaction of each peak could not be discerned), (2) TiC is a persistent phase throughout the 

charge/discharge process, and (3) FeSb is not reformed upon delithiation, so subsequent 

cycles involve the lithiation of metallic Sb only. These observations are summarized in 

the overall lithiation and delithiation processes shown in reactions 3 and 4 below.  

 

Lithiation: FeSb + TiC + 3Li
+
 + 3e

-
 → Fe + Li3Sb + TiC (3) 

Delithiation: Fe + Li3Sb + TiC → Fe + Sb + TiC + 3Li
+
 + 3e

-
 (4) 
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Figure 5.3b shows the 5th cycle DCPs of the FeSb-TiC-C electrodes with 15 wt. 

% carbon and a range of TiC contents. The reaction peaks become weaker with 

increasing TiC content as more of the active FeSb is replaced by TiC, but there are no 

obvious shifts in the peak voltages. Figure 5.3c shows the DCPs of FeSb-TiC-C 

electrodes without any carbon but with varying TiC contents. The effect of TiC is again 

to reduce the intensity of the reaction peaks without significantly affecting their positions. 

Figure 5.3d shows the DCPs of the FeSb-TiC-C electrodes with 30 wt. % TiC and 

varying amounts of carbon. Much like with the TiC content, the reaction peak intensity 

decreases with increasing carbon content due to a decrease in the FeSb content, and there 

are no shifts in the peak voltage. However, a weak peak can be seen to appear close to 0 

V vs. Li / Li
+
 corresponding to the reversible reaction of lithium with carbon. Overall the 

active material reaction mechanism does not appear to be affected by the presence of 

either TiC or carbon. 

 

Figure 5.4. Ex situ XRD of electrodes of FeSb-TiC with 0 wt. % carbon and 15 wt. % 

TiC at different states of charge during the first electrochemical cycle. 
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While the capacity values decrease with both TiC and carbon contents, long-term 

cycling and rate capability data shown in Figure 5.5 demonstrate the need for these 

phases in the composite. Figure 5.5a shows the cyclability of the FeSb-TiC-C electrodes 

with 15 wt. % carbon and various TiC contents over 500 cycles. Although the capacities 

are lower, the samples with high TiC contents (45 and 60 wt. %) demonstrate extremely 

stable capacities for 500 cycles. In contrast, the sample with 30 wt. % TiC suffers from a 

noticeable, steady capacity fade and that with 15 wt. % TiC exhibits a complete failure 

within 200 cycles. Figure 5.5b shows the cyclability of the electrodes with no carbon and 

varying TiC contents. In this case, only the electrode with 60 % TiC shows stable cycle 

life. All other electrodes suffer from dramatic failure prior to 200 cycles. The number of 

cycles prior to failure also increases with TiC content, demonstrating the effect of TiC in 

mitigating agglomeration and volume change in the active material. 
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Figure 5.5. Cycle life performances of FeSb-TiC-C with (a) 15 wt. % carbon and various 

TiC contents, (b) 0 wt. % carbon and various TiC contents, and (c) 30 wt. % 

TiC and various carbon contents. (d) Rate capability of FeSb-TiC with 0 wt. 

% carbon and various TiC contents. 

Figure 5.6 demonstrates this further with ex situ SEM surface analysis of the 

pristine and cycled FeSb-TiC-C electrodes with no carbon and both 15 and 45 wt. % TiC. 

In both cases, the pristine electrodes show largely smooth surfaces with observable active 

particles embedded in the PVDF binder. However, after 100 cycles the 15 wt. % TiC 

sample has an extremely rough surface with agglomerations and particles appearing to 

break free of the surface. This is because there is insufficient reinforcement within the 



 78 

electrode from the low TiC content to control the effects of the active-material volume 

change, and more than 50% of the reversible capacity is lost within 100 cycles for the 15 

wt. % TiC electrode.  Meanwhile, the 45 wt. % TiC electrode provides enough of a 

reinforcing matrix to sufficiently mitigate the volume change effect, displaying a smooth 

surface (SEI layer formation makes it appear smoother even than the pristine electrode) 

and retaining greater than 80 % of the initial reversible capacity.  

 

Figure 5.6. Ex situ SEM images of FeSb-TiC electrodes with 0 wt. % carbon: pristine 

electrodes with (a) 15 wt. % TiC and (b) 45 wt. % TiC and electrodes after 

100 cycles with (c) 15 wt. % TiC and (d) 45 wt. % TiC. 
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A comparison of Figures 5.4a and 5.4b also demonstrates the effect of 15 wt. % 

carbon in enhancing the cycle life due to the reinforcing, conductive, and agglomeration-

mitigating effects of carbon. This effect of carbon on cycling performance is further 

demonstrated in Figure 5.5c with the electrodes containing 30 wt. % TiC and varying 

amounts of carbon. The volumetric capacity values are plotted in Figure 5.5c to reflect 

the effect of decrease in tap density caused by carbon. The reversible capacity decreases 

with increasing carbon content, as expected. All the electrodes suffer from failure prior to 

500 cycles except that with the highest carbon content of 15 wt. % demonstrating the 

benefit of carbon on cycle life. 

EIS was carried out on FeSb-TiC-C samples to measure the effect of TiC content 

and cycling on the electrode impedance. Figure 5.7a shows a Nyquist plot for FeSb-TiC 

with 15 wt. % TiC and no carbon as an example of the performance observed with 

cycling. The measured curves are composed of three primary sections: a semicircle in the 

high-frequency region corresponding to the ionic diffusion through the SEI layer, a 

semicircle in the medium-to-high frequency region corresponding to the charge-transfer 

resistance, and a linear low-frequency region corresponding to the bulk resistivity of the 

electrode. Figure 5.7a shows that the FeSb-TiC sample with no carbon and 15 wt. % TiC 

initially has a large charge-transfer resistance and small SEI layer resistance and both 

increase somewhat after 10 cycles. At 30 cycles, the SEI layer semi-circle is much larger 

and more pronounced and gets slightly more so after 50 cycles. It is difficult to ascertain 

the full trends of the charge-transfer resistance in the 30 and 50 cycle range, which is why 

a curve fitting simulation was used to measure the numerical resistance values. The 

equivalent circuit model employed is shown in Figure 5.7b, where Ru is the 

uncompensated-cell resistance, Rsei is the surface-layer resistance, CPEsei is surface-layer 

capacitance, Rct is the charge-transfer resistance, CPEdl is the double-layer resistance, and 
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Zw is the Warburg impedance. The trends for Rsei and Rct are shown, respectively, in 

Figures 5.7c and 5.7d. For the low TiC content samples, the SEI resistance increases 

significantly with cycling. This is due to the large volume change of the active FeSb 

material that causes constant breaking away and reformation of the SEI layer, resulting in 

overall layer growth with cycling.
23,27,107

 The higher TiC content samples show lower Rsei 

and show the SEI layer to be stable with cycling due to the volume change mitigation by 

the TiC. Figure 5.7d shows a general trend of lower Rct for higher TiC content due to the 

greater conductivity of TiC that enhances charge-transfer kinetics.
23,28,107

 In addition, the 

increasing charge-transfer resistance with cycling observed for the lower TiC samples is 

likely due to the loss of active material contact resulting from the volume change 

pulverization occurring in these specific composites.
28 

These observations agree with ex 

situ surface SEM analysis in Figure 5.6 and are further evidence of the volume change 

mitigation granted by TiC incorporation and the benefits obtained not only throughout the 

electrode bulk, but at surface level interactions as well.  

In addition to extending electrode cycle life, higher contents of TiC and carbon 

also improve the rate capability. Figure 5.5d presents the effect of TiC content on the rate 

capability of FeSb-TiC samples with no carbon. The samples show good rate capability at 

all TiC contents with high capacity retention even at 5C rates (C rates calculated based on 

the theoretical capacities of the electrodes shown in Table 5.1). At 10C rate, although the 

electrodes with lower TiC contents of 15 and 30 wt. % show a significant capacity drop 

with only 35 % and 48 % retention of the C/5 capacity, those with 45 and 60 wt. % TiC 

retained, respectively, 68 and 89 % of the C/5 capacity, demonstrating the benefit of 

conductive TiC on rate capability. Table 5.2 shows the rate capability analysis results in 

terms of the % of C/5-rate capacity retained at 10C-rate for all tested electrodes. The data 

reveal that the addition of both TiC and carbon enhances the rate capability due to the 
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increase in the bulk electrical conductivity of the electrodes. However, the contents of 

TiC and carbon should be combined and minimized in such a way as to diminish their 

negative effects on capacity values.  

 

Figure 5.7. (a) Electrochemical impedance spectroscopy data shown in the form of a 

Nyquist plot for FeSb-TiC with 15 wt. % TiC and no carbon. (b) Equivalent-

circuit diagram used to create curve fit for measured EIS data. Resistance 

trends as a function of TiC content and cycle number for (c) SEI layer 

resistance and (d) charge-transfer resistance. 

As mentioned previously, one source of continued capacity loss in alloy anodes 

arises from the unstable nature of the SEI layers due to volume changes that cause 

exposure of pristine electrode surfaces to electrolyte, and further SEI layer formation, 
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with cycling.
23,27,28

 The addition of small amounts (2 %) of FEC and VC has been shown 

to enhance the performance of Sb-based alloy anodes.
105

 Both FEC and VC reduce onto 

the electrode surface at higher potentials than the ethylene carbonate (EC) and diethyle 

carbonate (DEC) in the bulk electrolyte, leading to a more robust SEI layer formation. In 

addition, FEC has been shown to react with the formed SEI layer to enhance its ionic 

conductivity, decreasing the charge-transfer resistance across the interface.
108–111 

Accordingly, 2% FEC and VC were incorporated into various FeSb-TiC-C cells, and 

Table 5.3 shows the effects of these additives on electrochemical performance. The 

additives lead to an increase in initial irreversible capacity loss and a decrease in initial 

coulombic efficiency. Figure 5.8 shows the effects of FEC and VC on long-term 

cyclability. The two particular formulations in the figure were selected because they 

demonstrated good, but not great, cycle life without any additives and therefore had 

potential to cross into great cyclability with the addition of FEC or VC. With the FeSb-

TiC-C electrode containing 15 wt. % carbon and 30 wt. % TiC, VC minimizes the 

gradual capacity fade the electrode generally exhibits. With the electrode containing no 

carbon and 45 wt. % TiC, both FEC and VC significantly extend the point of dramatic 

capacity loss, typically observed to begin at roughly 100 cycles, to beyond 200 cycles.  
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Active 
Material 

TiC 
Content 

Carbon 
Content 

Capacity 
Retention 

at 10C 

FeSb 

15 % 
0 % 34.8 % 

15 % 85.7 % 

30 % 

0 % 48.1 % 

5 % 44.2 % 

10 % 53.5 % 

15 % 89.4 % 

45 % 

0 % 67.5 % 

5 % 74.6 % 

10 % 72.1 % 

15 % 81.3 % 

60 % 
0 % 88.9 % 

15 % 78.5 % 

Table 5.2. Rate capability performance for FeSb-TiC-C composite electrodes in the form 

of the percentage of C/5 capacity retained at a rate of 10C. 

Active 
Material 

TiC 
Content 

Carbon 
Content 

Electrolyte 
Additive 

1st Cycle 
Irreversible 

Capacity 

Initial 
Coulombic 
Efficiency 

Initial 
Reversible 
Capacity 

FeSb 

15% 0% 

None 81.9 81.1 453.4 

2% FEC 125.1 77.1 419.3 

2% VC 124.2 75.5 368.1 

30% 15% 

None 109.7 78.9 423.8 

2% FEC 141.6 75.5 431.4 

2% VC 126.5 73.4 362.2 

45% 

0% 

None 85.4 77.1 293.3 

2% FEC 101.6 75.1 297.1 

2% VC 98.0 73.5 279.4 

15% 

None 148.3 70.4 354.3 

2% FEC 187.8 67.0 380.6 

2% VC 152.6 64.5 312.8 

Table 5.3. First cycle electrochemical performance data for FeSb-TiC-C composite 

electrodes tested with and without the electrolyte additives FEC and VC. 
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Figure 5.8. Cycle life comparisons of the effect of 2 % FEC and 2 % VC electrolyte 

additives on FeSb-TiC-C electrodes with (a) 15 wt. % carbon and 30 wt. % 

TiC and (b) 0 wt. % carbon and 45 wt. % TiC. 
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To fully take advantage of the higher operating voltage of FeSb towards safety, 

cycling tests were also carried out at a higher voltage window of 0.4 – 2.0 V vs. Li/Li
+
 as 

outlined in Figure 5.9. Under the condition denoted as VW1, the electrode is cycled over 

the full voltage range of 0 – 2.0 V in the first cycle and over the limited range of 0.4 – 2.0 

V in all subsequent cycles. Under the condition denoted as VW2, the electrode is cycled 

over the limited window of 0.4 – 2.0 V for all cycles, including the initial cycle. Figure 

5.10 compares the results of this testing for two different FeSb-TiC-C electrodes that had 

otherwise demonstrated an effective cycle life. In both cases, the long-term cyclability of 

the electrode is not negatively affected by the limited voltage window of either VW1 or 

VW2, revealing that the electrode can effectively operate under altered voltage window 

conditions that would likely occur in any actual full cell application. In fact, a recent 

publication from our group paired this anode system with a high-voltage spinel cathode, 

demonstrating enhanced cyclability relative to graphite and a full cell energy density of ~ 

260 Wh kg
-1

.
14 
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Figure 5.9. Voltage vs. capacity plot of FeSb-TiC-C with 15 wt. % carbon and 45 wt. % 

TiC, showing the observed reversible capacity reduction when cycled over a 

limited voltage win-dow of 0.4 – 2.0 V vs. Li / Li
+
. 

 

Figure 5.10. Cycle life comparisons of the effects of limited voltage window conditions 

VW1 and VW2 on FeSb-TiC-C electrodes with (a) 15 wt. % carbon and 45 

% TiC and (b) 0 wt. % carbon and 60 wt. % TiC. 
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5.4 CONCLUSION 

FeSb-TiC-C nanocomposite samples were synthesized by a two-step process in 

which metallic precursors were first heat treated and then combined with carbon black to 

undergo high energy mechanical milling. The process yielded high-density electrode 

powders composed of active FeSb, reinforcing TiC, and conductive carbon. The TiC and 

carbon contents could be varied without altering the final phases, morphology, or reaction 

mechanism. The high tap densities (as high as 2.9 g cm
-3

) of these nanocomposites lead 

to an impressive volumetric capacity of over 1300 mAh cm
-3

 compared to the currently 

used graphite anodes. Increasing the TiC and/or carbon contents enhances significantly 

the cycle life to more than 500 cycles and rate capability to as high as 10C rates, but with 

an associated decrease in reversible capacity and tap density values and an increase in 

initial irreversible capacity loss. Incorporation of electrolyte additives, such as FEC and 

VC, offers further improvement in cycle life.  This system also offers potential beyond 

lithium-ion applications as Sb has been demonstrated as a surprisingly effective anode 

material in Na-ion batteries.
112

 Our research group has already demonstrated the ability of 

materials employing both the FeSb active material and TiC reinforcing material to 

effectively cycle vs. Na with impressive performance.
113,114

 Overall, FeSb-TiC-C offers a 

high-density, long cycle life lithium-ion electrode material with a high rate capability and 

moderate capacity at a moderate operating voltage, which could offer safety advantages 

by avoiding lithium plating compared to the currently used graphite anodes. 
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Chapter 6. Thermal Stability of Sb and Cu2Sb Anodes in Lithium-Ion 

Batteries§ 

6.1 INTRODUCTION 

When considering expansion of lithium-ion batteries to large-scale transportation 

or stationary storage applications, battery safety becomes one of the primary limiting 

concerns. Lithium-ion cells are composed of a number of potentially dangerous 

components: highly flammable organic electrolytes, air-reactive lithiated compounds, and 

electrodes that are highly reducing or highly oxidizing when the cell is in a charged state. 

When these cells are poorly designed, suffer from manufacturing defects, or are subjected 

to an abuse condition (electrical, thermal, mechanical, etc.), undesired reactions between 

the constituent parts can lead to an uncontrolled release of significant energy stored 

within the battery. The most dangerous of these instances is a condition known as thermal 

runaway in which exothermic reactions within the battery generate heat at a greater rate 

than it can be dissipated, leading to a feedback loop of heat generation that results in 

uncontrolled temperature increase and eventual cell rupture or explosion. As a proof of 

these risks, a number of accidents involving the spontaneous combustion or explosion of 

lithium-ion batteries are reported each year.
61

 Such occurrences are especially 

problematic for the large-scale applications like transportation and stationary storage 

because the large-scale energy storage involves a close packing of a large number of 

lithium-ion cells such that the failure of a single cell has the potential to trigger a 

catastrophic chain reaction. 

                                                 
§ E. Allcorn and A. Manthiram. “Thermal stability of Sb and Cu2Sb anodes in lithium-ion batteries.” J. 

Electrochem. Soc. 2015, 162, A1778. 

E. Allcorn carried out the experimental work. A. Manthiram supervised the project. All participated in the 

preparation of the manuscript. 
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Advances in battery safety through external control and engineering (heat 

distribution, cell monitoring, gas venting, current interrupt devices, etc.) and improved 

manufacturing practices have allowed for much safer battery operation.
61

 However, these 

devices are not always capable of inhibiting rapid exothermic heat generation in batteries 

and the application scale-up means that there is a statistically greater chance of failure in 

a device composed of hundreds of cells than one composed of just a few cells. As such, 

efforts must also be made to enhance the safety and reduce the potential for thermal 

runaway by investigating new electrode materials for use in lithium-ion batteries. If done 

properly, such efforts can lead to greater inherent safety of lithium-ion cells without the 

necessity of excessive external controls and without a sacrifice in performance.  

Though the thermal runaway reaction is largely fueled by the cathode and 

electrode, the lower temperature reactions that lead to the eventual runaway conditions 

arise primarily from the anode. These reactions begin at temperatures reported to be as 

low as 60 – 80 °C and are associated with the decomposition of the SEI layer formed on 

the electrode surface during cycling.
4,62,63,67–76

 After this initial reaction involving SEI 

decomposition, subsequent heat generating reactions arise from the reaction of electrolyte 

with the lithiated graphite (which has a chemical potential close to that of metallic 

lithium) due to the decomposition of the passivating SEI layer or inability of it to 

effectively pacify the anode surface at high temperatures.
66,80–82

 Nearly 95 % of the heat 

generated below 180 °C arises from the anode in traditional LiCoO2 / graphite cell 

configurations.
67

 This highlights the need for improvement in anode material safety 

characteristics as it is a weak link facilitating the initial exothermic reactions that 

eventually lead to thermal runaway. 

There have been numerous investigations into the SEI layer composition and the 

thermal stability of many forms of graphite electrodes.
4,66–69,75,78–89,115

 Work by Jiang and 
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Dahn show that heat generation during thermal decomposition is related to average 

electrode voltage, meaning that alloy anodes should offer potential safety improvement 

with their reaction potentials higher than graphite.
74

 In recent years, an increasing number 

of studies have been carried out on the SEI and thermal stability of alloy anodes with 

multiple analyses of silicon anodes and at least one study on the thermal stability of a tin 

based anodes.
68,70–73,76,90

 However, to our knowledge, the literature is currently lacking 

investigation of the SEI layer and thermal stability of Sb anode materials. 

Accordingly, the primary purpose of this investigation is to carry out thermal 

stability performance analysis and characterization of Sb as an anode material in lithium-

ion batteries. In the process, a certain amount of insight will also be gained on the SEI 

layer makeup of this anode system. It should be noted that the electrolyte in this study is 

1 M LiPF6 dissolved in a 1 : 1 volumetric mixture of ethylene carbonate (EC) and 

diethyle carbonate (DEC). The analysis will be carried out with x-ray diffraction analysis 

(XRD) of the lithiated electrodes before and after thermal decomposition, x-ray 

photoelectron spectroscopy (XPS) to analyze the surface layer compositions of lithiated 

and thermally decomposed electrode samples, as well as differential scanning calorimetry 

(DSC) to determine the heat generation characteristics of these anodes. In addition, 

because pure Sb is not a suitable electrode material in its pure form due to its large 

volume change and short cycle life, the antimony-based intermetallic Cu2Sb is similarly 

investigated as a more practically applicable analog. 

6.2 EXPERIMENTAL 

The electrode materials used in this study are graphite (Conoco CPreme G8), Sb 

(Sigma Aldrich, 99.5 %, -100 mesh), and Cu2Sb intermetallic. The graphite and Sb 

powders were assembled into electrodes as-received while the Cu2Sb intermetallic 
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powder was synthesized by mixing metallic powders of Sb and Cu (Acros Organics, 99 

%, 45 µm) in a 1 : 2 atomic ratio and heating the mixture to 450 °C for 12 h in an alumina 

crucible under flowing reducing gas (5 vol. % H2 / Argon). Phase characterization of the 

pristine electrode powders by XRD was carried out with a Rigaku Miniflex 600 with Cu-

Kα radiation over a range of 20 – 70
o
 in continuous scan mode at a rate of 2

o
 min

-1
. 

Surface area characterization was carried out by Brunauer-Emmett-Teller (BET) 

measurements with a Quantachrome Autosorb iQ2 instrument. Tap density measurements 

were carried out with a Quantachrome AT-4 Autotap. 

Two different electrode types were prepared for this study. Cast electrodes were 

prepared by mixing slurries of 80 wt. % active material, 10 wt. % Super P conductive 

carbon, and 10 wt. % polyvinylidene fluoride (PVDF) binder (except for graphite which 

had respective weight percentages of 75 %, 10 %, and 15 %) and using N-methyl 

pyrrolidinone (NMP) as the solvent. The slurries were mixed overnight with a magnetic 

stirrer and cast onto a copper foil current collector by the doctor blade method and dried 

under vacuum at 120 °C for 12 h. Individual electrodes with diameters of 1.0 cm and 

average active mass contents of ~ 4.0 mg were then punched from the dried electrode 

sheets.  

Similar to the cast electrodes, pellet electrodes were prepared by initially mixing 

the slurries of 80 wt. % active material, 10 wt. % Super P conductive carbon, and 10 wt. 

% polyvinylidene fluoride (PVDF) binder and using N-methyl pyrrolidinone (NMP) as 

the solvent. After mixing overnight the slurries were dried for 48 h in a vacuum oven at ~ 

100 °C. The dried slurries were then ground using a mortar and pestle and pressed at 

2300 psi into electrodes of 6 mm diameter, ~ 1 mm thick, and ~ 40 – 60 mg active mass.  

Both cast and pellet electrodes were assembled into CR 2032 coin cells. The half-

cells were assembled in an argon-filled glovebox with the prepared electrodes as the 
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working electrode, Celgard polypropylene as the separator, and lithium foil as the 

reference/counter electrode. The electrolyte used was 1 M LiPF6 dissolved in a solvent 

mixture of 1 : 1 EC and DEC.   

For differential scanning calorimetry (DSC) testing, cast electrode coin cells were 

first subjected to two conditioning cycles at a rate of C/20 and subsequently discharged at 

C/20 to a desired potential of either 2.0 or 0.0 V versus lithium. Once cycled to the 

desired potential, the cells were held potentiostatically until the applied current dropped 

to below 20 µA. The coin cells were then opened inside an argon-filled glovebox and the 

cycled electrodes were extracted and allowed to rest for 10 min so the bulk of absorbed 

electrolyte can evaporate. The dried electrode was placed in a stainless steel DSC 

crucible with a perforated lid and a gold foil seal along with 15 µL of added electrolyte 

and then sealed. The DSC data was collected with a Netzsch STA 449 F3 Jupiter 

thermogravimetric analyzer (TGA)/DSC at heating rates of 2, 5, or 10 °C min
-1

 with a 

maximum temperature of 400 °C. The test chamber was evacuated twice prior to heating 

and purged with high purity nitrogen gas as the test environment. Similar DSC tests were 

carried out for baseline materials such as pristine electrode powders, the LiPF6 in 

EC/DEC electrolyte, and un-cycled electrodes. These samples were sealed under argon as 

well and tested at a heating rate of 10 °C min
-1

. 

For ex situ analysis of lithiated electrodes and thermally decomposed electrodes, 

pellet coin cells were placed in an electrical short condition and stored in such a state for 

at least one week, and after which voltage was confirmed below 10 mV to ensure full 

lithiation. The shorted coin cells were then opened inside an argon-filled glovebox and 

the lithiated pellet was extracted. The pellet was then either prepared for ex situ analysis 

or heating. 
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Heating of lithiated electrode pellets was carried out by first sealing the pellet 

inside a copper foil pouch, which was then subsequently sealed inside a stainless steel 

pouch. This was done inside a glovebox to protect the pellet from atmospheric exposure 

during heating. The sealed pouch was heated in a box furnace at a rate of 10 °C min
-1

 up 

to either 300 or 350 °C, held for 5 min, and then cooled to room temperature at 10 °C 

min
-1

. After heating, the pouch was returned to the glovebox where it was unsealed and 

the pellet electrode was prepared for ex situ analysis.  

Ex situ XRD was carried out on electrode pellets after shorting and/or heating by 

first sealing the pellet in a Rigaku air-sensitive sample holder while still under the inert 

glovebox environment. After removal from the glovebox, the sealed samples were 

immediately analyzed with a Rigaku Miniflex 600 with Cu-Kα radiation over a range of 

20 – 70
o
 in continuous scan mode at a rate of 2

o
 min

-1
.  

Ex situ XPS was carried out on pellet samples after shorting/heating. The samples 

were not rinsed prior to analysis due to the solubility of certain SEI layer components and 

the desire to study the surface layer in as close to pristine condition as possible. The 

samples were transferred from the inert argon glovebox environment to the ultra-high 

vacuum XPS chamber with an interface/capsule set-up. This set-up is directly coupled to 

the XPS vacuum chamber and was designed and developed at the Texas Materials 

Institute. After ~ 36 h in the ultra-high vacuum environment to minimize outgassing, 

XPS surface characterization was carried out with a Kratos Axis Ultra with 

monochromatic Al-Kα x-ray source (hv = 1486.5 eV) at 150 W (10 mA and 15 kV), 

hybrid optics (employing a magnetic and electrostatic lens simultaneously), and a multi-

channel plate coupled to a hemispherical photoelectron kinetic analyzer. The instrument 

work function was calibrated to yield a binding energy of 368.3 eV for the Ag 3d5/2 line 

for metallic silver. The gathered spectra were charge corrected to set the main line of the 
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C 1s spectrum (sp
2
 graphite-like carbon) to 284.8 eV. The high resolution elemental XPS 

spectra were collected with a pass energy of 20 eV, dwell time ranging from 800 – 4500 

ms, and a 0.1 eV step. The base pressure in the analysis chamber was ~ 4 x 10
-9

 Torr 

initially but increased during scanning to ~ 4 x 10
-8

 Torr due to outgassing of the 

samples. The gathered spectra were analyzed with Casa XPS software for sample 

stoichiometry and peak deconvolution. 

6.3 RESULTS AND DISCUSSION 

6.3.1 Initial Materials Characterization 

The electrode materials studied were first subjected to XRD phase identification 

analysis in their pristine powder form. Figure 6.1 shows this data for (from top to bottom) 

graphite, antimony, and Cu2Sb. All materials are demonstrated to be phase pure, with the 

graphite sample showing only peaks for the hexagonal graphite – 2H phase (JCPDS File: 

00-041-1487), the antimony sample showing only peaks for metallic antimony (JCPDS 

File: 01-085-1322), and the Cu2Sb sample only showing peaks for the Cu2Sb phase 

cuprostibite (JCPDS File: 01-071-3333). This confirms that the graphite and antimony 

samples, which were used in the as-received condition, contained no phase contaminants 

and that the synthesis of Cu2Sb was carried out to completion with no remnants of 

metallic Sb or metallic Cu peaks. 
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Figure 6.1. XRD of pristine electrode powders of (from top to bottom) as-received 

Conoco Cpreme® G8 graphite, as-received -100 mesh Sb, and as-prepared 

Cu2Sb. 

 The lithiation mechanisms and the resulting phases of these materials are 

generally well-characterized to progress as outlined below in reaction 1 – 3 for graphite, 

Sb, and Cu2Sb, respectively.
29,35

 

𝐶6(𝑔𝑟𝑎𝑝ℎ𝑖𝑡𝑒)  +  𝑥𝐿𝑖 →  𝐿𝑖𝑥𝐶6  +  (1 − 𝑥)𝐿𝑖 →  𝐿𝑖𝐶6  (1) 

𝑆𝑏 +  2𝐿𝑖 →  𝐿𝑖2𝑆𝑏 +  𝐿𝑖 →  𝐿𝑖3𝑆𝑏 (2) 

𝐶𝑢2𝑆𝑏 +  2𝐿𝑖 →  𝐶𝑢 +  𝐶𝑢𝐿𝑖2𝑆𝑏 +  𝐿𝑖 →  2𝐶𝑢 +  𝐿𝑖3𝑆𝑏 (3) 
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In Figure 6.2, these reaction products are confirmed by the lithiating pellet 

electrodes of our materials and subjecting them to XRD phase analysis after leaving for 

one week in electrical short conditions allowing for equilibrium electrode lithiation with 

no applied overpotential to risk plating lithium on the electrode surface. These scans are 

run on electrodes that do not fully cover the sample holder surface resulting in the 

presence of sample holder (stainless steel) peaks, identified in all sample spectra. Figure 

6.2a shows the lithiation of graphite to result in largely the expected lithiated graphite 

phase LiC6. However, there are also small peaks observed correlated to a small amount of 

Li3C8 phase, the presence of which has been analyzed by Mukherjee et al. to be the result 

of material defects that accommodate over-lithiation beyond the typically observed 

LiC6.
116

 The concentration of this secondary phase is very small, though, so its 

contribution here will be ignored. Figures 6.2b and 6.2c confirm the final reaction 

product in both materials to be Li3Sb, as expected. It is worth noting that the particular 

Li3Sb phase observed is the cubic phase, which has been confirmed in other studies to be 

the preferred allotrope for the lithiation of Sb in lithium-ion cells.
117

 For both lithiated Sb 

and lithiated Cu2Sb, the only observed peaks are for the aforementioned cubic Li3Sb and 

the sample holder. However, the peaks for metallic Cu, which are expected to be 

observed in the lithiated Cu2Sb data in Figure 6.2c, are completely overlapped by two of 

the sample holder peaks. Comparison of peak intensities to those observed in the Sb 

sample suggests that there is indeed metallic copper in the lithiated Cu2Sb sample, as 

would be expected in accordance with reaction 3.  
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Figure 6.2. XRD of lithiated electrodes of (a) graphite, (b) Sb, and (c) Cu2Sb after one 

week in an electrically shorted state and with the phase peaks labelled. 

6.3.2 Ex Situ X-ray Diffraction 

In order to observe the crystallographic changes to the lithiated materials when 

subjected to high temperatures, the lithiated electrodes of graphite, Sb, and Cu2Sb were 

sealed under an argon environment, heated to 300 or 350 °C, and observed with XRD. 

Because many of the thermal decomposition mechanisms involve reactions of the SEI 

layer or lithiated electrode materials with the organic electrolyte, the electrode was 

impregnated with an LiPF6 in EC/DEC electrolyte prior to being sealed for heating. The 

resulting XRD data for these heated samples can be seen in Figure 6.3.  
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Figure 6.3a shows that when heated to 300 °C, lithiated graphite decomposes into 

the hexagonal graphite phase observed in the pristine material in addition to a number of 

inorganic lithium-containing compounds including lithium fluoride (LiF), lithium 

carbonate (Li2CO3), and lithium oxide (Li2O). These inorganic compounds have been 

observed to be a prevalent component of the SEI layer formed during regular cycling of 

graphite anodes and they are expected decomposition products, as well.
78,79,85,88,118,119

 The 

reaction progression for thermal decomposition of graphitic anodes has been shown to be 

as follows: (i) low-temperature breakdown of metastable SEI layer components to more 

stable products, (ii) reaction of lithium in the intercalated graphite compound with the 

electrolyte, and (iii) dehydrofluorination of the PVDF binder in the presence of 

lithium.
66,81,82,87,88

 LiF, Li2CO3, and Li2O are all potential products of the reactions 

occurring in (i) and (ii), and LiF is one of the main products from (iii). The driving force 

for (ii) and (iii) is the presence of lithium in the graphite active material, so the 

observation of no peaks for lithiated carbon phases and strong peaks for pristine graphite 

suggest that the thermal decomposition has run to completion for graphite by the time the 

temperatures reach 300 °C. This is in agreement with the XRD results of the graphite at 

350 °C, also shown in Figure 6.3a, which has diffraction peaks corresponding to the same 

phases as observed at 300 °C.  

Figure 6.3b shows the XRD data for lithiated Sb heated to 300 and 350 °C. At 

300 °C, there are still strong peaks observed for Li3Sb, but the phase appears to have 

converted to the more thermodynamically stable hexagonal phase from the cubic phase 

observed for lithiated Sb in Figure 6.2b.
117

 While no lithium-containing reaction products 

are observed, like those seen for heated graphite in Figure 6.3a, there are peaks observed 

corresponding to partially lithiated Sb (Li2Sb) and completely delithiated metallic Sb. 

This suggests that some thermal decomposition reactions are occurring, leading to 
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removal of lithium from the antimony electrode. However, the products of these reactions 

are either not very crystalline or in small enough concentrations that they cannot be 

observed here by XRD. In addition, convolution with various LixSb peaks makes clear 

observations of certain reaction products like LiF more uncertain. Analysis of the Sb 

electrode heated to 350 °C shows an even greater amount of partially lithiated or fully 

delithiated Sb is observed after further heating. Thermal decomposition reactions are 

clearly still occurring above 300 °C for Sb, although there are still no observed reaction 

products aside from delithiated Sb. At 350 °C, the decomposition appears to be nearing 

completion as there is no longer any Li3Sb present and the intensity of the Li2Sb peaks is 

also significantly weaker. 

The XRD patterns observed for heated Cu2Sb is shown in Figure 6.3c. Similar to 

the heated antimony sample, at 300 °C, there are still strong peaks of Li3Sb, although in 

this case, there has been no phase change as it is still the cubic phase observed for 

lithiated Cu2Sb in Figure 6.2c. There are also peaks observed for the partially lithiated 

phase of CuLi2Sb, meaning the electrode material has undergone some thermal 

degradation, but as with the Sb sample, no diffraction peaks for the reaction products are 

observed. As in Figure 6.2c, the Cu peaks are present but overlap with those of the 

sample holder. Upon further heating to 350 °C, the Cu2Sb also appears to be undergoing 

thermal decomposition reactions above 300 °C as the relative intensities of the peaks for 

fully lithiated Li3Sb phase have decreased when compared to the partially lithiated 

CuLi2Sb phase. There is also an observed splitting of peaks between the sample holder 

and metallic Cu at approximately 44
o
. This is believed to be a simple matter of the 

sample being vertically offset from the lower temperature sample as all the peaks can be 

seen to shift by a fixed value from 300 to 350 °C with the exception of the peaks for the 

sample holder, which is held at a fixed height in the diffractometer.  
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Figure 6.3. XRD of lithiated electrodes after heating under argon to either 300 °C (blue 

line) or 350 °C (red line) for (a) graphite, (b) Sb, and (c) Cu2Sb. 
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Overall this analysis reveals that graphite reacts at lower temperatures, or with 

faster kinetics, than does Sb or Cu2Sb as it is fully delithiated after heating to 300 °C 

while both the Sb containing electrodes still show the presence of lithiated electrode 

material even after heating to 350 °C. This is likely due to the greater thermodynamic 

favorability of lithium incorporated into Sb (~ 0.8 V vs. Li/Li
+
) versus intercalated into 

graphite (~ 0.1 V vs. Li/Li
+
). 

6.3.3 Surface Analysis with X-ray Photoelectron Spectroscopy 

Due to the prevalence of electrode surface reactions in the thermal decomposition 

of electrode materials and inability of XRD to capture any surface products for Sb and 

Cu2Sb electrodes, XPS surface characterization was also performed on lithiated 

electrodes of graphite, Sb, and Cu2Sb as well as lithiated electrodes heated to 350 °C.  

Figure 6.4 shows the measured XPS spectra for both the lithiated graphite (solid 

lines) and the graphite heated to 350 °C (dashed lines) for the four primary elements of 

interest at the electrode surface. Phosphorus was also analyzed at the surface of most 

samples based on survey spectra but it only constituted up to 1 % of the surface material 

and demonstrated peaks corresponding to the salt LiPF6 and its decomposition 

products.
73,90

 The spectra can be seen in Figure 6.5. The Li 1s spectra has a very low 

sensitivity factor for XPS observation and as such it is not practical to make detailed peak 

assignments in this region. However, strong general peak assignments can be made for 

LiF with a binding energy of ~ 56 eV and Li2CO3 at ~ 55 eV. For both the unheated and 

heated graphite, the Li 1s peak seems largely centered on LiF, with a shoulder potentially 

indicative of Li2CO3 and other expected products such as lithium alkyl carbonates, Li2O, 

and degraded lithium salt LixPFy. It is not practical to make specific assignments due to 
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the mentioned low sensitivity factor of lithium, but other elemental spectra can be used to 

better support the presence of certain species. 

The C 1s data for graphite is potentially the most useful as there are a number of 

organic products typically associated with the SEI layer. Sources of carbon-containing 

species include the active material itself, reduced organic electrolyte solvents, and the 

PVDF binder material. The strongest peak observed in both the unheated and heated 

sample corresponds to the combined peak of graphitic C-C bonding and hydrocarbon C-

H bonding. The data was peak shifted to calibrate this peak value to 284.8 eV, allowing 

for easier determination of other peaks.
90,120

 There appears to be evidence of ester O-C-O 

peaks in the unheated sample at 289 eV that are not present after heating. The presence of 

esters in graphite electrode SEI layers has been previously described, although is not 

intimately described.
119

 Ether C-O peaks are also observed in the unheated samples and 

still present, although with less intensity, in the heated samples. These peaks correspond 

most strongly with the presence of lithium alkyl carbonates and the decrease of this peak 

after heating is associated with their conversion to more stable Li2CO3.
62,78,79,88

 Carbonate 

peaks at ~ 290 eV are present both before and after heating. Initially, both lithium alkyl 

carbonates and Li2CO3 are responsible for this peak although after heating much of the 

lithium alkyl carbonates are converted to the more stable Li2CO3 as evidenced by the 

previously mentioned decrease in C-O peak intensity.
120

 There is also a C-F peak 

observed at 292 eV for the heated sample. This is believed to be an unintentional 

consequence of heating the graphite electrode, which resulted in a loss of electrode 

structural integrity and conversion to a powder material. As such, the PVDF binder, 

which would normally be masked by the SEI layer on an intact electrode, is observable. 

This is the only electrode that suffered such a breakdown to powder material and the only 

one in which the C-F peak was observed. 
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The O 1s region is marked by what appears to be a single peak at ~ 532 eV but 

based on observations in the C 1s region and previous analyses, it is most likely a 

convolution of peaks associated with oxygen either double or single bonded to carbon in 

the form of ethers, esters, and carbonates.
90,120

 There is also the potential for the presence 

of Li2O within this peak but as previous studies are mixed on its contribution to the SEI 

layer and both identifying peaks in the Li 1s and O 1s region are well masked, we cannot 

confirm its presence in these samples.
85,118

 

The F 1s peak is marked most prominently by the LiF peak at approximately 686 

eV. This is the primary SEI layer product associated with the decomposition of the 

lithium salt LiPF6 used in the electrolyte for these electrode samples. There is also a small 

shoulder at higher binding energies that is associated with deposited salt on the electrode 

surface and other, less prevalent decomposition products with compositional ranges 

LixPFy and LixPOyFz.
73,90,118

 The intensity of the F 1s spectrum is abnormally low for the 

heated sample, although it is most likely a result of the previously mentioned breakdown 

of the electrode after heating, which reduced the apparent incidence of fluorine species 

because they are generally concentrated at the electrode surface. 

Similar to Figure 6.4, Figure 6.6 shows the XPS spectra for lithiated Sb (solid 

lines) and Sb heated to 350 °C (dashed lines). The elements of interest and many of the 

observed peaks are largely the same as for graphite, suggesting that the presence of Sb 

does not play a large role in the SEI layer formation and composition, especially as there 

is still a carbon source in the electrode in the form of conductive additive carbon black. 

To further support this point, the Sb 3d peaks would be observable within the O 1s scan 

range at approximately 528 and 538 eV if it was present in the surface layer. No such 

peaks are observed, which at a dwell time of 4500 ms can lead us to conclude that Sb is 

not present in the SEI layer with confidence down to 1 atomic %.  
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As with the graphite sample, the Li 1S region shows the presence of LiF and other 

products likely including Li2CO3. The C 1s region of the unheated antimony shows the 

presence of C-C and C-H bonds as well as C-O peaks, corresponding to lithium alkyl 

carbonates. The peaks are generally weaker for the unheated sample due to the swelling 

that the electrode surface underwent during lithiation that resulted in a somewhat uneven 

electrode surface (Sb undergoes a 137 % volume increase upon lithiation) as well as 

charge compensation issues. As such, the lower intensity peaks of the esters and 

carbonates are not clearly discernable for this sample. However, these issues were not 

present for the heated sample, which shows strong peaks for C-C/C-H and a strong 

carbonate peak. The ether and ester peaks are again very weak or not present for the 

heated sample, suggesting that as for the graphite sample, the majority of carbonates 

present at high temperature have stabilized into Li2CO3 and any esters present after 

lithiation have decomposed at higher temperatures. The O1s region is very similar in 

shape to that observed for graphite and again likely a convolution of various carbon to 

oxygen bonded peaks. The F 1s region is also very similar to that of the graphite sample, 

with a strong peak for LiF and higher binding energy shoulder associated with LiPF6 

decomposition products.  

Figure 6.7 shows the XPS spectra for lithiated Cu2Sb (solid lines) and Cu2Sb 

heated to 350 °C (dashed lines). The observations on surface layer composition in the 

regions for Li 1s, C 1s, O 1s, and F 1s are largely the same as for the previous two 

samples of graphite and Sb. There appears to be a stronger ester peak in the unheated 

sample than for Sb only and there is a weaker high binding energy shoulder in the F 1s 

spectrum for the lithium salt decomposition products LixFPy and LixFOyPz, but these 

variations are relatively minor. The two additional elemental components of the Cu2Sb 

active material, Sb and Cu, are also confirmed not to be present in any appreciable 
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amount in the SEI layer. Sb is again not observed in the O 1s region and the lack of any 

peaks for Cu 2p can be observed in Figure 6.8. Overall, it appears as though the SEI layer 

composition for all three tested electrolyte materials possess very similar reaction 

products in both the lithiated state and after heating to 350 °C. 

 

 

Figure 6.4. XPS spectra of graphite for the four primary surface elements of both a 

lithiated electrode (solid line) and a lithiated electrode after heating to 350 

°C under argon (dashed line). 
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Figure 6.5. XPS spectra of the P 2p region for graphite, antimony, and Cu2Sb. The dashed 

line in the antimony plot is for the antimony heated to 350 °C while the 

solid lines in all the plots represent lithiated and unheated samples. 

 

Figure 6.6. XPS spectra of Sb for the four primary surface elements (along with Sb, 

which overlaps the O 1s region) for both a lithiated electrode (solid line) and 

a lithiated electrode after heating to 350 °C under argon (dashed line). 
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Figure 6.7. XPS spectra of Cu2Sb for four primary surface elements (along with Sb, 

which overlaps the O 1s region) for both a lithiated electrode (solid line) and 

a lithiated electrode after heating to 350 °C under argon (dashed line). 
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Figure 6.8. XPS spectra for both the unheated (solid line) and heated (dashed line) 

samples of Cu2Sb over the Cu 2p region. 

6.3.4 Thermal Analysis with Differential Scanning Calorimetry 

In order to test the actual thermal stability of Sb and Cu2Sb anodes in lithium-ion 

batteries as compared to graphite, electrode samples of cycled graphite, Sb, and Cu2Sb 

were subjected to DSC testing to measure their heat generation over a given temperature 

range. Because the SEI layer surface reactions play a critical part in the thermal reactions 

of these electrodes, samples were first subjected to two conditioning cycles at C/20 rate 

in order to facilitate the formation of a proper SEI layer prior to cycling to the specified 

state of charge. However, samples specified as tested in open-circuit voltage (OCV) 

condition were not cycled.  

The voltage versus capacity plots obtained during these conditioning cycles are 

shown in Figure 6.9. Figure 6.9a and 6.9b show that both graphite and Sb have very flat 

reaction plateaus at, respectively, 0.1 and 0.8 V vs. lithium. Cu2Sb also has rather flat 

reaction plateaus, as shown in Figure 6.9c, but there are two stepped plateaus at ~ 0.8 and 

0.6 V, indicating multiple phase changes during lithiation (see equation 3). There is also a 
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small bump in the initial discharge curve of graphite indicating SEI layer formation. Such 

a bump is not discernible in the Sb and Cu2Sb curves due to their higher reaction 

potentials. A summary of the electrochemical performance and electrode powder 

properties for these materials can be seen in Table 6.1. Sb clearly has much higher 

gravimetric capacity than either of the other materials while both Sb and Cu2Sb are much 

denser than graphite, with tap densities well over triple that measured for graphite. It was 

posited in multiple studies by Dahn and coworkers that electrode materials with higher 

volumetric capacities should have greater thermal stability because it means less surface 

area per unit storage capacity is exposed, meaning a smaller degree of SEI layer 

formation for a given amount of storage capacity.
70–72

 Similar observations have been 

made for sample surface areas, with high surface area samples possessing a greater 

degree of SEI layer formation per unit mass and, therefore, greater potential for heat 

generation through thermal decomposition.
86,115

 BET surface area measurements are also 

shown in Table 6.1 to provide information regarding our sample surface areas, although 

no attempts to correlate the surface area to thermal stability performance are made in this 

study.  
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Figure 6.9. Voltage vs. capacity profiles of the two conditioning cycles for (a) graphite, 

(b) Sb, and (c) Cu2Sb. 
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 Initial Capacity 

(mAh g
-1

) 

Reversible 

Capacity (mAh g
-1

) 

Tap Density 

(g cm
-3

) 

BET Surface 

Area (m
2
 g

-1
) 

Graphite 400 361 1.0 2.209 

Antimony 703 643 4.44 3.911 

Cu2Sb 403 255 3.67 3.253 

Table 6.1. Measured electrochemical cycling properties and electrode powder physical 

properties of the anode materials under investigation 

All DSC tests presented here are carried out under an inert atmosphere, in the 

presence of 1M LiPF6 in EC:DEC electrolyte, and up to a temperature of 400 °C. Figure 

6.10 shows the DSC results for graphite in an OCV condition, in a delithiated charge 

condition, and in a fully lithiated discharge condition. In the OCV state, there are no 

reactions observed with the electrode except for those that are associated purely with the 

decomposition of the electrolyte salt and solvents (see Figure 6.11).
87,121

 The fully 

lithiated graphite sample shows a number of exothermic reactions with significant heat 

generation continuously from an onset of ~ 70 °C up to the electrolyte decomposition 

peaks at around 250 °C . The first two peaks at 90 °C and 130 °C are determined to arise 

from the SEI layer decomposition as they are also observed at almost the same position 

and intensity for the fully delithiated sample and largely in agreement with previous DSC 

studies of graphite.
66,75,80–82

 The higher temperature reactions are a result of the lithiated 

graphite reacting with the electrolyte on the electrode surface to form, among other 

things, LiF, Li2CO3, lithium alkyl carbonates, and pristine graphite. This reaction does 

not seem to initiate until higher temperatures at which either the SEI layer is decomposed 

enough to not protect the electrode surface from further reaction or the increased kinetics 

allow for the continued reduction of electrolyte species even across the existing SEI 

layer. 
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Figure 6.10. DSC curves for graphite and 1 M LiPF6 in EC/DEC electrolyte in an OCV 

condition, after 2 conditioning cycles and charging to a fully delithiated 

state at 2.0 V, and after 2 conditioning cycles and discharging to a fully 

lithiated state at 0.0 V. 

 

Figure 6.11. DSC of 1 M LiPF6 in EC:DEC electrolyte only. 
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Figure 6.12 shows the DSC data for Sb under the same OCV, charged 

(delithiated), and discharged (lithiated) conditions. The OCV sample again shows 

minimal reactions aside from the electrolyte reaction at high temperatures. However, for 

the Sb active material, the electrolyte reaction is a purely endothermic one. While this 

appears to be a curious benefit and one that is perhaps worthy of further investigation in 

itself, the reaction does not initiate until well over 200 °C, by which point any battery 

system would already be well into thermal runaway, and as such would not contribute 

much to battery safety. At low temperatures, the antimony electrode demonstrates similar 

reactions to graphite with exothermic peaks at ~ 90 and 130 °C in both the charged and 

discharged states. Because of this, and the similarity of the SEI layers of graphite and Sb 

as observed by XPS, both of these peaks are also correlated to SEI layer decomposition. 

A study by Wang and Dahn revealed that low temperature SEI layer thermal reactions of 

silicon anodes are also similar to those of graphite.
72

 Additional exothermic peaks are 

observed in both the charged and discharged states of Sb, although the small peaks in the 

charged electrode are attributed to trapped lithium in the electrode as a result of 

incomplete delithiation. For the lithiated electrode, there is a small dip in heat generation 

after the second SEI layer peak that quickly increases beginning at around 160 °C and 

finally peaks strongly at 250 °C. Heat generated in this range is believed to be associated 

with the reaction of lithiated Sb with the electrolyte because the peak is only observed on 

lithiated samples and XRD data in Figure 6.3b show the gradual conversion of Li3Sb 

back to Sb in heated antimony electrodes. Reactions with the PVDF binder are also a 

potential heat source in this temperature range as discussed later.
65,87,88,91

 Above ~ 275 

°C, there are no further reactions aside from the endothermic electrolyte reaction, 

suggesting all lithium is removed from the material. While this is markedly lower than 

the temperatures of 300 and 350 °C in the ex-situ XRD analysis that still showed the 
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presence of lithiated antimony, the heating rates and temperature controls vary 

significantly between the test conditions, making a direct correlation between 

temperatures from these separate tests illogical.  

 

Figure 6.12. DSC curves for Sb and 1 M LiPF6 in EC:DEC electrolyte in an OCV 

condition, after 2 conditioning cycles and charging to a fully delithiated 

state at 2.0 V, and after 2 conditioning cycles and discharging to a fully 

lithiated state at 0.0 V. 

Figure 6.13 shows the DSC data for Cu2Sb in the OCV, charged, and discharged 

conditions. Similar to the Sb electrode, the electrolyte reactions appear to be purely 

endothermic for the Cu2Sb electrode. These endothermic peaks are clearly observable in 

the OCV and delithiated samples, while for the charged sample, they are present as dips 

in an otherwise large exothermic peak and marked as such in the figure. The same SEI 

layer decomposition peaks as seen in the previous materials are also observed for both the 

charged and discharged Cu2Sb samples at ~ 90 and 130 °C. For the lithiated Cu2Sb, there 

is a small dip in heat generation after the second SEI layer decomposition peak. Heat 
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generation begins to increase again at ~ 160 °C and peaks at approximately 280 °C and 

again this region is largely associated with the reaction of lithiated electrode material 

with the electrolyte. Above ~ 300 °C, there appear to be no more reactions occurring, 

suggesting once again that all lithium is removed from the electrode. The high 

temperature heat generation peaks for Cu2Sb are shifted to slightly higher temperatures 

relative to those for Sb, which matches the ex situ XRD observations showing that Li3Sb 

remains more prevalent at higher temperatures in the Cu2Sb electrode than in the Sb-only 

electrode. 

 

Figure 6.13. DSC curves for Cu2Sb and 1 M LiPF6 in EC:DEC electrolyte in an OCV 

condition, after 2 conditioning cycles and charging to a fully delithiated 

state at 2.0 V, and after 2 conditioning cycles and discharging to a fully 

lithiated state. 

Based on the data here, we assert that the two initial reactions and the vast 

majority of the heat generated prior to initiation of thermal runaway – typically reported 

to initiate near 130 °C – is a result of SEI layer reactions that are very similar for 
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graphite, Sb, and Cu2Sb.
69

 To further support the similarity of these initial reactions, DSC 

tests were run on the electrode materials at different heating rates of 10, 5, and 2 °C min
-1

 

to allow for the determination of the activation energy. Due to issues with peak 

convolution at higher heating rates, the only reaction that could be confidently analyzed 

was the second SEI layer reaction, observable in Figures 6.11-6.13 as a sharp exothermic 

peak near 130 °C for all but the OCV samples. The shift in peak temperatures, 

highlighted in Figure 6.14a, allows for the calculation of the activation energy using an 

Arrhenius relation, as outlined in studies by Ozawa and by Kissinger and shown in 

equation 4.
67,75,122,123

 

𝑙𝑛 (𝑎
𝑇𝑚

2⁄ ) = 𝑘 − 
𝐸𝑎

𝑅𝑇𝑚
 (4) 

In the above equation a is the heating rate, Tm is the absolute temperature at the 

reaction peak, k is a constant, Ea is the activation energy, and R is the ideal gas constant. 

An example plot for delithiated Sb is shown in Figure 6.14b in which the activation 

energy for the SEI layer degradation is calculated to be 68 kJ mol
-1

. The activation 

energies are calculated to be roughly equal for all electrode materials with averaged 

values of 72, 71, and 75 kJ mol 
-1

, respectively, for graphite, Sb, and Cu2Sb. 

Despite the similarities in the low-temperature reactions for these different 

electrodes, Table 6.2 demonstrates that their quantitative heat generation values vary 

significantly. The temperature region analyzed in this table is only for below 150 °C, the 

range over which anode heat production is most critical as it relates to initiation of 

thermal runaway. The variation is due to a variety of factors, from varying molecular 

weights of the electrode compounds to differences in amount of lithium storage per host 

atom. Antimony stores much more lithium per unit mass than graphite (hence its higher 

theoretical capacity) and Cu2Sb stores slightly less due to its rather large inert Cu content. 
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Heat generation per gram appears to correlate exactly with this capacity performance 

value. In terms of heat generation per mole, the higher molar lithium storage of Sb means 

that both Sb and Cu2Sb (Li3Sb versus LiC6) generate heat at a greater rate than does 

graphite. However, when this value is corrected to heat generation per mole of lithium, 

both Sb and Cu2Sb demonstrate significantly lower heat generation values than graphite. 

When practically represented as the amount of heat generation per unit capacity storage, 

Sb and Cu2Sb show roughly equal values of, respectively, 0.495 and 0.483 J mAh
-1

. This 

is a roughly 37 % decrease when compared to 0.774 J mAh
-1

 for graphite. Due to the 

similarities in these SEI layer reactions, this enhancement is believed to be due to the 

enhanced volumetric capacity of antimony and Cu2Sb relative to graphite which allows 

for greater material storage with less exposure to form reactive SEI layer. This relation is 

described by Dahn and coworkers in multiple studies and demonstrated to contribute to 

enhanced safety in silicon-based electrodes as well.
70–72

 

 

 Heat 

Generated 

per Gram 

(J g
-1

) 

Heat 

Generated 

per Mole 

Electrode 

(J mol
-1

) 

Heat 

Generated 

per Mole 

Lithium  

(J mol-Li
-1

) 

Heat 

Generated 

per Unit 

Storage  

(J mAh
-1

) 

Graphite 
Delithiated 132 9500   

Lithiated 288 20768 20768 0.774 

Antimony 
Delithiated 213 25927   

Lithiated 327 39812 13271 0.495 

Cu2Sb 
Delithiated 175 32377   

Lithiated 156 28958 9653 0.483 

Table 6.2. Calculated values for the total heat generation in graphite, Sb, and Cu2Sb at 

temperatures below 150 °C 
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Figure 6.14. (a) DSC of delithiated Sb comparing variation of peak position for the initial 

SEI degradation reaction subjected to different heating rates of 10, 5, and 2  

°C min
-1

. (b) Arrhenius plot utilizing data from (a) to determine the 

activation energy of the above reaction. 
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At low temperatures, the Sb and Cu2Sb electrodes are shown to produce less heat 

per unit capacity than graphite. However, lithiated Sb and Cu2Sb are shown to have 

higher peak heat output and higher overall heat generation than graphite at high 

temperatures above 200 °C, although in this range, it would have little effect on the 

initiation of thermal runaway. For the most part, these reactions are associated with the 

reduction reactions at the surface of the electrolyte with the lithiated electrode. At higher 

temperatures though, an additional reaction can occur with the highly exothermic 

dehydrofluorination of the PVDF binder in the presence of lithium. Because graphite has 

a lower storage content of lithium and was shown by XRD to be degraded to its fully 

delithiated state at lower temperatures than both Sb and Cu2Sb, there may be no lithium 

remaining in the graphite system to fuel this PVDF reaction. The greater lithium storage 

and higher temperature presence of lithiated phases may facilitate this reaction in the Sb 

and Cu2Sb reaction though, accounting for the strong exothermic reactions in the 

neighborhood of 250 °C.
65,87,88,91

 The primary product for the dehyrofluorination reaction 

of PVDF is LiF, which is already heavily present in the SEI layer. Also, as PVDF is not 

observable by XRD or in our sample surface layers, the occurrence of this reaction 

mechanism cannot be confirmed in this study. 

6.4 CONCLUSION 

Thermal stability studies show Sb and Cu2Sb anode materials in lithium-ion 

batteries to yield roughly 37 % lower heat generation values per unit energy storage than 

graphite electrodes at temperatures below 150 °C in the presence of 1M LiPF6 in 

EC/DEC electrolyte. Analysis of the low-temperature reaction peaks confirm that the two 

initial reactions in Sb, Cu2Sb, and graphite are all related to SEI layer decomposition. In 

addition, surface analysis via XPS shows that the SEI layer composition of all three 
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samples is also quite similar, with the active Sb material and inert Cu component 

showing no appreciable presence in the SEI layer. As such, this reduction in heat 

generation in Sb and Cu2Sb is largely attributed to their higher volumetric storage 

capacities, which allow for less formation of thermally unstable SEI layer due to less 

surface exposure for a given amount of capacity. An additional observation is the greater 

heat generation of Sb and Cu2Sb at higher temperatures of > 200 °C that is possibly a 

reaction with the PVDF binder due to the high-temperature persistence of lithiated Sb 

phases as observed by XRD. Further confirmation of this needs additional investigation 

with other analysis methods. 
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Chapter 7. Thermal Stability of Active/Inactive Composite Anodes of 

Cu2Sb for Lithium-Ion Batteries 

7.1 INTRODUCTION 

Enhanced safety and improved understanding of the mechanisms of failure in 

lithium-ion batteries is necessary for the continued expansion of the lithium-ion 

technology into new realms of application such as electric vehicles and stationary 

storage. In these larger scale applications with more individual cells and more energy 

stored, the statistical likelihood of failure increases and the potential consequences of a 

failure event become much more severe. Therefore, it is imperative that efforts are made 

to investigate the safety characteristics of new materials developed for lithium-ion 

batteries to allow for greater inherent safety of the cells beyond the application of 

additional external controls. 

The most dangerous event that can occur with lithium-ion batteries is known as 

thermal runaway, in which uncontrolled heat generating reactions within the cell become 

self-sustaining and lead to a rapid increase in cell temperature that usually ends with cell 

rupture or explosion. This process is most heavily controlled by reactions involving the 

cathode and the electrolyte, but is only initiated at temperatures > 180 °C.
4,64–66

 At lower 

temperatures leading up to the initiation of thermal runaway, the vast majority of heat 

generating reactions (estimated at > 95 % for typical LiCoO2 / graphite cells) arise from 

the anode.
67

 These anode reactions are strongly associated with the passivating SEI layer 

on the anode surface. At temperatures of ~ 60 - 80 °C, the metastable components within 

the SEI layer begin exothermically reacting to form more stable compounds.
67,69,82,85,86 

If 

temperatures increase to above 150 °C, then the SEI layer begins to lose its passivating 

effects on the anode surface and the electrolyte starts to react directly with the lithiated 

electrode. This reaction typically continues until the onset of thermal runaway, but if 



 122 

higher temperatures are reached then the polyvinylidene fluoride (PVDF) binder reacts 

exothermically with any remaining lithium in the electrode. This reaction usually does 

not initiate until the temperatures reach well above 300 °C.
65,66,78,88,91

 Efforts to improve 

battery safety via new electrode materials typically focus on (i) cathodes with higher 

temperature stability to reduce the chance of thermal runaway, (ii) cathodes with less heat 

generation upon thermal degradation to reduce the consequences of thermal runaway, or 

(iii) anodes with less heat generation at low temperatures to reduce the chance of 

inducing thermal runaway.
64,67,75,92,93

  

This study focuses upon the third route and is an expansion upon a previous study 

on thermal stability of antimony active material anodes in with both pure Sb and the 

intermetallic Cu2Sb demonstrated improved low-temperature heat generation relative to 

graphite.
124 

However, like all other alloy anode materials, antimony suffers from a short 

cycle life due to the large volume change of ~ 137 % that occurs during the 

lithiation/delithiation reaction.
23,29

 Therefore, in order to attain a useful electrode with 

antimony as the active material, mitigation techniques such as incorporating the antimony 

into intermetallics or composites must be employed. A number of reports have 

investigated such methods and are capable of attaining attractive electrode properties.
33–

36,39–42,59
 However, there is a scarcity of actual data on how the incorporation of an anode 

material into an intermetallic or composite structure to improve cycling performance 

affects its thermal stability.
124

 We focus here upon thermal stability testing of a Cu2Sb 

intermetallic, which is a well-studied electrode material and known to undergo 

lithiation/delithiation via the two step mechanism shown in reaction 1. As an electrode 

material, it has demonstrated both enhanced cycling relative to pure lithium as well as 

effective incorporation into composite structures.
34–36

 
 

3𝐿𝑖 +  𝐶𝑢2𝑆𝑏 ↔ 𝐿𝑖 +  𝐿𝑖2𝐶𝑢𝑆𝑏 + 𝐶𝑢 ↔ 𝐿𝑖3𝑆𝑏 + 2𝐶𝑢 (1) 
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The composite structures to be tested are all synthesized with a high energy 

mechanical milling (HEMM) method to achieve nano-scale phase mixing and high final 

electrode density.
36,42,96,97

 The composite components that are combined with Cu2Sb are 

Al2O3, TiC, and carbon black. All three of these composite structures have been well-

tested and shown to effectively extend the cycle life of alloying anode materials and yield 

attractive final electrodes in terms of overall performance.
36,40,42,59,125,126

 Figure 7.1 

demonstrates this enhancement with a comparison of the cycle life of pure Cu2Sb to the 

composite electrodes of Cu2Sb-Al2O3@C, Cu2Sb-TiC, and Cu2Sb-TiC@C that are being 

investigated in this study.  

 

 

Figure 7.1. Cycle life comparison of pure antimony and the Cu2Sb intermetallic 

composites under investigation. 
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When incorporating the Cu2Sb intermetallic into the composite structures, there 

are two key changes to the material: (i) the actual addition of the reinforcing composite 

phase and (ii) the physical effects of the milling process on the material particle size and 

morphology. Because electrode particle size and surface area have been shown to affect 

the thermal stability performance of anode materials in certain cases, it is essential to 

separate these effects from those of the composite phases.
76,86

 In order to properly 

analyze the effects of each, milled Cu2Sb is used as the baseline electrode material and 

analyzed relative to the results for un-milled Cu2Sb from the previous study by our group 

and relative to the composite structures under investigation here.
124

 The thermal 

performance of the materials are tested via both differential scanning calorimetry (DSC) 

and ex situ x-ray diffraction of heated electrodes to observe the heat generation arising 

from the materials as well as the phase change reactions they undergo during these 

degradation reactions. In addition, exothermic peaks identified in DSC are subjected to 

further analysis by Fourier Transform infrared spectroscopy (FTIR) to identify reactions 

that are not observable via XRD because they may not necessarily involve alterations of 

the bulk crystalline structures.  

7.2 EXPERIMENTAL 

The electrode materials used in this study are a milled Cu2Sb intermetallic, 

Cu2Sb-Al2O3@C composite (66 : 14 : 20 respective mass content), Cu2Sb-TiC composite 

(70 : 30 respective mass content), and Cu2Sb-TiC@C composite (55 : 30 : 15 respective 

mass content). The Cu2Sb intermetallic powder was initially synthesized by mixing 

metallic powders of antimony and copper (Acros Organics, 99 %, 45 µm) in a 1 : 2 

atomic ratio and heating the mixture to 450 °C for 12 h in an alumina crucible under 

flowing reducing gas (5 vol. % H2 / Argon). The resulting intermetallic powder was then 
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subjected to high-energy mechanical milling (HEMM) under an argon atmosphere with a 

Fritsch Pulverisette 6 at 500 RPM for 6 cycles consisting of 1 h milling followed by 1 h 

of rest. The synthesis method for Cu2Sb-Al2O3@C involves HEMM of metallic powders 

of copper, aluminum (Alfa Aesar, 99 %, 17 – 30 µm), Sb2O3 (Alfa Aesar, 99.6 %, 1.1 – 

1.8 µm), and acetylene black carbon (Alfa Aesar, 99.99 %, -200 mesh) and was carried 

out as described by our group before.
36

 The synthesis of Cu2Sb-TiC and Cu2Sb-TiC@C 

was carried out with metallic powders of copper, antimony, titanium (Alfa Aesar, 99.5 %, 

-325 mesh), and carbon black in which, initially, the powders of copper, antimony, and 

titanium were mixed to yield a Cu : Sb atomic ratio of 2 : 1 and with calculated Ti 

content to yield a final composition with 30 wt. % TiC. This mixture was heated in an 

alumina crucible under flowing argon to 500 °C for 10 h. After heating, the mixture was 

combined with a stoichiometric amount of carbon to fully convert the Ti in the mixture to 

TiC (in the case of Cu2Sb-TiC) or with 15 wt. % excess carbon to the stoichiometric 

amount (in the case of Cu2Sb-TiC@C) and then subjected to HEMM. A more detailed 

description of this synthesis process can be found for a similar antimony intermetallic in 

our previous report.
42

 

The as-synthesized electrode powders were subjected to XRD phase analysis with 

a Rigaku Miniflex 600 with Cu-Kα radiation. The powder morphology was observed via 

scanning electron microscopy (SEM) with a JEOL JSM-5610 microscope. Brunauer-

Emmett-Teller (BET) surface area measurements were carried out with a Quantachrom 

Autosorb iQ2 instrument. Tap densities were measured with a Quantachrom AT-4 

Autotap equipment. 

To acquire ex situ XRD measurements, the prepared electrode powders were 

incorporated into pellet electrodes. The pellet electrodes were prepared by first mixing 

slurries of 80 wt. % electrode material of interest, 10 wt. % Super P conductive carbon, 
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and 10 wt. % PVDF binder with N-methyl pyrrolidinone (NMP) as the solvent. The 

slurries were mixed overnight and subsequently dried for 48 h in vacuum a oven at ~ 100 

°C. The dried slurries were then ground with a mortar and pestle and pressed at 2300 psi 

into pellet electrodes with an approximate mass of 40 – 60 mg active material. The pellet 

electrodes were pressed to copper mesh current collector and assembled into CR 2032 

coin cells inside an argon filled glovebox with a half-cell configuration with lithium foil, 

Celgard polypropylene separator, and an electrolyte of 1 M LiPF6 dissolved in a 1:1 

mixture of ethylene carbonate (EC) and diethyl carbonate (DEC). The cells were placed 

in an electrical short condition for at least one week to fully lithiate the pellet electrodes, 

which were then extracted from the cells inside an argon filled glovebox. The extracted 

electrodes were either immediately analyzed with XRD or subjected to heating as 

described below and then analyzed with XRD. This ex situ XRD measurement was 

carried out with a Rigaku air-sensitive sample holder under the same measurement 

settings as for the as-synthesized electrode powders. 

Heating of pellet electrodes was carried out by first sealing the electrode inside of 

a copper foil pouch under an argon environment and then further sealing that copper 

pouch inside of a stainless steel bag from McMaster-Carr. This served to protect the 

electrode from the ambient atmosphere as it was heated at 10 °C min
-1

 to either 200 °C or 

300 °C in a box furnace and held at those temperatures for 5 min prior to cooling to room 

temperature. The sealed bag was then returned to the glovebox where the pellet was 

extracted for ex situ XRD analysis as described above. 

Cast electrodes of the materials of interest were prepared for DSC and FTIR 

measurements. The cast electrodes were prepared by mixing overnight a slurry of 80 wt. 

% active material, 10 wt. % Super P, and 10 wt. % PVDF with NMP solvent. The mixed 

slurries were cast onto a copper foil current collector with the doctor blade method and 
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dried under vacuum at 120 °C for at approximately 12 h. Individual electrodes were 

punched from the cast sheets and assembled into CR 2032 coin cells in a half-cell 

configuration as described above for the pellet electrodes.  

DSC analysis was carried out on extracted cast electrodes in three different 

conditions: open-circuit voltage (OCV), 0 % state of charge (SOC), and 100 % SOC. 

OCV electrodes were extracted from the cell without subjecting it to any cycling 

conditions. Electrodes at 0 % SOC were subjected to 2 conditioning cycles from 0 – 2 V 

vs. lithium at C/20 rate and then held potentiostatically at 2.0 V (full delithiation) until 

the applied current dropped below ~ 10 mA g
-1

. Electrodes at 100 % SOC were also 

subjected to 2 conditioning cycles and then discharged to 0.0 V (full lithiation) where 

they were held potentiostatically until the applied current dropped below ~ 10 mA g
-1

. 

After preparation, the extracted electrodes were dried and sealed with 15 μL of added 

electrolye (1 M LiPF6 in EC:DEC) inside of a stainless steel DSC crucible with a 

perforated lid and gold foil seal. The DSC tests were carried out with a Netzsch STA 449 

F3 Jupiter thermogravimetric analyzer (TGA)/DSC at a heating rate of 2 °C min
-1 

up to 

400 °C. The test chamber was evacuated twice prior to analysis and purged with high 

purity nitrogen as the test environment. 

FTIR analysis was carried out on OCV electrodes as well as 0 % and 100 % SOC 

electrodes that had been heating under DSC conditions to a desired temperature. The 

DSC heating was stopped at the temperature of interest and the heated electrode was 

removed from the sealed crucible for FTIR analysis with a Thermo Scientific Nicolet iS5 

FTIR spectrometer. The electrode undergoing FTIR analysis was held under inert argon 

gas until immediately prior to testing in order to minimize contamination from the 

ambient environment. 
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7.3 RESULTS AND DISCUSSION 

After synthesis, the composite electrode powders were analyzed with XRD for 

phase identification. Figure 7.2 shows the resulting XRD patterns of (a) Cu2Sb-

Al2O3@C, (b) Cu2Sb-TiC, and (c) Cu2Sb-TiC@C. For all composite materials the 

crystalline peaks are relatively weak but the primary peaks observed are associated with 

the Cu2Sb phase cuprostibite (JCPDS File: 01-071-3333). The TiC containing materials 

of Cu2Sb-TiC and Cu2Sb-TiC@C also show peaks associated with the crystalline rocksalt 

TiC phase (JCPDS File: 03-065-8805). While the reinforcing Al2O3 is not observable by 

XRD in the Cu2Sb-Al2O3@C material, it has been shown by our group before that the 

Al2O3 is present in the system as an amorphous mixture of Al2O3 and carbon.
36

 The 

synthesized Cu2Sb intermetallic is also shown in Figure 7.3 to be phase-pure cuprostibite 

phase both before and after it underwent HEMM. The basic morphology of the electrode 

powders is shown in the insets of Figure 7.2 in the form of SEM micrographs. All three 

powders have relatively similar morphologies of roughly spherical particle shapes with 

particle sizes ranging from several microns down to the sub-micron range. The primary 

morphological difference observed is that the Cu2Sb-TiC material has smoother particle 

surfaces and less fine particles because unlike the other two composite electrodes, it does 

not contain the small particle carbon black component. 

A summary of the properties of the electrodes is shown in Table 1. The data here 

supports the observation from the SEM micrographs in Figure 7.2 that Cu2Sb-TiC has 

smoother particle surfaces with fewer very fine particles as its measured BET surface 

area is only 1.02 m
2
 g

-1
, lower than the measured surface area of the other two composite 

powders. The larger BET surface areas of Cu2Sb-Al2O3@C and Cu2Sb-TiC@C can be 

attributed to carbon black being a final component of their composite makeup as the 

measured BET surface area of the acetylene black carbon precursor material is extremely 
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high at 73.43 m
2
 g

-1
. Both of these composite powders are also shown to possess much 

lower tap densities than milled Cu2Sb and Cu2Sb-TiC, again as a result of the carbon 

black inclusion. The observed reversible capacities of the composite electrodes are shown 

in Table 1 as well, and counterintuitively they are all higher than that for the pure Cu2Sb. 

This is a result of the conductive materials incorporated into the composite structure that 

allow for greater active material usage and the participation of the carbon material in the 

structure in lithium storage.
42

 



 130 

 

Figure 7.2. As synthesized XRD pattern for electrode powders of a) Cu2Sb-Al2O3@C, b) 

Cu2Sb-TiC, and c) Cu2Sb-TiC@C as well as inset SEM images for the same 

materials. 
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Figure 7.3. XRD of patterns as-synthesized Cu2Sb intermetallic powder prior to HEMM 

and after 6 h of HEMM. 

Electrode 

Material 

Ratios Milling 

Time (h) 

BET Surface 

Area (m
2
 g

-1
) 

Tap Density 

(g cm
-3

) 

Reversible 

Capacity 

(mAh g
-1

) 

Cu2Sb 100 6 5.214 3.67 255 

Cu2Sb-

Al2O3@C 

66-14-20 24 3.355 1.40 405 

Cu2Sb-TiC 70-30 40 1.018 3.25 291 

Cu2Sb-TiC@C 55-30-15 40 8.005 1.25 295 

Table 7.1. Description and measured properties of anode electrode powders under 

investigation.  

For all three composite electrodes studied, the primary active material is Cu2Sb, 

which is anticipated to undergo reaction 1 upon lithiation to yield a final product of cubic 

Li3Sb and metallic copper.
34–36

 Figure 7.4 shows the observed ex situ XRD patterns for 

each composite electrode material that confirms these reaction products for all materials. 
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The metallic copper peaks overlap with those of the steel sample holder, but the strength 

of the primary copper peak at ~ 43 degrees relative to the secondary sample holder peak 

at ~ 44 degrees suggests that there is indeed metallic copper present. The reinforcing TiC 

phase is also present for both Cu2Sb-TiC and Cu2Sb-TiC@C, which is expected as it is 

largely electrochemically inert.
42,59,126

 The same reaction products of Li3Sb and metallic 

copper are observed for the lithiation of milled Cu2Sb as shown in Figure 7.5. 

Electrodes are subjected to heating under an inert environment in the presence of 

electrolyte in order to observe the phase stability of the lithiated electrode materials upon 

heating as well as the thermal degradation products upon heating. In previous studies of 

pure antimony and un-milled Cu2Sb, it was shown that the lithiated Li3Sb phase was 

thermally stable to higher temperatures than the baseline graphite electrode with the 

evidence of strong Li3Sb peaks up to 300 °C and remaining peaks of partially lithiated 

phases up to 350 °C. However, the process of milling the Cu2Sb sample for 6 h in 

preparation for this study was shown to drastically reduce the high temperature 

persistence of the lithiated Li3Sb phase with Figure 7.5 showing that by even 200 °C for 

milled Cu2Sb the lithiated phase has reverted back to the delithiated Cu2Sb phase. Figure 

7.6 shows the ex situ XRD pattern of the heated composite electrodes and for the most 

part, the same trends as observed for milled Cu2Sb are seen for all three materials, with 

significant evidence of delithiation occurring by 200 °C. However, the composite 

materials appear to have a somewhat higher phase stability of the lithiated compounds 

relative to pure milled Cu2Sb as all three materials still show evidence of partial lithiation 

remaining in the form of weak Li3Sb peaks. By 300 °C, Figure 7.6a shows that Cu2Sb-

Al2O3@ has largely reverted to the delithiated phase, although there are still weak peaks 

from Li3Sb observed, suggesting that the delithiation reaction is still ongoing at these 
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high temperatures. However, at this temperature, both Cu2Sb-TiC and Cu2Sb-TiC@C 

have completely delithiated as the only observed peaks are for Cu2Sb and TiC. 

 

Figure 7.4. Ex situ XRD patterns for lithiated electrodes of a) Cu2Sb-Al2O3@C, b) 

Cu2Sb-TiC, and c) Cu2Sb-TiC@C with peak markers. 
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Figure 7.5. Ex situ XRD patterns of milled Cu2Sb pellets after (from bottom to top) 

lithiation, lithiation and heating to 200 °C, and lithiation and heating to 300 

°C.  
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Figure 7.6. Ex situ XRD patterns of lithiated electrodes of a) Cu2Sb-Al2O3@C, b) Cu2Sb-

TiC, and c) Cu2Sb-TiC@C after heating to 200 °C and 300 °C. 

As demonstrated by the decreased phase stability of lithiated Cu2Sb after milling, 

the simple process of milling the active electrode material can alter its thermal 
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performance. Figure 7.3 shows that the effect of milling is purely physical as the Cu2Sb 

phase is not altered by the milling process, with the only change being a broadening of 

the diffraction peaks. This observed broadening is used to calculate the change in the 

crystalline domain size with milling by using the Scherrer equation, shown in equation 2 

below, in which τ is the average crystalline domain size, K is a shape factor (assigned a 

value of 0.9), λ is the x-ray wavelength, β is the full width at half maximum of the 

diffraction peak, and 2θ is the peak Bragg angle.  

 

𝜏 =  
𝐾𝜆

𝛽𝑐𝑜𝑠𝜃
 (

(2) 

Figure 7.7 shows the trend of decreasing domain size as Cu2Sb is milled for 

longer times with a stabilization of the domain size when the milling time reaches 6 h. A 

corresponding increase in BET surface area is also observed for the milling of Cu2Sb. 

After 6 h the intermetallic powder shows a surface area of 5.21 m
2
 g

-1
 relative to a value 

of 3.25 m
2
 g

-1
 measured for the un-milled Cu2Sb. This physical alteration of the Cu2Sb 

can be visualized by the comparative SEM images in Figure 7.8, which show a dramatic 

decrease in particle size with milling, in agreement with both the Scherrer and BET data. 

Because all of the electrode composites being studied here are synthesize by HEMM, it is 

important to differentiate between the effects from milling and the effects from the 

additional composite phases on the thermal performance of the Cu2Sb active material. As 

such, Figure 7.9 shows the DSC curves for milled Cu2Sb as a baseline for what will be 

observed for the composite electrodes. Overall, the reactions for the milled Cu2Sb do not 

vary strongly from those analyzed in our previous study on pure Sb and un-milled 

Cu2Sb.
124

 There are three clear reaction regimes: the low temperature SEI layer peaks, the 

mid-range temperature active material delithiation peaks, and high temperature 
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electrolyte decomposition reactions.
80,88,91

 These three reaction peaks are labelled in 

Figure 7.9, respectively, as 1, 2, and 3. The previously mentioned decrease in the high-

temperature stability of the lithiated phase of milled Cu2Sb manifests in a more 

pronounced peak for reaction 2 in the 100 % SOC sample as the electrolyte more rapidly 

reacts with and delithiates the electrode.  

 

Figure 7.7. Average crystalline domain size of Cu2Sb after different milling times as 

calculated using the Scherrer equation. 

 

Figure 7.8. SEM image of Cu2Sb after (a) 0 h of HEMM and (b) 6 h of HEMM.  
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Figure 7.9. DSC curves of milled Cu2Sb electrodes in OCV condition, at 0 % SOC after 2 

conditioning cycles, and at 100 % SOC after 2 conditioning cycles. 

In addition to the effects of milling on the composite Cu2Sb electrodes, the 

potential contributions from the reinforcing materials on the thermal performance of 

electrode materials must also be identified. DSC testing is carried out on samples of pure 

Al2O3, TiC, and carbon black and shown in Figure 7.10. With the exception of carbon 

black, these materials are largely electrochemically inert and are, therefore, tested in the 

OCV condition. Carbon black was also tested in a 0 % and 100 % SOC condition but 

showed virtually no variation in thermal performance with the exception of the SEI layer 

peaks so the OCV curve is shown here. Endothermic reactions associated with the 

electrolyte and identified as region 1 are observed for both Al2O3 and TiC at high 
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temperatures.
87,121

 The reaction curve for Al2O3 also shows a small exothermic peak at 

approximately 100 °C, identified in region 2. There are no observed exothermic reaction 

for the TiC material, but a small additional endothermic peak is present at ~ 180 °C in 

region 3. The peak in region 4 for the acetylene black is the only strong exothermic 

reaction observed for these reinforcing phase material, and once again it is most likely 

associated with the electrolyte degradation. However, this reaction is noteworthy for both 

how exothermic it is and for how low the peak temperature is relative to typically 

observed electrolyte degradation peaks. Carbonaceous electrodes in the OCV state have 

been shown on occasion to react exothermically with 1 M LiPF6 in EC:DEC electrolytes 

and the intensity and early onset observed in region 4 of Figure 7.10c could be a result of 

the previously mentioned extremely high surface area of carbon black (73.43 m
2
 g

-1
).

82,124
 

From the observations thus far made, it can be hypothesized that the Cu2Sb 

composite electrodes will exhibit variations from un-milled and pure Cu2Sb in the 

following ways: the milling process will result in a stronger exothermic reaction peak 

around 180 °C associated with the electrode delithitaion; the inclusion of Al2O3 could 

lead to an additional exothermic peak at low temperatures; the inclusion of TiC could 

result in an endothermic peak at ~ 180 °C; the incorporation of carbon black could lead to 

a stronger and lower temperature reaction with the electrolyte.  
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Figure 7.10. Baseline DSC of OCV composite phases of a) Al2O3, b) TiC, and c) 

acetylene black carbon. 

Figure 7.11shows the experimental DSC curves for Cu2Sb-Al2O3@C, Cu2Sb-TiC, 

and Cu2Sb-TiC@C. For the most part, the observed curves are very similar to the milled 

Cu2Sb sample from Figure 7.9 with a few notable exceptions. Region 1 shows that as 

predicted, there is a low temperature exothermic peak for Cu2Sb-Al2O3@C that occurs 

with the addition of the reinforcing phase. However, this peak is unexpectedly present in 

both other composites as well. Fortunately this peak is only present in the OCV materials 

and does not appear to affect the low temperature performance of the electrodes once 

they have been cycled and an SEI layer has formed. Another rather unusual observation 

is the exothermic reaction peak highlighted in region 2 of Figure 7.11. This peak is 
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unexpected as it is present only in the delithiated material that is tested at 0 % SOC and 

actually shows a stronger peak-heat-generation rate than the 100 % SOC electrodes. A 

potential source of this reaction can be inferred from the relative strength of the peak in 

the different composites. This region 2 reaction is very strong in both Cu2Sb-Al2O3@C 

and Cu2Sb-TiC@C, but is quite weak in Cu2Sb-TiC. This leads to the conclusion that the 

presence of carbon black in the composite is likely the source of this reaction, which is 

somewhat supported by the observed exothermic peak for carbon black in Figure 7.10c. 

In addition, the electrolyte reaction peaks at ~ 230 – 250 °C are much more pronounced 

for Cu2Sb-TiC, with its weak region 2 reaction, suggesting that the electrolyte is also 

involved in the exothermic reaction observed in Cu2Sb-Al2O3@C and Cu2Sb-TiC@C. A 

high temperature region 3 is also identified in the Cu2Sb-Al2O3@C material due to its 

lack of a strong exothermic electrolyte peak at ~ 250 °C as observed for milled Cu2Sb 

and both of the other composites. The lack of a peak likely arises from a more complete 

delithiation of Cu2Sb-Al2O3@C that leads to consumption of most or all of the lithium 

from the electrode before the electrolyte reaction temperature is reached. A potentially 

advantageous observation can be made in Figure 7.11b at 100 % SOC where it appears 

that the inclusion of TiC contributes a small endothermic peak at ~ 150 °C. However, as 

the peak is rather weak and overlapped with other exothermic reactions, it is difficult to 

make a solid conclusion.  
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Figure 7.11. DSC curves of composite electrodes of a) Cu2Sb-Al2O3@C, b) Cu2Sb-TiC, 

and c) Cu2Sb-TiC@C electrodes in OCV condition, at 0 % SOC after 2 

conditioning cycles, and at 100 % SOC after 2 conditioning cycles. 
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Because of its significant contribution to the heat generation of the composite 

electrodes in the 0 % SOC state, further investigation of the region 2 reaction is carried 

out by employing FTIR analysis on fully delithiated electrodes at temperatures just below 

(180 °C) and just above (230 °C ) where the reaction occurs. Figure 7.12a shows the low-

temperature FTIR spectra for Cu2Sb-TiC@C. All of the composite materials showed 

nearly identical spectra at 180 °C, so this is treated as a representative spectra for all three 

materials. Observed in this spectra are primarily peaks associated with the EC:DEC 

electrolyte solvent (1800 cm
-1

, 1768 cm
-1

, 1472 cm
-1

, 1394 cm
-1

, 971 cm
-1

, 900 cm
-1

, 773 

cm
-1

, and 727 cm
-1

) and the PVDF binder material (1394 cm
-1

, 1160 cm
-1

,
 
1070 cm

-1
,
 
971 

cm
-1

 and 880 cm
-1

). Another key peak observed is the P-F bond from the LiPF6 salt at 838 

cm
-1

.
68,88

 Figure 7.12b shows the high-temperature spectra for Cu2Sb-TiC@C where 

reaction 2 has occurred. This spectra was also nearly identical to that of Cu2Sb-Al2O3@C, 

the other electrode material in which a strong region 2 reaction was observed, so is once 

again considered representative of both materials. In this spectra, a number of changes 

can be seen, the most notable of which is the disappearance of the P-F peak from the 

lithium salt at 838 cm
-1

. In addition, the PVDF peak at 880 cm
-1

 has disappeared and it 

appears that the broad PVDF peak at 1394 cm
-1

 has also disappeared, with the narrow 

peaks from the electrolyte solvent still present in the same location. These two peaks are 

associated with the C-H2 vibrations in the PVDF structure.
127,128

 Also observed are 

sharpening and strengthening of peaks associated with EC:DEC at 1472 cm
-1

, 1394 cm
-1

, 

971 cm
-1

, 773 cm
-1

, and 727 cm
-1

 with additional peaks previously unobserved but still 

associated with the electrolyte becoming observable at 1740 cm
-1

, 1550 cm
-1

, and 1231 

cm
-1

.  

While this analysis does not elucidate the full nature of what is occurring in 

region 2, it appears that the primary reaction is the low-temperature breakdown of the 
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LiPF6 salt facilitated by the addition of carbon black to the electrode in the delithiated 

condition. If a lithium ion is liberated from the LiPF6 degradation, it could react with 

PVDF; however, the typical products of LiPF6 decomposition are LiF and PF5 gas. In 

addition, such reactions between lithium and PVDF don’t usually occur until much 

higher temperatures and result in dehydrofluorination, which would cause a similar 

weakening or disappearance of the C-F peaks as well.
68,88,121

 As such, the disappearance 

of the C-H2 peaks from the PVDF spectra remains quite curious and a mechanism for it is 

not proposed here. The strengthening of the electrolyte peaks is believed to be a result of 

the removal of dissolved lithium salt from the solvent. Figure 7.12c shows the high 

temperature spectra for Cu2Sb-TiC in which the reaction in region 2 does not occur. As 

expected, there is no observable change from the low-temperature FTIR spectra because 

there is no reaction occurring in the range of 180 – 230 °C. 
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Figure 7.12. FTIR absorbance spectra for a) Cu2Sb-TiC@C electrode after heating to 180 

°C at 0 % SOC, b) Cu2Sb-TiC@C after heating to 230 °C at 0 % SOC, and 

c) Cu2Sb-TiC after heating to 230 °C at 0 % SOC. All electrodes were 

heated in the presence of 1 M LiPF6 in EC/DEC electrolyte. 

7.4 CONCLUSION 

The thermal stabilities of Cu2Sb-Al2O3@C, Cu2Sb-TiC, and Cu2Sb-TiC@C 

composite anodes have been tested and compared to a baseline milled Cu2Sb 

intermetallic material. The use of the milled Cu2Sb baseline allows determination of the 

performance effects from both the additional phases present in the composites and the 

milling process used to synthesize them. In general, it is shown that milled 

nanocomposites of Cu2Sb have a reduction in the stability Li3Sb lithiated phase relative 

to un-milled Cu2Sb with significant delithiation occurring by 200 °C. However, 

comparison to pure milled Cu2Sb reveals that this is reduction in phase stability is 

associated entirely with the HEMM process and that the incorporation of reinforcing 

phases can actually lead to a slight improvement of Li3Sb stability. Heat generation 
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profiles show that the low-temperature SEI layer reactions in all the tested samples are 

not significantly affected by either the milling process or the addition of reinforcing 

phases. This is a promising observation as the low-temperature range is the most critical 

for anode stability and it suggests that the steps needed to extend the cycle life of 

antimony and Cu2Sb electrode materials will not lead to a worsening of their low-

temperature safety performance. At higher temperatures in 100 % SOC electrodes, the 

primary differences arise from the milling process with an increase in heat generation 

arising from the lower lithiated phase stability, but once again minimal change is 

attributed to the reinforcing phases. However, an unusual exothermic peak is observed in 

0 % SOC electrodes at relatively low temperatures of ~ 200 °C that is determined to be 

caused by the addition of carbon black to the electrode and is associated with a reaction 

involving the breakdown of the electrolyte salt LiPF6 at a lower temperature than usual. 

While this reaction is not fully understood, it suggests that efforts to improve the cycle 

life performance of alloy anodes should attempt to minimize the inclusion of carbon 

black as a composite phase in order to avoid this destabilization of the delithiated 

electrode material. 
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Chapter 8. Summary 

This dissertation explored the properties and performance of antimony-based 

alloy anode materials in lithium-ion batteries. The goal was to develop nanocomposite 

electrode materials capable of overcoming the cycle life limitations typically observed in 

alloy anodes due to their large volume change to yield a final material that could offer 

enhanced performance relative to the widely used graphite anode while also improving 

safety by raising the operating voltage.  

The NiSb-Al2O3-C nanocomposite anode synthesized in Chapter 3 demonstrates 

the effectiveness of combining the volume mitigating techniques of using an intermetallic 

active material, incorporating the active material into a reinforcing inactive composite, 

and using nano-scale active particles. These methods combine to give NiSb-Al2O3-C a 

stable capacity of 280 mAh g
-1

 and an exceptional cycle life of over 1000 cycles, which is 

far superior to that observed in the baseline pure intermetallic NiSb or carbon composite 

of NiSb-C. The HEMM synthesis method is also deemed integral to the effective 

performance of this material as the morphology is shown to consist of crystalline 

particles of NiSb on the scale of 10’s of nanometers well-dispersed in the reinforcing 

Al2O3 + C matrix while still maintaining an advantageous tap density of 1.3 g cm
-3

. In 

addition to its mechanically reinforcing attributes, ex situ TEM observations highlight the 

importance of the Al2O3 matrix in extending cycle life by inhibiting particle growth and 

agglomeration as the active material particles are still nano-sized after 1000 cycles. 

FeSb2-Al2O3-C shows results similar to NiSb-Al2O3-C with an initial reversible 

capacity of 547 mAh g
-1

 and an excellent cycle life of over 500 cycles, again shown to be 

superior to both the baseline FeSb2 intermetallic and the FeSb2-C composite. The HEMM 

synthesis process is again shown to be important to yielding the desired electrode 
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characteristics with the FeSb2-Al2O3-C material possessing nanoscale active crystallites 

of FeSb2 and a high tap density of 1.3 g cm
-3

. However, the higher reversible capacity of 

FeSb2 (537 mAg g
-1

) relative to that of NiSb (445 mAh g
-1

) also translates to a greater 

degree of volume change for the FeSb2 based material. The result is a higher initial 

capacity, but a slightly more pronounced fade during extended cycling. In addition, both 

materials are shown to suffer from a high irreversible capacity loss in their initial cycle. 

Electrochemical data led to the conclusion that unreacted Sb2O3 precursor was to blame 

as a source of irreversible Li2O formation. To address this issue, an altered synthesis 

process involving an intermediate heating step during the HEMM process was developed 

that was able to yield, respectively, a 60 % and 30 % reduction in first cycle losses for 

NiSb-Al2O3-C and FeSb2-Al2O3-C. Both materials also demonstrate very good rate 

capability up to 3C, but show significant capacity drop-off at higher rates.  

During the testing of NiSb-Al2O3-C and FeSb2-Al2O3-C, it was concluded that 

certain shortcomings were associated with the reinforcing Al2O3 material in these 

composites: (i) Al2O3 is an insulator, which limits the rate capability of the electrode and 

necessitates the inclusion of carbon to the composite; (ii) the use of a Sb2O3 precursor 

results in high first cycle losses that require additional synthesis steps to address; (iii) the 

synthesis of Al2O3 composites is based on a fixed stoichiometry so the composite ratios 

are not tunable; (iv) the synthesis of Al2O3 composites include a potentially dangerous 

thermite reaction that may inhibit the ability to scale up.  

In response to this observation, the use of TiC as a reinforcing matrix in the form 

of FeSb-TiC-C was investigated due to (i) the high conductivity of TiC that could allow 

for higher rate capability and reduced carbon content, (ii) no oxide precursors or thermite 

reaction in the synthesis of TiC based composites, and (iii) an ability to vary the amount 
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of TiC in the composite due to a synthesis process that is not based on fixed reactant 

stoichiometries.  

FeSb-TiC-C was shown to maintain the same final phase, morphology, and 

reaction mechanism over the full range of compositions tested. Even with a new 

reinforcing matrix material, the HEMM synthesis process was shown to produce 

composite materials with well-intermixed crystallites of nano-scale FeSb and TiC. At 

different compositions, FeSb-TiC-C showed very high tap densities of up to 2.9 g cm
-3

, 

an impressive capacity of up to 450 mAh g
-1

 (1300 mAh cm
-3

), and a high initial 

coulombic efficiency of up to 81 %. However, to achieve an enhanced cycle life of 

greater than 500 cycles, it is necessary to use a composition with higher TiC and/or 

carbon content, resulting in a decrease in capacity, decrease in tap density, and increase 

in initial losses. The addition of higher TiC and/or carbon content also leads to greater 

rate capability, with multiple compositions capable of cycling with high efficiency at 

rates of up to 10C.  

Overall, the developed antimony-based nanocomposites of NiSb-Al2O3-C, FeSb2-

Al2O3-C, and FeSb-TiC-C show great performance with long cycle lives, moderate 

capacities, high densities, and good rate capability. In addition, NiSb-Al2O3-C 

demonstrates the compatibility of these systems with layered and spinel cathode systems 

in full cell cycling and the testing of FeSb-TiC-C with electrolyte additives of FEC and 

VC shows their feasibility in further enhancing the performance of these systems. The 

goals set forth in this study are generally achieved as the combined properties of these 

systems makes then promising and viable alternative anodes to graphite in future lithium-

ion batteries. 

The next step in analyzing these antimony-based electrodes was measuring their 

safety performance via thermal stability analysis. Due to a lack of literature on the 
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thermal stability of pure antimony, the first step was to compare pure antimony and an 

antimony intermetallic of Cu2Sb to baseline graphite in terms of phase degradation, 

surface layer composition, and heat generation. As hypothesized by both its higher 

operating potential and greater volumetric capacity, antimony-based active materials 

demonstrated a higher temperature stability of the lithiated Li3Sb phase relative to 

graphite of up to 350 °C, as well as a 37 % reduction in heat generation per unit capacity 

at temperatures below 150 °C. The analyzed surface layers for both Sb and Cu2Sb did not 

vary significantly from the graphite SEI layer in terms of chemical makeup, with no Sb or 

Cu present. Combined with the observation that the SEI layer degradation peaks were 

very similar from DSC analysis, it was concluded that the surface reactions were roughly 

the same for the materials. 

 To carry this analysis into more viable antimony-based electrodes, composites 

based on Cu2Sb and similar to those from chapters 3-5 were synthesized by HEMM and 

tested for thermal stability. In general, it is shown that milled nanocomposites of Cu2Sb 

have a reduction in the stability of Li3Sb lithiated phase relative to un-milled Cu2Sb with 

significant delithiation occurring by 200 °C. However, comparison to pure milled Cu2Sb 

reveals that this is reduction in phase stability is associated entirely with the HEMM 

process and that the incorporation of reinforcing phases can actually lead to a slight 

improvement of Li3Sb stability. Heat generation profiles show that the low-temperature 

SEI layer reactions in all the tested samples are not significantly affected by either the 

milling process or the addition of reinforcing phases. This is a promising observation as 

the low-temperature range is the most critical for anode stability and it suggests that the 

steps needed to extend the cycle life of antimony and Cu2Sb electrode materials will not 

lead to a worsening of their low-temperature safety performance. At higher temperatures 

in 100 % SOC electrodes, the primary differences arise from the milling process with an 
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increase in heat generation arising from the lower lithiated phase stability, but once again 

minimal change is attributed to the reinforcing phases. However, an unusual exothermic 

peak is observed in 0 % SOC electrodes at relatively low temperatures of ~ 200 °C that is 

determined to be caused by the addition of carbon black to the electrode and is associated 

with a reaction involving the breakdown of the electrolyte salt LiPF6 at a lower 

temperature than usual.  

 Overall this study investigated methods to extend the cycle life of alloy anodes 

and demonstrated their effectiveness in the form of multiple high-performing 

nanocomposite anodes. In addition to enhanced electrochemical performance, these 

materials also demonstrate an improved thermal stability performance relative to graphite 

that makes them promising candidates for future lithium-ion battery anodes. The methods 

studied here can also be applied to a range of other alloy anode materials to help facilitate 

the development and implementation of the next-generation of lithium-ion batteries. 
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