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This thesis research involves the development of theoretical foundations for
studying the synthesis and structure of oxide-embedded silicon and germanium
nanocrystals, by integrating various state-of-the-art theoretical techniques at different
time and length scales.

The primary focus was placed on (1) investigation of

mechanisms underlying the formation of silicon and germanium nanocrystals in an oxide
matrix and (2) development of kinetic models capable of predicting the structural
properties of the silicon-germanium-oxide nanosystem under various processing
conditions.
The discovery of efficient room temperature luminescence has generated
significant interest in silicon and germanium nanocrystals embedded in an oxide matrix
because of their potential applications in electronic, optoelectronic, and optical devices in
Si-compatible technology.

Earlier experimental investigations have suggested the

absorption and luminescence properties of the embedded nanocrystal systems would be
governed by a complex combination of: nanocrystal sizes, shapes, and size distributions;
vii

crystal-matrix interface structures, bonding, and defects; and matrix structure and
composition. This may imply that atomic-level control of such structural properties
would offer great opportunities in the development of silicon/germanium nanocrystal
based novel devices. However, even the fundamental mechanics of the growth and
structure of embedded silicon and germanium nanocrystals are still unclear.
Using multiscale modeling and simulation, we have identified mechanisms
underlying the formation of silicon and germanium nanocrystals in a silicon-rich oxide
matrix.

Our multiscale approach combines: first principles quantum mechanical

calculations of fundamental processes; Metropolis Monte Carlo simulations of
amorphous structures; and kinetic Monte Carlo simulations of long-time scale growth.
We find that the formation of oxide embedded silicon clusters is primarily attributed to a
chemical phase separation to silicon and silicon dioxide, which is mainly driven by
suboxide penalty, with a minor contribution of strain. The phase separation turns out to
be primarily controlled by oxygen out-diffusion from silicon-rich regions, rather than
excess silicon diffusion and agglomeration. From kinetic Monte Carlo simulations based
on these fundamental findings we identify two growth characteristics: “coalescence-like”
and “pseudo Ostwald ripening”. The simulation results agree well with experimental
observations of strong dependence of the cluster size on the initial Si supersaturation and
rapid formation of Si clusters at the early stages of annealing with very slow ripening.
On the other hand, we find that the formation of gemanium nanocrystals in a silicon
dioxide matrix is attributed to the diffusion and agglomeration of germanium precipitates.
We have also determined the atomic structure and stability of embedded silicon
nanocrystals and the mechanisms of silicon oxidation.

While current experimental

techniques are still limited to providing complementary atomic-level, real-space
information, our comprehensive multiscale modeling based on first-principles quantum
viii

mechanics contributes greatly to understanding the fundamental behavior and properties
of the silicon-germanium-oxide nanosystems.
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Chapter 1: Introduction
1.1

BACKGROUND AND MOTIVATION
The explosive growth of semiconductor industry is largely a result of an

unprecedented miniaturization of integrated circuits (ICs), and in turn faster speeds and
increased functionality. The International Technology Roadmap for Semiconductors
(ITRS) [1] reveals that scaling device dimensions far beyond 100 nm will lead to
limitations in fundamental design, materials, and processing of CMOS (Complementary
Metal Oxide Semiconductor) technology. Included among these perceived roadblocks
are interconnect and gate dielectrics.
With continued scaling, chip performance becomes increasingly limited by
interconnect delay. In the long term, materials innovation alone will no longer satisfy the
performance requirements due to the limited conductivity of the present conductor
materials. The quest for optical interconnects is motivated by physical limitations of the
conventional conductor/dielectric system for chip-level global interconnects. Silicon and
Germanium are indirect gap materials, thereby yielding very low efficiency for
luminescence. However, the discovery [2,3]of efficient room temperature luminescence
from low-dimensional Si structures (such as oxide embedded Si nanocrystals) led to the
rapid evolution of silicon microphotonics. [4] Key advantages of Si based materials and
processing are the high yield and low production cost established in microelectronics.
Photoluminescence (PL) was discovered first in porous silicon, which was
attributed to the presence of silicon crystallites. Despite the high external quantum
1

efficiency (1%-10%) of PL, [5] porous silicon exhibits many problems, such as instability
of PL efficiency in ambient condition, fragile and inhomogeneous structure. These
problems prevent the use of porous silicon in practical applications. [6] Embedded silicon
nanocrystals in silicon dioxide, on the other hand, are very stable and compatible with
complementary metal-on-oxide semiconductor technology. Photoluminence can be tuned
from infrared to ultraviolet by changing the size of embedded nanocrystals. Figure 1.1 [7]
demonstrates the optical gain observed in silicon. One obstacle for their possible
applications is the existence of a large amount of non-radiative states, which undermines
the photoluminescence efficiency. Recently, Wang and cowokers [6] have found drastic
improvement of PL efficiency up to 12% by lowering the temperature of the plasma
enhanced chemical vapor deposition (PECVD). They attributed this high PL efficiency to
the improvement of structures in inner silicon nanocrystals and at Si/SiO2 interfaces. In
particular, strain release and perfect stoichiometry in the oxide matrix lead to less nonradiative states.
Further experimental studies have shown that the absorption and luminescence
properties of oxide embedded Si and Ge nanocrystals are governed by i) the size, shape,
and spatial arrangement of Si nanocrystals, ii) the atomic structure, bonding, and defects
at Si-Ge-SiO2 interfaces, and iii) the atomic structure and composition of SiO2 matrices.
These observations clearly demonstrate that the visible light emission from the lowdimensional Si and Ge systems originates from not only quantum confinement but also
composition and bonding configuration at Si-Ge-SiO2 interfaces and SiO2 matrices.
Therefore, atomistic manipulation of the Si-Ge-SiO2 nanosystems, armed with an

2

accurate assessment of the structure-property relationships, will offer an enormous
opportunity to accelerate the development of Si/Ge-based optoelectronic devices.

Figure 1.1: A close-up view of the apparatus used to demonstrate optical gain in silicon.

Nonvolatile semiconductor memories have become the dominant memory concept
for portable devices. Flash-memory devices are one approach to implement nonvolatility
into CMOS-process technology. The current floating-gate non-volatile memory (FG
NVM) technology has reached a limit of scaling due to electron tunneling. A new
technology based on nanocrystals proposed by Tiwari et al [8,9] has showed promise as
an alternative to the current Flash memory technology. The nanocrystal flash memory is
3

based on a metal-oxide-semiconductor field-effect transistor (MOSFET) in which the
gate dielectric is replaced by a semiconductor nanocrystal embedded dielectric layer,
[8,9] as shown in Fig. 1.2 The devices utilize i) quantum tunneling from the substrate to
the nanocrystals across a thin tunneling oxide and ii) storage of the transported electrons
in the nanocrystals. The use of a floating gate composed of isolated nanocrystals reduces
problems of charge loss encountered in conventional Flash memories. This allows for
thinner injection oxides and, in turn, smaller operating voltages, better endurance, and
faster write/read speeds.

Figure 1.2: Schematic and TEM [10] picture of a nanocrystal memory cell.

The performance and success of such memory structure strongly depend on i) the
process for making uniform and reproducible thin tunnel oxides and ii) the characteristics
of embedded nanoparticles (such as crystallinity, size, shape, orientation, and spatial
4

distribution) that influence both the potential energy of trapped electrons and the
Coulomb blockade energy, which prevent the injection and storage of more electrons. [8]
For example, one significant technology roadblock for the applications in nonvolatile
memory devices is the length of charge retention time. Recently, Shi et al. [11] has
demonstrated that a long charge retention time in silicon nanocrystals can be achieved by
introducing a certain number of deep trapping centers in nanocrystals and decreasing the
states at Si/SiO2 interfaces.
Embedded Si and Ge nanocrystals have mainly been produced by i) deposition of
Si or Ge nanoclusters on insulator followed by top insulator layer growth, ii) negative Si
or Ge ion implantation into insulator followed by high-temperature thermal annealing,
and iii) deposition of Si or Ge rich insulator layers followed by high-temperature thermal
annealing. While the ability to control the structural properties is currently lacking, it is
timely to develop the fundamental understanding of nanocrystal nucleation and growth.
Experiments may provide many clues to the atomistic properties and behaviors
involved in the synthesis and characterization of nanostructured materials, but their
interpretations often remain controversial due largely to difficulties in direct
measurement.

While current experimental techniques are still limited to providing

complementary atomic-level, real space information, comprehensive multiscale modeling
based on first principles quantum mechanics, with proper experimental validation, can
contribute greatly to i) elucidating the underlying mechanisms of the synthesis and
manipulation, ii) understanding the structure and structure-property relationships, and iii)
improving existing (or developing new) process technologies.

5

1.2

OBJECTIVES
This work intends to develop a multiscale computational model to study the

formation and structure of oxide-embedded Si/Ge nanocrystals.

The computational

approach will integrate various state-of-the-art theoretical techniques at different time and
length scales including: first principles Quantum Mechanics (QM), Molecular Mechanics
(MM), and Monte Carlo (MC). The primary focus of this research lies in i) increasing
our understanding of the underlying mechanisms of Si and Ge nanocrystal formation in
Si/Ge-rich SiO2 and ii) development of an integrated computational model capable of
predicting the size, shape, and spatial arrangement of Si and Ge nanocrystals; the atomic
structure and bonding at Si-Ge-SiO2 interfaces; the structure, composition, and bonding
of SiO2 matrices.
Thus far, the standard Ostwald ripening model [based on excess Si/Ge diffusion]
and agglomeration in SiOx (x <2) has been widely adopted to explain the Si and Ge
nanocrystal synthesis.[12]

However, this model often fails to explain experimental

observations6 including: i) strong dependence of Si particle size on initial Si
supersaturation and ii) rapid agglomeration of Si nanoparticles at the initial stage of
thermal annealing.

Furthermore, no theoretical model is currently available for the

description of atomistic details about embedded particle shape evolution, oxide matrix
composition, and Si-Ge-SiO2 interface structures.
Development of a comprehensive theoretical model for the embedded nanocrystal
formation and structures requires a deep understanding of the fundamental processes
involved in the nanocrystal synthesis, such as i) strain and chemical effects on stability
and diffusion of O and Si atoms in an oxide matrix, ii) crystallization of Si nanoparticles,
6

and (3) (defect-associated) lattice relaxation and transformation of amorphous Si particles
and SiO2 matrices, and their effects on Si and O atom diffusion. While such fundamental
understandings are currently lacking, accurate assessment of these fundamental behaviors
and properties can be made using first principles quantum mechanics and classical force
field based molecular dynamics/Monte Carlo simulations. The fundamental information
and data from the atomic-level simulations can be further used to develop kinetic models
and as input into kinetic Monte Carlo simulations of nanocrystal synthesis and
modification. The KMC simulation results of particle shape, size distribution, density,
and spatial arrangement can directly be compared with experimental observations for the
validation purpose.
1.3

ORGANIZATION OF THE DISSERTATION
This dissertation is organized as follows:
In chapter 1, the background and objectives are presented.
In chapter 2, we present theoretical methods used in this study. We discuss “data

transfer” based multiscale modeling and simulation, followed by the

Continuous

Random Network model, First Principles Quantum Mechanics and Kinetic Monte Carlo
methods.
In chapter 3, we present multiscale modeling of oxide embedded silicon
nanocrystals. We first present the fundamental behavior and properties identified using
first principles quantum mechanical calculations, which include major driving force for
Si nanocrystal formation in a silicon suboxide matrix and diffusion of Si and O species.
We then describe our Kinetic Monte Carlo (KMC) model and KMC simulation results of
silicon nanocrystals growth.
7

In chapter 4, we present multiscale modeling of Ge nanocrystal growth. We first
discuss bond-mixing energies in a solid Si-Ge-O system. Then, we present the structure,
bonding and diffusion of Ge atoms in crystalline Si, SiOx, SiO2 and amorphous SiO2
bulks, as well as at the a-SiO2/c-Si interface. In the last section, the results of Ge
nanocluster formation from our Metropolis Monte Carlo simulations are presented.
In chapter 5, we present our first principles study of silicon oxidation. Based on
density functional calculations, we propose a mechanism for the emission of silicon
lattice atoms and their incorporation into the SiO2 network during thermal oxidation. We
also discuss how free silicon interstitials can be generated and how they diffuse to the
silicon layer and cause oxidation enhanced diffusion of dopants.
In chapter 6, we summarize the contributions of this thesis to increasing our
understanding of the synthesis of oxide embedded Si and Ge nanostructures, with some
recommendations for future studies.
1.4
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Chapter 2: Theoretical Methods
2.1

MULTISCALE MODELING
Multiscale modeling usually consists of a hierarchy of numerical models

operating at different length and time scales, including first principles quantum
mechanics, classical molecular dynamics, Monte Carlo, and finite element methods.
Typically, there are two strategies for multiscale modeling: parallel or sequential. In the
parallel or concurrent scheme, multiple scales are considered simultaneously. In the
sequential modeling approach, data or information are inductively transferred from a
lower scale to an upper scale. The selection of either the parallel or sequential approach
depends on the underlying physics of the target system. When the scales are strongly
coupled, the parallel modeling is appropriate, whereas the sequential approach is
generally the choice if the scales are weakly coupled. [1] The field of parallel multsicale
modeling is still very new, and there are only a few successful examples. Most multiscale
modeling methods referred in the literature are sequential in nature.
The time and length scales required for describing Si/Ge nanocrystal formation in
an oxide matrix are far beyond the capability of accurate first principles quantum
mechanics (QM) methods. This requires larger scale simulation methods like Kinetic
Monte Carlo, but their reliability strongly depends on the availability of fundamental
information and data. Extraction of reliable and significant physical information from
first principles QM calculation is the prerequisite for the success of higher level models.
The study of physical behavior and properties, in turn, relies on a sound physical
10

structural model. We have to resort to classical force-field based Monte Carlo/Molecular
Dynamics to generate such structural models. Although all these models are inter-related,
they can be done separately with inputs from models at other levels. Hence, we will use a
sequential Multiscale Model to address the growth of oxide embedded nanocrystals.
In the following sections, computational techniques used in this multiscale
modeling will be described.
2.2

CONTINUOUS RANDOM NETWORK MODEL FOR AMORPHOUS SYSTEMS
Over the past twenty years, significant efforts have been devoted to understanding

the properties of amorphous systems due to their potential applications in various
electronic and chemical devices. Defect-free structures of amorphous semiconductors and
their oxides can be well represented by the continuous-random-network (CRN) model
introduced by Zachaiasen.[2] Polk [3] generated first CRN-based amorphous cluster
structures, however, they suffered not only the awkward problems posed by free surfaces
but also the bias inherent in any hand-built model. With a new computer algorithm,
Wooten, Winer and Weaire [4] successfully generated a CRN model structure of
amorphous Si with periodic boundary conditions back in 1985. By employing a basic
“bond switch” mechanism, they elegantly produced perfect fourfold coordinated
amorphous Si structures, in excellent agreement with experiments. Fig 2.1 shows a
typical WWW bond switch mechanism. In 2000, Barkema and Mousseau [5] improved
the WWW algorithm by coupling local and global relaxation, which allows the
generation of realistic amorphous silicon structures with a size up to 4096 atoms.
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Figure 2.1: A typical bond switch considered in amorphous Si. Four atoms A, B, C and D
are selected in the initial structure as shown on the left; two bonds, AB and CD are
broken while atoms A and D are reassigned to C and B, respectively, to create two new
bonds (right panel).

Based on the CRN model, we develop a computational code to generate: i)
amorphous silicon structure, ii) amorphous silicon dioxide structure, iii) interfaces of aSi/c-Si and a-SiO2/c-Si and surface of amorphous SiO2, iv) oxide embedded silicon
nanoclusters and nanocrystals. Using these structures, we have studied the fundamental
behavior and properties of amorphous silicon and oxide systems, including silicon and
oxygen atom diffusion in the amorphous layers and vacancy and interstitial structure and
dynamics at the interfaces.
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2.2.1

Structure of amorphous silicon
To generate an amorphous silicon structure, we first put a certain number of

atoms randomly in a cubic box. The size of the box is chosen to make sure that the
structure has the same density as reported experimentally. Then we assigned four
“neighbors” for each atom. The choice of neighbors is based on the consideration that no
three or four member rings are allowed and the nearest atoms undercoordinated are
chosen as neighbors. We use the basic WWW bond switch mechanism with Keating-like
potentials for inter-atomic interactions. The initial structure is highly “strained” since
there are some unrealistic neighbor pairs. However, local strain is quickly relieved after
allowing bond transpositions at 5000K. We continue the relaxation until the bond angle
deviation reduces to 12 degree. This system is further relaxed at 3000K. In general, it
takes 300,000 more steps to obtain a structure with the same characteristics as reported
experimentally.
Figure 2.2 (a) shows a 216 atom amorphous silicon structure generated using our
CRN model. In Fig 2.3, we compare the radial distribution function (RDF) of the
simulated structure with experimental observation. [6] Both the positions and amplitudes
of the first three peaks and the overall trends are in excellent agreement. The average
bond angle and bond angle deviation are 109.2° and 10.1°, also consistent with 109.3°
and 9.6°, as observed experimentally. [6]
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2.2.2

Structure of amorphous silicon dioxide
A similar procedure is applied to generate the structure of amorphous silicon

dioxide. Besides the Keating-like potentials, [7] another penalty energy is introduced to
prevent the collapse of the structure. Although all silicon and oxygen atoms are perfectly
coordinated, it is possible that they may have more than four or two neighbors,
respectively, within the second nearest neighbor separation. In such a case, there is a
strong repulsive interaction between these atoms and their unbonded neighbors. The
penalty energy is thus added to penalize Si and O atoms with unbonded atoms within
such a distance. After the initial random positioning of silicon and oxygen atoms in a
cubic box and the assignment of neighbors, the system is annealed at 5000K without the
penalty energy term. When the system reaches equilibrium at 5000K, annealing is
continued at 3000K with the penalty energy until the structure reaches a new equilibrium
state. Fig 2.2 (b) shows the structure of amorphous silicon dioxide. The average Si-O-Si
bond angle and the bond angle deviation of computed a-SiO2 structures are ≈ 136o and ≈
15o, respectively, in good agreement with experimental measurements. [8]
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(a)

(b)

Figure 2.2: Structures of (a) amorphous Si and (b) amorphous SiO2. Big and small balls
represent Si and O atoms, respectively.
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Figure 2.3: Comparison of the radial distribution function (RDF) of amorphous silicon
generated using our CRN model (upper panel) with that from Laaziri et al’s experiment
(lower panel).
2.2.3

Interfaces and surfaces of a-Si/c-Si and a-SiO2/c-Si
We take the following steps to generate amorphous-crystalline silicon interface

structures. Starting with a perfect crystalline silicon structure, we randomize one section
of the system via bond switching at a high temperature while fixing the rest of the region.
16

Annealing is continued in the disordered region at 3000K until its structure characteristics
are consistent with experimental amorphous silicon. Then, the whole system is relaxed.
The generation of a-SiO2/c-Si interface takes similar steps. The starting structure
is crystalline β-crystobalite on c-Si. The SiO2 is compressed in x- and y- directions and
stretched in the z- direction in order to constrain the silica to match the crystalline silicon
substrate in x- and y- directions while keeping the experimental amorphous SiO2 density.
Monte Carlo bond switching is performed in the oxide at a relatively high temperature to
amorphize the oxide. We then perform unconstrained MC switching in the entire system
at a temperature of 1000K until the structure of a-SiO2 is the same as that of bulk silica.
The a-Si/c-Si and a-SiO2/c-Si interface structures are shown in Fig 2.4.
The understanding of surface structure and morphology is of fundamental
importance. Detailed knowledge of surface morphology will enable us to explain and
predict surface reaction mechanisms. Using CRN model, we can construct structures of
different surfaces, such as SiO2/Si, Si3N4/Si. The procedure is similar to that for the
interface structure generation. Fig 2.5 shows the surface morphology of a-SiO2/c-Si. The
surface of a-SiO2 shows a fluctuation of up to 3 atomic layers.
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(a)

(b)

Figure 2.4: (a) a-Si/c-Si interface and (b) a-SiO2/c-Si interface structures generated using
our CRN model. The big light balls are silicon atoms and small dark balls are oxygen
atoms.
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Figure 2.5: Surface morphology of a-SiO2/c-Si system. Big balls are silicon atoms and
small balls are oxygen atoms.
2.2.4

Oxide embedded silicon nanoclusters
The unique properties of silicon nanoclusters (nc) are determined by many

factors, including size, size distribution, shape, particle density, interface states between
nanocrystals and SiO2 matrix and dopants in the oxide matrix. Many questions remain
unresolved, such as, which interface states and structures are responsible for the redshifts
in the bandgap of Si nanocrystals, [9] why substitional dopants (boron or phosphorous)
can quench the photoluminescence, [10] what trapping centers exist in the nanocrystal to
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keep the electrons when nanocrystals are charged, [11] and so forth. Earlier theoretical
studies of structure-properties relationships have been performed with hydrogenated Sinc, [12] isolated oxygen passivated Si-nc [13,14] or Si-nc embedded in a strained
crystalline SiO2 matrix. [15] A study of more realistic oxide embedded Si-nc structures
will be necessary to find out true PL mechanisms.
We generate oxide embedded silicon nanoclusters using the following approach.
We start with a cubic periodic silicon crystal or well-relaxed amorphous silicon structure.
Oxygen atoms are inserted in all the Si-Si bonds except those in one spherical region at
the center. The coordinates of the outer shell are then scaled to match the density of
amorphous SiO2, while the center core is fixed. Bond switches are then performed at a
high temperature of 20000K to liquefy the amorphous oxide shell. The system is then
annealed at 1000K until the structure characteristics resemble those of amorphous SiO2.
During the first two stages, the center region is kept fixed. In the final stage, the whole
system is relaxed and oxide embedded silicon amorphous or crystalline nanoclusters are
generated, as shown in Fig 2.6. These structural models of nanocrystals will enable us to
study the optical and electronics properties of oxide embedded nanocrstals and clarify
and explain experimental findings.
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Figure 2.6: Oxide embedded amorphous (left) and crystalline (right) Si nanoclusters. Si
atoms in the nanoclusters are shown in green.
2.3

FIRST PRINCIPLES QUANTUM MECHANICS

2.3.1

Density functional theory
Our first principles calculations are based on density functional theory (DFT).

[16,17] The DFT method is currently the most successful and widely used approach for
the prediction of geometric and electronic structures of many solid-state and molecular
systems. In 1964, Hohenberg and Kohn [16] reported the modern formulation of density
functional theory proved, where all properties of a quantum many-body system can be
considered as unique functionals of a basic variable, the ground state density of particles.
In the Kohn and Sham approach, [17] the insurmountably complex problem of deriving
the energy functional of the systems of interacting electrons was replaced with that for
non-interacting electrons moving in the effective potential. The difference between
21

kinetic energy of interacting and non-interacting electrons is represented by the
functional of charge density called exchange-correlation energy (Exc[n(r)]). This
approach results in the formulation of the set of equations, known as Kohn-Sham (KS)
equations. The simplest approximation to Exc[n(r)] is the local-density approximation
(LDA). [17] It assumes that Exc[n(r)] is simply an integral over all space with the
exchange-correlation energy density at each point assumed to be the same as in a
homogeneous electron gas with that density. The LDA is generally very successful in
predicting structures and some properties, but their limitations are very obvious in some
cases as well. For example, the band gaps in semiconductors and insulators are
systematically underestimated and the cohesive energies are significantly overestimated.
Hence, the generalized-gradient approximations (GGA) [18,19] have been introduced by
considering the dependence of exchange-correlation function on the local variations of
the electron density. In the GGA, there is an explicit dependence of the Exc[n(r)] on the
gradient of the electron density. In order to reduce the problem of finding the total
energy of an infinite system with an infinite number of electrons to the problem with the
finite number of electrons moving in the periodic potential, the periodic cell
approximation is used. The Bloch’s theorem allows the expansion of the electronic wave
function at each k-point in the Brillouin zone as a series of plane waves. To expedite the
computation, this expansion usually includes only the plane waves with a kinetic energy
less than a certain cutoff energy. The KS equations are solved self-consistently for the
ground state of the non-interacting electrons in effective potentials. [18,20] Only outershell electrons are considered while core electrons are replaced with a pseudo-potential.
Special k-point sampling scheme proposed by Monkhorst and Pack, [21] symmetry
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considerations and the electron smearing methods allow to reduce the number of k-points
in the Brillouine zone considerably. Ultrasoft Vanderbilt pseudopotentials [22] result in a
smaller set of the plane waves needed for the accurate representation of the electronic
wavefunctions. The atoms in the supercell are fully relaxed using a conjugate gradient or
quasi-Newton algorithm until all residual forces on the atoms become sufficiently small.
2.3.2 Charge density topology
We apply the quantum theory of atoms in molecules (QTAM) [23-25] to
characterizing the bonding mechanism in our systems. From an analysis of the
topological properties of calculated electron densities, we could obtain some insight into
the nature of bonding.
Along with a charge density ρ and its gradient∇ρ, the Laplacian ∇2ρ provides
physical and at the same time concise basis for classification of atomic interactions.
According to the quantum mechanical virial theorem for the stationary state,

− L(r ) = V (r ) + 2T (r )
where
L(r ) = −

h2 2
∇ ρ
4m

is the Lagrangian density, and V(r) and T(r) are the constituent potential and kinetic
energy densities, respectively. By definition, kinetic energy is positive everywhere and
potential energy is negative everywhere. Thus, the sign of ∇2ρ shows the relative local
excess of kinetic or potential energy density in a certain space region compared to their
average virial ratio of two to one.
A typical sign of a closed shell bonding is the region of the positive sign of the
Laplacian between two interacting atoms. It indicates a relatively large kinetic energy
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contribution and local charge depletion in this region of space. The regions of the
dominance of the potential energy and the charge accumulations are separately localized
near interacting atoms.
The negative sign on the Laplacian indicates that energy of the sytem is lowered
due to the local excess of potential energy. In this type of interaction we observe charge
sharing between two nuclei, a characteristic of a covalent or a polar bond.
A charge density along the Atomic Interaction Line (AIL) between bonded atoms
attains maximum with respect to any lateral displacement from the AIL. The negative
sign of Laplacian indicates charge accumulation, hence the Valence Shell Charge
Concentration (VSCC) regions can be defined as the regions where ∇2ρ < 0. Local
maxima of -∇2ρ close to for far from the AIL show correspondingly a bonded or nonbonded charge concentrations.
The Laplacian of ρ is calculated as the sum of the eigenvalues of the matrix of the
second derivatives (Hessian) of ρ. For the plane-wave basis pseudopotential method the
accuracy of the calculation of the Laplacian largely depends on the size of the FFT mesh
used for representation of the charge density. To circumvent the disadvantage of using
plane-wave basis code for the charge topology analysis the values of the Laplacian are
interpolated between mesh points. To identify the number of Laplacian maxima of the
structure and their relative position to the AIL we examine the surfaces with the constant
value of ∇2ρ.
2.3.3

Electron localization function

The original definition of electron localization function (ELF) was introduced by
Becke and Edgecombe [26] in 1990 as a "simple measure of electron localization in
atomic and molecular systems". The formula is based on the Taylor expansion of the
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spherically averaged conditional like-spin pair probability density to find an electron
close to a same-spin reference electron. The main aspect of this formulation is that thusdefined ELF is a property of the same-spin pair density.
The same-spin pair probability density P2(r, r') is the probability density to
simultaneously find two like-spin electrons at positions r and r'. In the Hartree-Fock
(HF) approximation:
P2(r, r') = ρ(r) ρ(r') − |ρ1(r, r')|²
The conditional same-spin pair probability density Pcond(r, r') is the probability
density to find an electron at some position r' if a like-spin reference electron is located
with certainty at position r. In Hartree-Fock (HF) approximation:
Pcond(r, r') = ρ(r') − |ρ1(r, r')|² ⁄ ρ(r)
where ρ(r) and ρ(r') are electron densities, and the σ-spin one-particle density
matrix ρ1(r, r') of the HF determinant:
ρ1(r, r') = ∑iσ ψi*(r')ψi(r)
where the summation runs over all occupied σ-spin (i.e. either up or down spin)
orbitals ψi(r).
The probability density to find a like-spin electron at a distance d from the
reference point r can be found by a Taylor expansion of the spherically averaged
conditional same-spin probability density Pcond(r, d) (the spherical average is on a shell
of radius s around the reference point r). The leading (quadratical) term of the Taylor
expansion of the spherically averaged conditional same-spin probability density is:
Pcond(r, d) = 1⁄3 [∑iσ |∇ψi(r)|² − ¼ |∇ρ(r)|² ⁄ ρ(r)] d² + ...
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Becke and Edgecombe associated the localization of an electron with the
probability density to find a second like-spin electron near the reference point. The
smaller this probability density, i.e. the smaller the expression
D(r) = ∑iσ |∇ψi(r)|² − ¼ |∇ρ(r)|² ⁄ ρ(r)
of the first term, the higher localized an electron is. Thus, the Pauli repulsion
between two like-spin electrons, described by the smallness of D(r), is taken as a measure
of the electron localization. Using the corresponding factor found for uniform electron
gas Dh(r), Becke and Edgecombe defined ELF as follows:
ELF(r) = 1 ⁄ [1 + χ²BE(r)]
with
χBE(r) = D(r) ⁄ Dh(r)
where
Dh(r) = 3/5 (6π²)2/3 ρ(r)5/3
Thus, the ELF values for ELF(r) are bound between 0 and 1.
In the paper of Becke and Edgecombe the ratio χBE(r) was attributed to a
dimensionless localization index calibrated with respect to the uniform electron gas. It
should be pointed out that this reference was arbitrary. The only measure of the electron
localization is D(r). In this sense, ELF is a relative measure of the electron localization.
High ELF values show that at the examined position the electrons are more
localized than in a uniform electron gas of the same density. ELF(r) = 1⁄2 indicates that
the electron localization is the same as in the uniform electron gas of the same density.
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2.3.4

Nudged elastic band method

Diffusion pathways and barriers are calculated using the nudged elastic band
method (NEBM), [27,28] which has been successfully applied to different systems with
both DFT codes [29] and empirical potentials. [30] In this method, the reaction pathway
and saddle points are determined based on a series of images interpolated between two
local minimums. A spring interaction between the adjacent images is added to true ionic
forces to keep the images at a roughly equal distance. Then, the projection of each force
in the direction parallel and perpendicular to the path is performed and only the
perpendicular component of the true ionic forces and the parallel component of the spring
force are included in the NEBM relaxation. The optimization of the band (the series of
images), which involves the minimization of the force acting on the images, brings the
image band to the minimum energy path (MEP) (Figure 2.7). The projection of the force
is essential for the success of this method. Without the projection, the perpendicular
spring force will prevent the band from following a curved MEP (because of “cornercutting”) and the parallel true ionic force will cause the images to slide away from the
high energy regions toward local minima.
2.4

KINETIC MONTE CARLO MODEL

The Kinetic Monte Carlo (KMC) method is a variant of the conventional Monte
Carlo (MC) technique. With conventional MC simulations one can obtain equilibrium
structures for a relatively large and complex system, but the intermediate structures
generated in the simulation does not reflect the actual dynamical path that the system
undergoes.

Knowledge of the actual path is essential in understanding and controlling
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the fundamental processes occurring in the system of interest. The idea behind KMC is to
relate MC steps to real time such that the dynamics of the system can be described.

Relaxed Band

Initial Band

Figure 2.7: Illustration of the NEBM method. 1 and 2 are the initial and final states,
respectively. The initial guess of the reaction pathway is different from the minimum
energy path (MEP). After relaxation, the pathway is converged to the MEP.

In principle, this algorithm is only applicable if all the events and their rate
constants are known in advance. In complex systems, identifying kinetic pathways and
their frequencies can be very demanding since the frequency information cannot be
known exactly and possible pathways may be enormous. In addition, consideration of all
the events may make simulation intractable. For example, when events on dramatically
different time scales are considered, intolerable computation time is needed for even one
single slow event to happen, which inhibits the simulation of such systems at a long time
scale. To expedite the simulation, it is necessary to identify important events in the
28

system while ignoring minor events which influence insignificantly the physical and/or
chemical evolution of systems.
In a KMC simulation, the probability for a certain event is not governed by the
Boltzmann probability but by its relative rate that quantifies how often it happens
relatively. There are several KMC algorithms. [31-33] The most popular one is on the
basis of the so-called n-fold sampling algorithm, [34] where the probability and the
selection of an event are given by its rate constant divided by the sum of the rate
constants of all events considered, i.e., the “total” rate constant. Figure 2.8 shows the
schematic for a kinetic Monte Carlo simulation.
During each iteration, an event is chosen to happen according to its probability
and the time clock is advanced according to the following equation:

∆t = -lnµ/∑Ri
where, µ is a random number from 0 to 1, Ri is the rate constant for the ith event.
As stated previously, the accuracy of KMC simulations depends on the
knowledge of all important processes and their rates. To build a KMC model for
nanocrystal growth, we should identify first important elementary processes occurring in
silicon suboxide system and with their rates, including i) diffusion rate of oxygen atoms,
ii) diffusion rate of silicon atoms, iii) rearrangement rate of silicon clusters, iv)
crystallization rate of amorphous silicon, and so on. This information can be extracted
from first principle QM calculations.
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Set up the system and event table

Generate R1 to select an event type
Generate R2 to select a specific event

Let the event happen and advance the time clock

Update the event table and system

No
Meet the criterion?
Yes
Finish the simulation
Analyzing the data

* R1, R2 are random numbers

Figure 2.8: Schematic of a Kinetic Monte Carlo simulation.
2.5
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Chapter 3: Si Nanocrystal Growth in SiOx
3.1

INTRODUCTION
The discovery of efficient room temperature luminescence from Si nanocrystals

embedded in a SiO2 matrix [1,2] has generated significant interest in the embedded Si
nanocrystals system because of its potential applications in electronic, optoelectronic, and
optical devices in Si-compatible technology. [3-7] Earlier experimental investigations
have suggested the absorption and luminescence properties of the embedded nanocrystal
systems would be governed by a complex combination of: nanocrystal sizes, shapes, and
size distributions; crystal-matrix interface structures, bonding, and defects; and matrix
structure and composition.[8] This may imply that atomic-level control of such structural
properties, together with accurate assessment of structure-property relationships, would
offer great opportunities in the development of Si-nanocrystal based novel devices.
However, many fundamental aspects of the synthesis of oxide embedded Si nanocrystals
are still poorly understood, despite significant efforts over recent years.
Oxide embedded Si nanocrystals have largely been synthesized by hightemperature annealing of Si-rich SiO2. [9-12]Thus far, the nanocrystal formation has been
described by a sequence of fundamental processes such as nucleation, growth, and
Ostwald ripening of Si precipitates in the oxide matrix. [12,13] This model however often
fails to explain experimental observations, [12] including strong dependence of Si cluster
size on initial Si supersaturation and rapid formation of Si clusters at the early stages of
annealing with very slow ripening. Note that, according to the Ostwald ripening theory,
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the cluster size is primarily determined by the difference in thermal stability between
different sizes of clusters, rather than the initial condition. In addition, the major driving
force for as well as the relative contribution of Si and O diffusion to the nanocrystal
formation have not been clarified.
In this work, we attempt to identify mechanisms underlying Si nanocluster
formation in a Si suboxide matrix during high-temperature thermal treatment. Using
Denisty Functional Theory (DFT) [14,15] calculations, we first studied how Si and O
diffusion in the oxide system. Then we identified the driving force for the suboxide phase
separation. Based on these fundamental findings, we used a Kinetic Monte Carlo model
to study the formation of Si clusters in Si-rich SiO2, with the comparison between our
simulation results and earlier experimental observations.
3.2

FUNDAMENTAL BEHAVIOR AND PROPERTIES

3.2.1

Computational details
Crystalline SiO2 (α-quartz) is modeled using a 72-atom supercell with lattice

constants of a = 4.917 Å and c = 5.430 Å. Amorphous SiO2 (a-SiO2) is constructed using
a continuous random network (CRN) model.[16] Starting with randomly distributed 25
Si and 50 O atoms in the supercell with a fixed experimental density of 2.2 g/cm3, the
SiO2 system is relaxed via a sequence of bond transpositions using the Metropolis Monte
Carlo method based on Keating-like [17] interatomic potentials.

The amorphous

structures are further relaxed using density functional theory calculations (as detailed
below). The average Si-O-Si bond angle and the bond angle deviation of computed a-

35

SiO2 structures are ≈ 136o and ≈ 15o, respectively, in good agreement with experimental
measurements. [18]
For most studies reported in this chapter, the atomic structures and total energies
are calculated using a planewave-basis pseudopotential method within the generalized
gradient approximation (GGA) [19] to density functional theory (DFT), as implemented
in the Vienna Ab-initio Simulation Package (VASP).[20] We use Vanderbilt-type
ultrasoft pseudopotentials,[21]

with a planewave cutoff energy of 300 eV.

The

convergence of atomic structure and energetics with respect to the plane-wave cutoff
energy is carefully checked by increasing to 400 – 450 eV, but the variation of relative
energies turns out to be less than 0.1 eV, with unnoticeable changes in atomic structure.
We use a (2×2×2) mesh of k points in the scheme of Monkhorst-Pack [22] for the
Brillouin zone sampling, yielding well-converged results. All atoms are fully relaxed
until all residual forces on each constituent atom become smaller than 0.02 eV/Å
For the study of relative energies in the amorphous suboxide systems, we generate
structures using the following approach. Starting with a series of randomized
configurations with O:Si ratio ranging from 0 to 2, bond transpositions were performed at
the system temperatures of 5000 K, 3000 K and 1000 K sequentially with 850 N, 600N,
and 200N trials, respectively, (where N is the total number of atoms in the supercell).
From these calculations, we obtained: an average bond angle of ≈ 109.2°, and bond angle
deviation of ≈ 10o for a-Si; and the average Si-O-Si bond angle of ≈ 136° and bond angle
deviation of ≈ 15° for a-SiO2. These structural factors are in good agreement with
experiments. [18,23] Then, we used the planewave density functional theory (DFT)
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program VASP [20] to further relax the CRN model structures and reevaluate their total
energies.
We calculate diffusion pathways and barriers under the static approximation using
the nudged elastic band method (NEBM). [24,25] We first consider sixteen images along
a diffusion path for the initial sampling, and then apply the climbing NEBM method [26]
to determine the saddle point precisely. We analyze bonding mechanisms using the
electron localization function (ELF) as proposed by Becke and Edgecombe. [27] The
ELF represents the probability of electron pair localization and can take on values
ranging from 0 to 1, where ELF = 1 corresponds to perfect electron pair localization and
ELF=1/2 corresponds to homogeneous electron gas-like pair probability.
3.2.2

Structure and diffusion of excess silicon atoms in SiO2
In this section, we present the structure, diffusion, and bonding mechanisms of

single Si atoms introduced in amorphous SiO2 as well as crystalline quartz based on
density functional theory calculations. Si diffusion in SiO2 has been extensively studied
both experimentally and theoretically, [28-33] but the underlying diffusion mechanism is
still unclear. Recent experiments [31,32] have shown that Si diffusion coefficients under
equilibrium conditions are two orders of magnitude lower than those under nonequilibrium conditions (where Si atoms are presented in excess.) Si diffusion (under
equilibrium) in thermally grown a-SiO2 has been described taking into account SiO
molecules generated at the Si/SiO2 interface. [33] However, the influence of excess Si
atoms on the Si diffusion coefficient has not yet been fully clarified. In addition, to the
best of our knowledge no measurement of Si diffusion in α-quartz under non-equilibrium
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conditions is available. In reality, indeed introduction of excess Si atoms in crystalline
quartz seems rather unlikely.

Nonetheless, this comparative investigation between

amorphous SiO2 and α-quartz will assist in better understanding the behavior of excess Si
atoms in amorphous oxide layers.
As illustrated in Fig. 3.1, we identify three stable configurations of a single Si
atom introduced in α-quartz:
(1) Fourfold Coordinate (FC) where the Si atom is bonded to neighboring two Si
and two O lattice atoms by breaking two Si-O bonds;
(2) Bond Center (BC) where the Si atom is located at the center of a Si-O bond;
and
(3) Ring Center (RC) where the Si atom is located at the center of a six-member
ring by weakly interacting with neighboring Si and O lattice atoms.
Figure 3.1 (a) and (b) shows two different FC structures, associated respectively
to the third [C and F] and the second [A and C] Si neighbors on a six-member ring.
Hereafter the former [(a)] and the latter [(b)] are referred to as FCI and FCII. The FCI
structure causes less lattice distortions than the FCI structure, thereby 0.34 eV more
favorable energetically. The α-quartz structure yields two slightly different Si-O bond
lengths, e.g., D-1 (d = 1.62 Å) and C-1 (d = 1.61 Å), as shown in Fig. 3.1 (c) and (d).
Hereafter Si atoms placed at the centers of the longer and shorter bonds are referred to as
BCI [(c)] and BCII [(d)], respectively. It turns out that the BCI and BCII structures are
nearly degenerate, and they are about 0.57 eV less favorable than the most stable FCI
structure. The placement of an excess Si atom at the center of a six-member ring results
in a noticeable inward displacement of neighboring Si and O lattice atoms [Fig. 3.1(e)].
38

The RC structure is predicted to be 1.8 eV less stable than the FCI structure. It is
apparent that FC structures yields larger strain energy than BC and the RC structures.
However, their energy gain over the others by bond formation with adjacent Si and O
lattice atoms appears to exceed the strain energy difference, making the FCI structure
most favorable energetically.
We analyze bonding mechanisms for FC, BC, and RC structures based on
electron localized functions (ELFs), local densities of states (LDOS), and decomposed
charge densities, as shown in Figs. 3.2 and 3.3. For FCI, the ELF analysis [Fig. 3.2 (a);
left panel] clearly demonstrates the excess Si atom bonds covalently with neighboring Si
atoms and ionically with O atoms. The LDOS on excess Si exhibits two sharp peaks
above the valence bond maximum of α-quartz [Fig. 3.3, FCI], which mainly originate
from Si-Si bonds (as demonstrated by corresponding decomposed charge densities [Fig.
3.2 (a); right panel]). The decomposed charge density analysis also shows that some
partial charge is delocalized to populate the lower energy states of neighboring Si and O
lattice atoms, indicating the valence electrons of excess Si are not fully involved in the
formation of new Si-Si and Si-O bonds. In fact, this is not surprising considering
significant lattice distortions induced by the excess Si insertion. For BCI, the ELF
analysis [Fig. 3.2 (b); left panel] clearly demonstrates the formation of covalent and ionic
bonds respectively with Si and O neighbors. Local strain makes the newly formed Si-Si
bond highly distorted, and therefore the Si-Si bond center is displaced away from the
atomic interaction line while moving towards the lattice Si atom. The remaining two
valence electrons of excess Si are localized to form a lone pair, which is evidenced by the
sharp 3p band near the Fermi level [Fig. 3.3, BCI] and corresponding decomposed
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electron densities [Fig. 3.2 (b); right panel].

The RC Si weakly interacts with

neighboring Si and O lattice atoms [Fig. 3.2 (c)].

Figure 3.1: Configurations of excess Si in α-quartz: (a) FCI; (b) FCII; (b) BCI; (d) BCII;
(e) RC. The inset shows the structure of α-quartz. (The fourfold coordinated (FC) and
bond centered (BC) structures are projected on a plane perpendicular to the c-axis, while
the ring centered (RC) and α-quartz structures are on a plane perpendicular to the a-axis.)
An excess Si atom is indicated I, and its neighboring Si (in yellow) and O (in red) lattice
atoms are also indicated accordingly.
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Figure 3.2: Isosurfaces of electron localization functions (at the value of 0.82) (left
panels) and decomposed charge densities (right panels) of (a) the FCI, (b) BCI, and (c)
RC state of excess Si in α-quartz. The decomposed charge densities represent the energy
ranges where two shaded sharp peaks appear in the plot of densities of states (Fig. 3) for
corresponding excess Si states.
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Figure 3.3: Local density of states of excess Si in the FCI, BCI, and RC states, together
with that of lattice Si (Si4+) in defect free α-quartz. The Fermi level for Si4+ is set at 0 eV,
and excess Si DOS plots are aligned at the O 2s band of Si4+.
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Next, we look at the diffusion of excess Si atoms in α-quartz taking into account
the local minimum states identified above, such as FC ↔ BC, BC ↔ BC, BC ↔ RC.
The FC ↔ BC hopping may occur in two ways: FCI ↔ BCII and FCII ↔ BCI. The
corresponding forward/backward barriers are predicted to be 1.8/1.3 eV and 1.7eV/1.5
eV, respectively. We also checked FCII ↔ BCII, but it turns out to be unlikely. For the
BC ↔ BC hopping (over a lattice Si), three different channels are identified: BCI ↔ BCI,
BCI ↔ BCII, and BCII ↔ BCII, with corresponding barriers of approximately 2.6 eV, 1.9
eV, and 2.1 eV. Recall that BCI and BCII are degenerate, so the forward and backward
barriers are identical. The BC↔BC barrier appears to be a function of the bond topology
of O-Si-O neighbors (that are directly involved in the Si diffusion.) For instance, in the
BCI ↔ BCI, BCI ↔ BCII, and BCII ↔ BCII cases, the O-Si-O bond angles (prior to the
excess Si insertion) are 109.7o, 108.5o, and 109.1o, respectively. This suggests the barrier
can be a strong function of the O-Si-O angle. We also calculate a barrier of 1.9 eV for
exchange between the BC Si and adjacent O atoms. Our calculations also predict that
BC↔RC hopping may occur by crossing forward/backward barriers of approximately
1.8/0.6 eV while leading to Si diffusion in the c-axis direction.
Based on these results, we suggest three possible diffusion pathways for excess Si
atoms between two FCI states (that are the possible lowest energy states):
FCI → BCII → BCII → FCI;
FCI → BCII → RC → BCII → FCI; and
FCI → BCII → BCI → BCII → FCI.
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Corresponding overall barriers are predicted to be 2.6 eV, 2.2 eV, and 2.4 eV,
respectively, under the steady state approximation. Note that these diffusion barriers are
much smaller than recent experimental estimations of 5-7.6 eV [28,30,32] and 4.7-5 eV,
[31] respectively, for Si diffusion in stoichiometric SiO2 (under equilibrium) and Si-rich
amorphous SiO2 (under nonequilibrium). This suggests that excess Si atoms in α-quartz,
if they exist, could be more mobile.
We identify stable FC and BC structures of excess Si in a-SiO2. However, the RC
state turns out to be unfavorable simply because of the lack of symmetric six-member
rings in the amorphous layer.

For good statistics, we examine the structure and

energetics of excess Si at many different locations using five different (72-atom) a-SiO2
supercells. We find that the amorphous network can render very stable FC structures
with minimal strain. However, such stable FC sites may not exist as many as FC sites in
crystalline quartz because of the sparse/disordered nature of amorphous oxide structures.
Depending on the local bonding environment, there is a significant site-to-site variation
in the eneregtics of BC sites, as much as 1.5 eV among sampled sites in this work.
Nonetheless, knowing that the energy gain of the FC state over the BC state is mainly
attributed to formation of additional Si-Si and Si-O bonds, we can approximate the
energy difference between fully relaxed FC and BC structures using cluster model
calculations (which may yield minimal strain energies). Thus, as illustrated in Fig. 3.4,
we calculate a model reaction of (OH)3Si-Si-O-Si(OH)3 and (OH)3Si-O-Si(OH)3 to form
(Si(OH)3)2-Si-(O-Si(OH)3)2, which may mimic the transformation of BC to FC by
forming new Si-Si and Si-O bonds while breaking one Si-O bond. In the exothermic
reaction, the energy gain is predicted to be 1.8 eV. This suggests the possible existence
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of very stable FC structures which can be about 1.8 eV more stable than fully relaxed BC
structures. Indeed, such stable FC and BC structures (with a nominal strain energy) could
be generated by lattice relaxation in the (rather flexible) amorphous oxide network.
Recall that, in α-quartz (which has a rigid lattice structure,) the FC state is only about
0.57 eV more stable than the BC state due to larger strain resulting from greater lattice
distortions.

Figure 3.4: Cluster model used to examine the relative stability of BC and FC structures
of excess Si in amorphous SiO2 where the structures are assumed to be fully relaxed.
Big yellow, small red, and small white balls represent Si, O, and H atoms, respectively.

The FC structure yields the Si3+–Si2+–Si3+ charge configuration (with two
adjacent O vacancies); that is, the charge states of the introduced Si and adjacent Si
lattice atoms are 2+ and 3+, respectively. Here, we can expect the migration of a
neighboring O atom to a Si-Si BC site, rendering the Si3+–Si3+–Si3+–Si3+charge
configuration (with two separate O vacancies). Allowing successive O migration to a Si45

Si BC site (and/or O-vacancy diffusion which might not involve O migration), the
introduced Si atom can be fully integrated into the amorphous network, with two separate
Si3+–Si3+ charge configurations, (i.e., two isolate O vacancies). The resulting change in
the suboxide penalty energy is minimal, according to Si4+ = 0.0, Si3+ = 0.24, Si2+=0.51,
and Si+=0.47 in eV, as recently reported. [34] This suggests the separate charge state is
energetically comparable to the FC state, if both are fully relaxed.
Based on these fundamental findings we propose a novel mechanism for Si
diffusion in Si-rich a-SiO2. As illustrated in Fig. 3.5, this diffusion model involves: (a)
O-vacancy diffusion and pairing to form a FC Si structure, (b) transformation from the
FC state to the BC state, (c) Si diffusion jumps between BC sites, (d) transformation from
the BC state to the FC state, and (e) O-vacancy separation. Due to the disordered nature
of a-SiO2, the diffusion barriers exhibit a significant site-to-site variation. However, our
extensive calculations suggest that the overall barrier can primarily be determined by Ovacancy diffusion [(a)] or/and FC → BC reconfiguration [(b)].

In a well-relaxed

structure, the barriers for both O-vacancy diffusion (accompanied by O diffusion) and FC
→ BC reconfiguration are predicted to be approximately 4.5 eV. (We should point out
that O-vacancy migration could also occur following the bistable behavior24 with a lower
barrier than O hopping.) The barrier for Si diffusion between BC sites varies from 2.2 eV
to 3.2 eV, depending on the local geometry as discussed earlier. Considering the energy
difference of about 1.8 eV between fully relaxed FC and BC structures, the overall barrier
for Si diffusion in Si-rich a-SiO2 in the presence of excess Si atoms is approximated to be
4.5 – 5.0 eV. This is in good agreement with 4.74 ± 0.25 eV as estimated from recent
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experiments in which Si atoms were introduced in excess in stoichiometric SiO2. [31]
We also expect that Si diffusion could take place by forming Si-O pairs,[33] and the
relative contribution between the mechanisms based on Si-O pairs and Si atoms
(proposed herein) depends on the concentration of excess Si atoms, (i.e., the density of O
vacancies). The detailed comparison will be reported elsewhere.
In conclusions, the structure, energetics, bonding, and diffusion of excess Si
atoms in defect-free crystalline quartz and amorphous SiO2 layers have been examined
using planewave basis, pseudopotential total energy calculations.

In α-quartz, three

stable configurations of an excess Si atom are identified: (1) fourfold coordinate (FC)
where the Si atom is bonded to neighboring two Si and two O lattice atoms by breaking
two Si-O bonds; (2) bond center (BC) where the Si atom is located at the center of a Si-O
bond; and (3) ring center (RC) where the Si atom is located at the center of a six-member
ring by weekly interacting with Si and O neighbors. The BC and RC structures are
respectively 0.57 eV and 1.8 eV less favorable than the most stable FC structure. Excess
Si atoms in α-quartz are predicted to undergo diffusion with a moderate barrier of about
2.2-2.6 eV, while their presence and behavior have not been reported experimentally. In
amorphous SiO2, stable FC and BC structures are identified, but the RC state appears to
be unlikely because of the lack of symmetric six-member rings. By virtue of the ease of
bond rearrangement, the amorphous network can yield very stable FC and BC structures
with minimal strain. The fully relaxed FC structure is predicted to be about 1.8 eV more
favorable than the fully relaxed BC structure. The FC structure is further transformed to
two isolated O vacancies via successive O vacancy diffusion, with no significant energy
change. Through this processes, an excess Si atom can be fully incorporated into the
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amorphous oxide network. Based on these fundamental findings, we propose a novel
mechanism for Si diffusion in Si-rich a-SiO2, involving O-vacancy diffusion and pairing,
reconfiguration between FC and BC states, and excess Si diffusion between BC sites.
The overall barrier is predicted to be approximately 4.5-5.0 eV, in good agreement with
recent experimental measurements of 4.74 ± 0.25 eV for Si diffusion in Si-rich
amorphous SiO2.
3.2.3 Oxygen diffusion in Si and SiOx system

3.2.3.1 Oxygen diffusion in silicon
Oxygen is one of the most important impurities in silicon. Understanding the
stability and transport behavior of oxygen in silicon is also essential in modeling of the
formation and growth of oxide embedded silicon nanocrystals. In this section, we
presented the stability and diffusion of oxygen atoms in amorphous silicon from a
combination of first principles and force field calculations. We found that oxygen atoms
can be stabilized in amorphous silicon and the diffusion barrier in amorphous silicon is
about 3.0 eV.
In crystalline silicon, when an oxygen atom comes into the system, the oxygen
atom occupies the bond center site and becomes one oxygen interstitial. [35] In
amorphous silicon, however, due to the strain relaxation, the oxygen atom can be
incorporated into the bond network and become a network oxygen atom. By “network
oxygen atom”, we mean that the oxygen atom has the minimum strain in the amorphous
silicon network.
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Figure 3.5: Proposed diffusion mechanism for an excess Si atom in amorphous SiO2: (a)
O hopping to a Si-Si BC site (or O vacancy diffusion); (b) Si hopping from a FC site to a
BC site, (i.e., FC-to-BC reconfiguration of excess Si); (c) Si hopping from a BC site to a
BC site; (d) Si hopping from a BC site to a FC site, (i.e., BC-to-FC reconfiguration of
excess Si); (e) O hopping to a Si-Si BC site (to create two separate Si3+-Si3+ charge
configurations, i.e., two separate oxygen vacancies). Big yellow and blue balls represent
lattice Si and excess Si atoms, respectively, and small red balls indicate lattice O atoms.
Solid arrow indicates single step events and dashed arrows represent multiple step events
(or a series of single step events).
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To study the relative stability of oxygen atoms in amorphous and crystalline
silicon, we built up an amorphous-crystalline interface structure. There are four layers of
crystalline silicon and eight layers of amorphous silicon.
We sampled about 12 bond center positions from both the crystalline and
amorphous regions and calculated the energies using DFT at the Γ point after the oxygen
insertion. The relative energy with respect to the original silicon-silicon bond length is
plotted in Figure 3.6. The bond length ranges from 2.22-2.45 Å. The silicon-silicon bond
length is the most important indicator of the local strain type. Larger-than-equilibrium
bond length means tensile strain, while smaller-than-equilibrium bond length indicates
compressive strain. As a general trend, the energy decreases as the bond length increases.
This explains why oxygen atoms can be stabilized in amorphous silicon. In amorphous
silicon, there are both regions with tensile strain and regions with compressive strain.
Once the oxygen atoms get into regions with tensile strain, the strain can be released or
the strain increase is less significant compared with the regions with compressive or no
strain. Thus, oxygen atoms can be more stabilized in the tensile-strain region. This may
explain why oxygen atoms always selectively oxidize the grain boundaries (GBs) of a
poly-silicon film and have a positive binding energy [36-38] since grain boundaries are
tensile-strained.
We have done a thorough study of oxygen diffusion in both crystalline and
amorphous silicon layers. Our DFT calculation gives an energy barrier of 2.24 eV for an
oxygen atom diffusion in crystalline silicon, which is in excellent agreement with past
theoretical and experimental [39] results. The same calculations were performed in
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amorphous silicon. It turned out that the energy barriers in amorphous silicon are
scattered with a range from 0.5 ~ 3.0 eV. Obviously, strain plays a role in the oxygen
diffusion in amorphous silicon.

Figure 3.6: Relative energy after the insertion of an oxygen atom vs the original siliconsilicon bond length. The straight line is a guide to the eye.

Experimental results show that higher hydrostatic pressure will accelerate oxygen
precipitation in Czocralski silicon. [40] Using quantum-chemical calculation and a cluster
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method, Gusakov et. al. [41] have demonstrated that higher hydrostatic pressures can
lead to lower oxygen diffusion barriers, but they did not explicitly state the role of strain
in determining the diffusion barriers.

Figure 3.7: Oxygen diffusion barriers in strained crystalline silicon with respect to the
lattice constant.
To study how the strain affects the oxygen diffusion barrier, we set up a series of
crystalline silicon systems with different lattice constants and studied single oxygen atom
diffusion in these systems. The range of lattice constants were chosen to make sure we
have strain ranging from highly compressive to highly tensile. In Fig. 3.7, we show the
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oxygen diffusion barrier change with respect to the lattice constant. Clearly, the oxygen
diffusion barrier increases with the lattice constant. Compressive strain helps reduce the
oxygen diffusion barrier; while with tensile strain, energy barriers will increase.
In amorphous silicon, the oxygen diffusion barriers are scattered as shown in Fig.
3.8. The original Si-Si bond length before oxygen insertion is the major factor affecting
the oxygen diffusion barrier. As a trend, the barrier increases with the bond length. The
bond angle plays a minor role. Larger bond angle usually will lead to higher diffusion
barriers.

Figure 3.8: Oxygen diffusion barriers in amorphous silicon as a function of the bond
length and bond angle of amorphous silicon.
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3.2.3.2 Oxygen diffusion in crystalline silicon oxides
In silicon oxide, oxygen diffusion proceeds also via a simple pathway that
involves O-hopping from a Si-Si bond center to another, which in fact corresponds to Ovacancy diffusion. The barrier turns out to be a strong function of the oxidation state of
the three Si neighbors (which are directly involved in the diffusion, such as SiA, SiB, SiC
as shown in the schematic above Table 3.1). As listed in Table 3.1, the predicted barrier
varies from 2.6 eV, 3.9 eV, to 4.4 eV, respectively, for crystalline Si1+, Si2+, and Si3+
model structures (Fig. 3.9). The diffusion barrier for single O vacancies increases further
to 4.6 eV in c-SiO2. The O-diffusion barriers were calculated using the nudged elastic
band method (NEBM). [24,25] For each case, we initially sampled sixteen intermediate
images between two local minima along a diffusion path, and then determined the saddle
point using the climbing NEBM method. [26]
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Table 3.1: O diffusion barriers (Em, in eV) used in KMC simulations for some selected
events [mnk → (m-1)n(k+1), where m, n, and k are the initial oxidation states of SiA, SiB
and SiC, respectively]. The values in bold are computed using crystalline Si1+, Si2+, Si3+
model structures [23] as well as c-SiO2 (O-vacancy), as indicated. The rest are
approximated by interpolating the computed values.

SiA

SiB

SiA

SiB

SiC

SiC
Total
Oxidation
State

Event;

Em

2

110 → 011 (c-Si)

2.50

3

+

111 → 012 (c-Si )

2.64

4

121 → 022

3.06

5

122 → 023

3.44
2+

6

222 → 123 (c-Si )

3.88

7

232 → 133

4.13

8

233 → 134

4.37

9

333 → 234 (c-Si3+)

4.44

10

433 → 334 (c-SiO2)

4.56
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Si2O

SiO

O Vacancy

Si2O3

SiO2

Figure 3.9: Schematic of structural models for Si2O, SiO, Si2O3, yielding Si atoms in +1,
+2, +3 oxidation states, respectively, together with SiO2 (with an oxygen vacancy as
indicated). The yellow and red balls represent Si and O atoms, respectively.
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3.2.4

Driving force for the phase separation
The theoretical studies in section 3.2.2 have predicted that excess Si atoms in

amorphous SiO2 are likely to be incorporated into the Si-O bond network, rather than
undergo diffusion and agglomeration. This implies that the Si cluster formation in a Si
suboxide matrix can be primarily attributed to a chemical phase separation into Si and
SiO2. Thus, we examined the total energy change of model suboxide matricies by
varying the Si:O ratio in order to identify the major driving force for the phase separation.
We used the continuous random network (CRN) model [16] to construct defectfree amorphous suboxide model structures. Each periodic suboxide supercell consists of
approximately 75 Si and O atoms total, with a volume (V) given by
V = VSi×(NSi – NO/2) + VSiO2×NO/2
where, Nsi and No are the number of Si and O atoms in the supercell and VSi and
VSiO2 are the unit volume of amorphous Si (a-Si) and amorphous SiO2 (a-SiO2). The
values of VSi and VSiO2 are extracted respectively from corresponding experimental
densities of 2.28 g/cm3 [23] and 2.2 g/cm3. [18]
Figure 3.10 shows the variation of the relative energies of a-SiOx (x = 0–2) with
respect to the Si-Si and Si-O bond energies from c-Si and c-SiO2 (β-crystobalite). For
each Si:O ratio, we considered six different atomic configurations, and present their
average values. The energy increases can be decoupled in terms of the changes of
suboxide energies and strain energies:

∆Etotal = ∆Esubox + ∆Estrain.
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The suboxide (penalty) energy, introduced by Hamann, [34] can represent the
increase in Si-Si and Si-O bond energies due to incomplete O coordination. For a given
suboxide system, the total suboxide energy can be evaluated by adding the suboxide
penalty energies associated to the Si atoms in intermediate oxidation states (+1, +2, +3).
[34] Using periodic Si1+, Si2+, and Si3+ model structures (Fig 3.9) , proposed by Hamann,
[34] we obtained the penalty energies of 0.53 eV, 0.56 eV, and 0.28 eV for Si1+, Si2+, and
Si3+, respectively, in good agreement with previous DFT results. [34,42]
The strain energy represents the increase in energy arising from lattice distortions,
associated with bond stretching, bond angle bending, torsion strain, and non-bonding
interactions (such as van der Waals interaction and electrostatic interaction). Here, the
strain energies are simply estimated by subtracting the suboxide energies from the
relative energies.
As shown in Fig. 3.10, the suboxide energy varies in a parabolic fashion, while
the strain energy changes insignificantly with the Si:O ratio. This clearly demonstrates
that the phase separation in a suboxide matrix is mainly driven by suboxide penalty, with
a minor contribution of strain. We however suspect that local strain induced by the
volume mismatch between Si and SiOx may influence the shape evolution and
crystallization of Si clusters (when their sizes are smaller than a few nanometers).
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Figure 3.10: Variation in the relative energies of SiOx (0 ≤ x ≤ 2) with respect to c-Si and
c-SiO2 (β-crystobalite) as a function of the Si:O ratio (x). For each of the suboxide
systems, the relative energy (∆Etot) is obtained by subtracting the Si-Si (in c-Si) and Si-O
(in β-crystobalite) bond energies from the total energy. The suboxide energy (∆Esubox)
represents the sum of suboxide penalty energies of Si atoms in +1, +2, +3 oxidation states
and the strain energy (∆Estrain) is the difference between ∆Etot and ∆Esubox. All values of
these energies are given with respect to [NSi-Si + (ÊSi-Si/ÊSi-O)×NSi-O], where NSi-Si and NSiO are the number of Si-Si and Si-O bonds and ÊSi-Si and ÊSi-O are the relative strain
energies per Si-Si (in a-Si) and Si-O (in a-SiO2).
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3.3

MODELING AND SIMULATION OF SI NANOCRYSTAL GROWTH
Based on the previous fundamental findings, we developed a kinetic model for the

formation of Si clusters in a Si suboxide matrix. Given the minor role of strain and Si
diffusion, as illustrated in Fig. 3.11, we can (1) simplify an amorphous suboxide system
using a rigid diamond-lattice structural model, with Si atoms at the lattice sites and O
atoms at the Si-Si bond centers and (2) allow only O atoms to diffuse around through Oempty sites. The oxidation state of each Si atom is evaluated by counting the number of
its next neighboring O atoms. The magnitude of Si supersaturation is controlled by
varying the number of O-empty sites for a given Si-O lattice structure.
For kinetic Monte Carlo (KMC) simulations, the barrier for O diffusion should be
given in terms of the oxidation state of three Si neighbors, (i.e., SiA, SiB, and SiC in the
illustration above Table 3.1). SiA have four different oxidation states (from Si1+ to Si4+),
SiB three oxidation states (from Si1+ to Si3+), and SiC four oxidation states (from Si0 to
Si3+). Therefore, there are a total of 48 (= 4×3×4) oxidation-state combinations. Here,
we approximate the diffusion barriers by interpolating the computed barriers from the
crystalline Si1+, Si2+, Si3+ model systems, as well as the barriers for O diffusion in
crystalline Si and O-vacancy diffusion in crystalline SiO2. For each of the total oxidation
states (of the three Si neighbors), we take the state with the highest suboxide energy as
basis. That is, the corresponding barrier is approximated from the interpolation of the
computed barriers, (as listed in Table 3.1).

Having lower suboxide energies,

corresponding barriers are estimated considering the energy gain with respect to the basis
of each total oxidation state. For instance, O diffusion from the oxidation state of (SA,
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SB, SC = +1, +1, +1) to (0, +1, +2) is assumed to require overcoming a barrier of 2.64 eV,
with a return barrier of 3.14 eV (= 2.64 – ∆Esubox, where the suboxide energy difference
between the final and the initial states is ∆Esubox = -0.5 eV).

O-empty site

Figure 3.11: Schematic of the Si suboxide model used in kMC simulations. The
amorphous suboxide system is simplified using a rigid diamond-lattice structural model,
with Si atoms at the lattice sites and O atoms at the Si-Si bond centers. The yellow and
red balls represent Si and O atoms, respectively.

In addition, a penalty-energy of 0.5 eV is given when an O atom diffuses into a
crystallized Si region. This is to take into account the energy gain for O atoms residing in
a-Si with respect to c-Si, which is predicted to be approximately 0.5 eV according to our
DFT-GGA calculations. While no definitive kinetic model for embedded Si cluster
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crystallization is available, here we assume Si clusters larger than 2 nm are crystallized
after 50 sec of annealing.
With the approximated barriers, O diffusion rates are simply evaluated by: D = D0
exp(-Em/kT), where Do is the prefactor, Em is the diffusion barrier, k is the Boltzman
constant, and T is the substrate temperature. Here, the prefactor Do is assumed to be 2.6
cm2/s. [29] At each step, an event was chosen to take place according to its probability,
and the KMC time (tKMC) is advanced by:
∆tKMC = -lnZ / Σ Ri,
where Z is a random number ranging from 0 to 1, Ri [= voexp(-Em/kT)] is the rate
constant for the ith event. The effective O jumping frequency is calculated as v0 =
(6D0/λ2)1/2, where the jumping distance λ is set to be 2.6 Å.
This is certainly a very simplified kinetic model for describing the behavior of O
atoms. However we believe this simplification is physically sound, and at least this
model is sufficient for clarifying the underlying mechanism of oxide embedded Si
nanocluster formation. A further investigation into embedded cluster crystallization and
O diffusion rates at various conditions is required to develop an improved kinetic model
for the evolution of embedded Si clusters.
Using the kinetic model, we performed KMC simulations for three different Si
supersaturations of 10 %, 20 %, and 30 %. Figure 3.12 shows the snapshots from the
simulations. Here, while the number of Si atoms (at the lattice sites) is kept constant at
27,000, the number of O atoms (at the BC sites) varies according to the Si:O ratio.
Initially O atoms are randomly distributed in each system. For the same MC annealing
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time (tMC) at 1373 K, the mean diameter of Si clusters increases substantially with the
degree of supersaturation, consistent with experiments. [12] Fernandez and co-workers
[12] also attempted to explain the strong correlation between the cluster size and the
superstauration by introducing cluster-cluster interactions into the Ostwald ripening
model (based on excess Si nucleation and growth). While the proximity effect is still
imprecise, our growth model (based on O out-diffusion) successfully captures the
experimental observation.
From these KMC simulations, we can learn that at the initial stage of annealing a
number of small Si clusters start to form via O out-diffusion. The high-density small
clusters join together to become bigger, with continued O out diffusion from the Si rich
regions. These small clusters evolve into a somewhat elongated shape, rather than a
compact shape. As the size of clusters becomes larger while the cluster density gets
lower, the Si clusters rearrange to form a compact configuration. Our KMC simulations
clearly demonstrate the Si cluster formation occurs rapidly by O out-diffusion from Sirich regions at the early stages of annealing.
As demonstrated in Fig. 3.13, when two clusters exist closely with a sufficient
amount of O-vacancies between them, they can be connected via O out-diffusion from
the gap region. The combined cluster rearranges itself to form a compact shape through
O diffusion along the cluster-matrix interface. This in turn lowers the energy by reducing
the interface area. Note that the interface commonly has a higher suboxide energy. This
process may look like two clusters “coalescing” into one cluster, but in fact these clusters
do not move towards each other as mentioned above. Hereafter, this process is referred
to as “coalescence-like,” as opposed to conventional coalescence. The coalescence-like
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behavior is mainly responsible for the Si cluster growth at the early stages of annealing
where the density of clusters is sufficiently high such that they exist closely to each other.
From KMC simulations, we also identified that larger Si clusters can grow at the
expense of smaller ones (Fig 3.14). This phenomenon resembles “Ostwald ripening”,
however it turns out that the smaller clusters disappear by reoxidation, not by dissolution.
That is, when the oxidation state of the suboxide matrix increases as a result of an
increase in the degree of phase separation, smaller Si clusters can be reoxidized while
larger clusters grow during high temperature annealing. We refer to this phenomenon as
“pseudo Ostwald ripening”, as opposed to conventional Ostwald ripening. This pseudo
ripening process becomes important when the density of clusters is low so that they are
separated by large distances. However, this ripening turns out to take place several
orders of magnitude slower than the “coalescence-like” growth. This is not surprising
given the difficulty in the reoxidation of crystallized Si nanoclusters. The prevailing
“coalescence-like” process in the phase separation in turn causes a big variation in the Si
cluster size in terms of the Si:O ratio.
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Figure 3.12: Snapshots of KMC simulations of phase separation in Si suboxide with the
initial Si supersaturation of (a) 10%, (b) 20 %, and (c) 30 % at 1100 oC. Here, only Si0
atoms are displayed. The box size is 8.1×8.1×8.1 nm3.
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(b)

(a)

(d)

(c)

Figure 3.13: Illustration of a “coalescence-like” behavior (in red) occurring in a KMC
simulation of phase separation in Si suboxide with 20% initial Si supersaturation at
1100°C. (a) ∆tKMC = 0.0 sec; (b) ∆tKMC = 0.3 sec; (c) ∆tKMC = 0.7sec; (d) ∆tKMC = 1.3 sec.
Here, only Si0 atoms are displayed. The box size is 8.1×8.1×8.1 nm3.
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(a)

(b)

(c)

(d)

Figure 3.14: Illustration of a “pseudo Ostwald Ripening” behavior occurring in a KMC
simulation of phase separation in Si suboxide with 10% initial Si supersaturation at
1100°C. (a) ∆tKMC = 0.0 hr; (b) ∆tKMC = 52.5 hr; (c) ∆tKMC = 55.1 hr; (d) ∆tKMC = 55.2 hr.
Here, only Si0 atoms are displayed. The box size is 8.1×8.1×8.1 nm3.3.4 Conclusions
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3.4

CONCLUSIONS
We present the underlying mechanisms of the synthesis of Si nanocrystals in a Si-

rich oxide matrix based on multiscale modeling and simulation. This theoretical work
includes: first principles calculations of the formation, structure, and diffusion of single O
and Si atoms in the suboxide systems and the relative energies of suboxide matrices as a
function of the Si:O ratio; Metropolis Monte Carlo simulations of amorphous Si suboxide
structures using Keating-like potentials; and kinetic Monte Carlo simulations of the
formation of embedded Si nanoclusters. These results predict that the formation of oxide
embedded Si clusters is primarily attributed to a chemical phase separation to Si and
SiO2, which is mainly driven by the suboxide penalty, with a minor contribution of strain.
The phase separation turns out to be primarily controlled by the diffusion of O atoms
rather than Si atoms. From kinetic Monte Carlo simulations based on these fundamental
findings we identify two growth characteristics: “coalescence-like” and “pseudo Ostwald
ripening”. The former is mainly responsible for fast Si cluster growth at the early stages
of annealing where the clusters are close to each other, while the latter becomes
important when the density of clusters is low such that they are separated by large
distances. We find the pseudo ripening process takes place several orders of magnitude
slower than the “coalescence-like” growth. The predominant coalescence-like process in
turn causes a big variation in the Si cluster size in terms of the Si:O ratio. The simulation
results agree well with experimental observations of strong dependence of the cluster size
on the initial Si supersaturation and rapid formation of Si clusters at the early stages of
annealing with very slow ripening.
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Chapter 4: Ge Nanocrystal Growth in SiOx
4.1

INTRODUCTION
In chapter 3, we have presented the results from multiscale modeling and

simulation of Si nanocrystal growth in SiOx. This chapter will deal with the growth of Ge
nanocrystals in the SiOx matrix.
Both Si and Ge nanocrystals embedded in SiO2 have attracted much attention
because of their possible application in optoelectronic [1,2] and microelectronic [3,4]
devices. It was argued, [5] however, that it should be easier to modify the electronic
structure around the band gap of Ge based on the comparison of effective masses of
electrons and holes and energy differences between the indirect gap and direct gap in Si
and Ge.
Numerous experimental efforts have been spent on investigating the growth of Ge
nanocrystals in the SiOx. Kolobov et al [6] observed that the size of the oxide embedded
germanium nanocrystals depend on the substrate material and their shapes depend on the
location of the nanocrystals in the matrix. Choi and coworkers [7] attributed the
formation of Ge nanocrystals to the reduction of Ge suboxides by Si diffused from the Si
substrate. Their experiments showed that the annealing temperature has a significant
effect on the size and location distribution of Ge nanocrytals and Ge nanocrytals seem to
prefer to stay at Si-SiO2 interface. Using electron energy loss spectroscopy and TEM,
Bonafos et al measured the evolution of the size distribution and density of Ge particles
and concluded that the Ge precipitates undergo a conservative ripening growth during
73

annealing. These experimental efforts and results certainly give us some important
insights about how the Ge atoms diffuse and how Ge nanocrystals grow in amorphous
SiO2. However, solid theoretical analysis and explanation are still lacking.
Using an ab initio based Monte Carlo model, Windl and coworkers [8] studied the
oxidation of SiGe alloy. But in their model, the diffusion of Ge atoms are simulated
simply by switching Si and Ge neighbors and they did not consider the bond mixing
effect in the total energy calculation.
In this chapter, we present structure and diffusion mechanism of Ge atoms in a
SiO2/Si system using a first principles quantum mechanical approach. Based on the
fundamental information, we build a Monte Carlo model to study the Ge nanocrystal
growth and compare our simulation results with those obtained from the experiments.
4.2

FUNDAMENTAL BEHAVIOR AND PROPERTIES

4.2.1

Computational details
In this study, the atomic structures and total energies are calculated using a

planewave-basis pseudopotential method within the generalized gradient approximation
(GGA) [9] to density functional theory (DFT), [10,11] as implemented in the Vienna Abinitio Simulation Package (VASP). [12] For most calculations, we use Vanderbilt-type
ultrasoft pseudopotential, [13] with a planewave cutoff energy of 300 eV.

The

convergence of atomic structure and energetics with respect to the plane-wave cutoff
energy is carefully checked by increasing the cutoff energy to 400 eV and 450 eV, but the
variation of relative energies turns out to be less than 0.1 eV, with unnoticeable changes
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in atomic structures. For the study of small clusters and interface, we use a single Γ point
in the scheme of Monkhorst-Pack [14] for the Brillouin zone sampling. For the study of
Ge interstitials in crystalline Si, SiOx and SiO2 and amorphous SiO2, we use a (2×2×2)
mesh of k points. All atoms are fully relaxed until all residual forces on each constituent
atom become smaller than 0.02 eV/Å.
We calculate diffusion pathways and barriers under the static approximation using
the nudged elastic band method (NEBM). [15,16] We first consider sixteen images for
the initial sampling of configurations along a diffusion path. We then use the climbing
NEBM [17] method to determine the saddle point precisely.

We analyze bonding

mechanisms using the electron localization function (ELF) as proposed by Becke and
Edgecombe. [18] The ELF represents the probability of electron pair localization and can
take on values ranging from 0 to 1, where ELF = 1 corresponds to perfect electron pair
localization and ELF=1/2 corresponds to the probability as in a homogeneous electron
gas.
The SiO2/Si interface structure is generated by a Continuous Random Network
model using the Keating-like potentials. [19] The initial structure is a periodic artificial cSi/β-crystobalite structure with the interface fully covered by oxygen bridges. The βcrystobalite is compressed in x- and y- direction while stretched in the z- direction to
match with the lattice constant of crystalline Si substrate and keep the density the same as
the amorphous SiO2. At the beginning of the simulation, the crystalline Si region is fixed
and bond switch is performed using a Metropolis Monte Carlo method in SiO2 region at a
high temperature. After the SiO2 region is fully amorphized, we continue performing
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bond switches at a lower temperature of 1500K in the SiO2 region with the crystalline Si
region still kept fixed. In the final stage, bond switches are allowed in the whole system
to relax the structure. Thereafter, the interface structure from CRN model is further
relaxed using density functional theory (DFT) calculations.
4.2.2

Bond mixing in solid Si-Ge-O system
The first principle methods can not be used directly to study oxide embedded

silicon and germanium nanocrystals formation, which may involve at least thousands of
atoms and happen at a time scale from seconds to hours. Instead, a force field based
potential has to be employed for a description of a phenomenon at such a length and time
scale. Currently, most of the available potentials only represent the strain energy of the
system. In a single-component system such as a-Si, due to the non-existence of chemical
reaction, the description of the potential based on strain is often satisfactory. However, in
more complex systems, such as solid Si-Ge-O system, chemical energy is usually the
driving force for phase separation. Thus, chemical energies associated with different
configurations have to be calculated for an accurate evaluation of the total energy. Using
several model crystalline suboxide systems, Hamann [20] has calculated the chemical
energy for different oxidation states of silicon, which he termed as the suboxide penalty
energy. Later on, Bongiorno and Pasquarello [21] obtained similar results using a cluster
method. These chemical energies turn out to be useful in the description of the Si/SiO2
interface [19] and the structure of oxide embedded silicon nanocrystals. [22]
In this section, we will present our study of the chemical energy in the three
component Si-Ge-O system. Since this system can be described as a structure with
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minimal bonding defects, the chemical energy consists of the mixing energies between
different types of bonds. Thus we will use bond mixing energy for the rest of this chapter.
The organization of this section is as follows.
First, we will present the mixing energy for SixGe1-x alloy. This system can be
treated as a mixing of three types of bonds: Si-Si, Ge-Ge and Si-Ge. The mixing happens
at either a silicon or germanium atom site. A silicon atom can have Si-Si and Si-Ge
bonds; Ge-Ge and Si-Ge are possible bonds from a germanium atom. Thus, beyond the
four basic “pure” configurations: Si4-Si, Ge4-Si, Si4-Ge, Ge4-Ge, there are six more
mixed configurations: Si3Ge-Si, Si2Ge2-Si, SiGe3-Si, SiGe3-Ge, Si2Ge2-Ge, Si3Ge-Ge.
We will study the mixing energy of these six configurations and assign them to the
central Si or Ge atom.
Second, the mixing energy in two other systems (Si-O and Ge-O systems) is
described in terms of the suboxide penalty energy. We can think of a Si-O system as a
chemically mixed system of two types of bonds: Si-Si and Si-O. From an atomic point of
view, this mixing happens at only Si atoms. It does not happen at O atoms since oxygen
atoms are always connected with two Si-O bonds. That is why we can attribute the
suboxide penalty energy to silicon atoms of different oxidation states. The same
conclusion holds for the Ge-O system. The mixing energies in these two systems are
studied for the following six configurations: Si3O-Si, Si2O2-Si, SiO3-Si, Ge3O-Ge, Ge2O2Ge and GeO3-Ge.
Finally, we study the mixing in a Si-Ge-O system. In this system, there are five
types of bonds: Si-Si, Ge-Ge, Si-Ge, Si-O and Ge-O and three different mixing sites: Si
and Ge and O. In addition to the configurations listed above, we need to consider thirteen
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more configurations: Si2GeO-Si, SiGe2O-Si, Ge3O-Si, SiGeO2-Si, Ge2O2-Si, GeO3-Si,
SiGe2O-Ge, Si2GeO-Ge, Si3O-Ge, SiGeO2-Ge, Si2O2-Ge, SiO3-Ge and SiGe-O.
All the mixing energies are based on comparison with the following five basic
bond energies: Si-Si, Ge-Ge, Si-Ge, Si-O and Ge-O. The Si-Si and Ge-Ge bond energies
are obtained from pure crystalline silicon and germanium. The Si-Ge bond energy is from
ideally mixed crystalline Si50Ge50 alloy. In this alloy, each silicon atom has four
germanium neighbors and each germanium atom has four silicon neighbors. The Si-Ge
bond energy is calculated as 0.017 eV higher than the average of Si-Si and Ge-Ge bond
energies. The Si-O and Ge-O bond energies are calculated from the most stable SiO2 and
GeO2 form, respectively. Throughout this section, we only consider the first neighbor
effect since the mixing energy can be considered a local property.[21]
4.2.2.1 The mixing energy in SixGe1-x alloy
To calculate the mixing energy for SixGe1-x alloy at a Ge site, we construct 5
molecular complexes as shown in Fig 4.1. The first structure has four Ge-Ge bonds and
12 Ge-H bonds; the last structure has four Si-Ge bonds and 12 Si-H bonds. The
intermediate structures have a mixed number of Ge-Ge and Si-Ge bonds. The mixing
energies for those intermediate structures are calculated using the following formula:

∆E i mix = Ei − ( 4 − i)EGe −Ge / 4 − iE Si −Ge / 4
where, i represents the number of Si-Ge bonds in the intermediate structures, Ei
is the total energy, EGe-Ge and ESi-Ge are the total energy of two “pure” structures,
respectively.
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The absolute value of the calculated mixing energy is less than 0.01 eV; this
conclusion holds for the mixing energy at a silicon atom site.
To check the validity of this method, we also study the mixing energies using a
bulk system with 8 atoms. The considered systems are Si8, Si7Ge1, Si6Ge2, Si5Ge3,
Si4Ge4, Si3Ge5, Si2Ge6, Si1Ge7, and Ge8. We looked at all the possible configurations and
allow those systems to relax fully in terms of volume, shape and atomic positions, which
result in the minimal possible strain. In Table 4.1, we compare the mixing energies
calculated with both bulk and cluster methods. The very small difference in the two sets
of values is possibly caused by the strain in bulk systems. However, the absolutes values
of all the mixing energies are smaller than 0.01 eV. Thus, we can assume an ideal mixing
of the three types of bonds in a SixGe1-x system.
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(b)
(a)

(c)

(d)

(e)

Figure 4.1: Cluster models used to calculate bond mixing energies for SixGe1-x alloy: (a)
Ge-(GeH3)4; (b) Ge-(GeH3)3(SiH3); (c) Ge-(GeH3)2(SiH3)2; (d) Ge-(GeH3)(SiH3)3; (e)
Ge-(SiH3)4. Yellow and gray balls represent Si and Ge atoms, respectively. All dangling
bonds are terminated by hydrogen atoms.
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Table 4.1: Mixing energies (in eV) for SixGe1-x alloys.
bulk

Cluster

Si3Ge-Si

3.4E-3

3.2E-3

Si2Ge2-Si

4.6E-3

-6.4E-3

SiGe3-Si

3.6E-3

-5.7E-3

SiGe3-Ge

5.8E-3

0.5E-3

Si2Ge2-Ge

7.5E-3

-9.0E-3

Si3Ge-Ge

5.4E-3

-0.6E-3

4.2.2.2 The mixing energy in SiOx or GeOx system (0≤x≤2)

The mixing energy in SiOx has been studied in ref [20] and ref [21], which are
termed as suboxide penalty energy. For the sake of comparison, we repeat the study using
both periodic systems and cluster methods.

We also test a slightly harder silicon

potential for periodic bulk systems. The suboxide penalty energies are listed in Table 4.2.
We found that the calculated suboxide penalty energies only vary slightly according to
the method and the potential used. Both the cluster and bulk methods generate very close
energies.
Due to the particular nature of germanium oxide, germanium suboxide penalty
energy can only be calculated with the cluster method. Our DFT calculations predict that
equilibrium angles for ∠Ge-O-Ge is near 130° while ∠Si-O-Si equilibrium angles are
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near 180°. Fig 4.2 and 4.3 shows the relative energy change with different ∠Ge-O-Ge
and ∠Si-O-Si angle, respectively. The energy curve for ∠Si-O-Si is very flat near the
equilibrium bond angle, while that for ∠Ge-O-Ge is more sensitive to the change of bond
angle. The smaller equilibrium Ge-O-Ge angles make it impossible to generate strain-free
bulk crystalline germanium suboxide structures.

Table 4.2: Silicon suboxide penalty energies (in eV) calculated using different methods.
∆1

∆2

∆3

Cluster

0.53

0.56

0.27

Bulk

0.54

0.57

0.29

Bulk(harder Si potential)

0.52

0.54

0.26

Hamann

0.47

0.51

0.24

Bongiorno et al.

0.50

0.51

0.22

To eliminate the strain effect, we use the cluster method (See Fig 4.4) with the
initial Ge-O-Ge angles near 130°. Those structures are further relaxed using DFT until all
residual forces are less than 0.02eV/Å. The Ge-O distances decrease with increasing
oxidation state, ranging from 1.807 Å for Ge1+ to1.755 Å for Ge4+. The Ge-Ge distance
increases with increasing oxidation state from Ge0 to Ge2+ and then decreases at Ge3+.
These results are listed in Table 4.3.
We can also check this bond-energy model by using some new sets of model
clusters. In the new model clusters, the central body is composed of two germanium
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atoms with different oxidation states. We inserted an oxygen atom in the central Ge-Ge
dimer and calculated the energy difference between the final and initial configuration.
Since the energy of Ge-O system is very sensitive to the Ge-O-Ge angle, the error caused
by this method is relatively large compared to that of silicon (Table 4.4).

0.10

Energy (eV)

0.08
0.06

1+

1+

Ge -O-Ge
2+
2+
Ge -O-Ge
3+
3+
Ge -O-Ge
4+
4+
Ge -O-Ge

0.04
0.02
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Figure 4.2: Variation in the total energy as a function of the ∠Ge-O-Ge bond angle.
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Figure 4.3: Variation in the total energy as a function of the ∠Si-O-Si bond angle.
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Figure 4.4: Cluster models employed to calculate the penalty energies of germanium
suboxide. Big yellow and small red balls represent Ge and O atoms, respectively. All
dangling bonds are terminated by hydrogen atoms.
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Table 4.3: Calculated germanium suboxide penalty energies ∆E, bond lengths, and bond
angles
Species

∆E(eV)

Ge4+

0.0

Ge3+

0.07

Ge2+

RGe-O(Å)

∠Ge-O-Ge

1.755

138.0°

2.462

1.780

131.0°

0.27

2.506

1.785

133°

Ge1+

0.30

2.485

1.807

135.0°

Ge0

0.0

2.465

RGe-Ge(Å)

Table 4.4: Comparison of oxygen incorporation energies from first principle calculations
vs. the bond-energy model with calculated suboxide penalty energies given in Table 4.5,
for cluster models with n≠m. The notation n,m → n+1, m+1 indicates the variation in the
Ge oxidation state upon oxidation. The energy difference ∆E is the oxygen incorporation
energy after subtracting 2εSiO-εSiSi. (FP: first principles; BEM: Bond-Energy Model)
Transition

∆E (eV) (FP)

∆E (eV) (BEM)

Error

0,1→1,2

0.26

0.27

0.01

0,2→1,3

0.14

0.10

-0.04

0,3→1,4

0.18

0.23

0.05

1,2→2,3

-0.20

-0.23

-0.03

1,3→2,4

-0.13

-0.10

0.03

2,3→3,4

-0.21

-0.27

-0.06
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4.2.2.3 The mixing energy in SixGe1-xOy system (0<x<1,0≤y≤2)

In a three-component Si-Ge-O system, there are five types of bonds: Si-Si, GeGe, Si-Ge, Si-O and Ge-O and three different mixing sites: Si, Ge and O.
The methods used to calculate mixing energies at both Si and Ge sites are the
same. Here, we use silicon as an example to illustrate how we can obtain mixing energy
in this system. There are a total of nine possible mixing configurations for at a silicon
site: 1. Si3O-Si; 2 Si2O2-Si; 3. SiO3-Si; 4. Si2GeO-Si; 5. SiGe2O-Si; 6.Ge3O-Si; 7.
SiGeO2-Si; 8 Ge2O2-Si; 9. GeO3-Si. The mixing energies for the first three configurations
have been obtained as silicon suboxide penalty energies. To make the terminology
consistent, we use ∆nmGe to represent the mixing energy for the rest configurations. n
represents the number of Si-O bonds, m indicates the number of Si-Ge bonds.
We studied the following three sets of oxygen incorporation processes:

(I)

Si Ge ≡ Si − Si ≡ GeSi → Si Ge ≡ Si − O − Si ≡ GeSi
2
2
2
2
SiGe ≡ Si − Si ≡ Ge Si → SiGe ≡ Si − O − Si ≡ Ge Si
2
2
2
2
→ Ge ≡ Si − O − Si ≡ Ge
Ge ≡ Si − Si ≡ Ge
3
3
3
3

(II)
SiGeO ≡ Si − Si ≡ OGeSi → SiGeO ≡ Si − O − Si ≡ OGeSi
Ge2 O ≡ Si − Si ≡ OGe2

→ Ge2 O ≡ Si − O − Si ≡ OGe2

GeO2 ≡ Si − Si ≡ O2 Ge

→ GeO2 ≡ Si − O − Si ≡ O2 Ge

(III)
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In the above reactions, the unsaturated Si and Ge end members are terminated by
-H, while oxygen atoms are terminated by –SiH3 groups.

Fig 4.5 shows the first set of

reactions.

Figure 4.5: Cluster models used in studying the effect of Ge neighbors on the suboxide
penalty energy of Si1+. Big yellow, big grey and small red balls represent Ge, Si and O
atoms, respectively. All dangling bonds are terminated by hydrogen atoms.
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The corresponding energy changes can be written in the following three sets of
equations, respectively.

∆E101 = 2ε SiO −ε SiSi +2∆1Ge
∆E 201 = 2ε SiO −ε SiSi +2∆12Ge
∆E 301 = 2ε SiO −ε SiSi +2∆13Ge

(1)

∆E112 = 2ε SiO −ε SiSi +2∆ 2 Ge − 2∆1Ge
∆E 212 = 2ε SiO −ε SiSi +2∆ 2 2Ge − 2∆12Ge

(2)

∆ E123 = 2ε SiO −ε SiSi +2 ∆ 3 Ge − 2 ∆ 2 Ge

(3)

where, εSiO is the Si-O bond energy for Si atoms in an oxidation state of Si4+, εSiSi
is the Si-Si bond energy for nonoxidized Si atoms. Since the constant C=2εSiO-εSiSi is
already known from the calculation of silicon suboxide penalty energies, we can solve the
above equation sets to obtain the other six unknown mixing energies: ∆1Ge, ∆12Ge, ∆13Ge,
∆2Ge, ∆22Ge, ∆3Ge, which are summarized in Table 4.5
Using the same approach, we calculated the mixing energies at the germanium
site, as listed in Table 4.6. The results we obtained indicate that in a solid Si-Ge-O system
mixing energies at a silicon or germanium site is primarily determined by the number of
Si-O or Ge-O bonds. The existence of heterogeneous neighbors (Ge for Si site; Si for Ge
site) only has a very small effect on the mixing energies.
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The third type of mixing site in Si-Ge-O system is oxygen atom. We compared
the total energy of a fully-relaxed model structure of Si3≡Si-O-Ge≡Ge3 with the average
total energy of the other two model structures: Si3≡Si-O-Si≡Si3 and Ge3≡Ge-O-Ge≡Ge3
and obtained a mixing energy at O site of about 0.06 eV.
To summarize, we have systematically studied the chemical energies associated
with the mixing of different types of bonds in the Si-Ge-O system. The mixing energies
we obtained should be able to serve as an important reference for the development of
force field potentials in such asystem.

Table 4.5: Effect of germanium neighbors on silicon suboxide penalty energies (NN:
nearest neighbor)
∆1 (eV)

∆2 (eV)

∆3 (eV)

0

0.53

0.56

0.27

1

0.51

0.53

0.26

2

0.49

0.49

3

0.47

Number of
Ge NN
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Table 4.6: Effect of silicon neighbors on germanium suboxide penalty energies
(NN:nearest neighbor)
∆1 (eV)

∆2 (eV)

∆3 (eV)

0

0.30

0.27

0.07

1

0.32

0.30

0.08

2

0.35

0.33

3

0.37

Number of
Si NN

4.2.3

Structure of Ge in crystalline Si and SiOx system

We identified three types of Ge interstitials in crystalline Si: (110)-Split,
Tetrahedral and Hexagonal interstitial, as shown in Figure 4.6. The relative formation
energies for a Ge interstitial in a 64-atom Si supercell are 3.70, 3.93 and 4.13 eV,
respectively, which are calculated as

E f = E system − E orig − EGe
where, Ef is the formation energy, Esystem is the total energy of the 64-atom Si
supercell system with a Ge interstitial, Eorig is the total energy of a 64-atom Si supercell
and EGe is the average energy per Ge atom in a 64-atom crystalline Ge supercell.
In crystalline silicon suboxide (Si2O, SiO and Si2O3) systems, a Ge atom can stay
at either the Si-Si or Si-O bond center. For all three systems, the Si-Si BC state is more
stable (see Table 4.7). This is due to the 1 eV bond energy difference between a Ge-O
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bond and a Si-O bond such that Ge atoms will try to “avoid” forming bonds with O atoms
in the Si-O system. In crystalline SiO2 (β-crystobalite), a Ge atom will only stay at the SiO bond center. The formation energies for a Ge Si-O BC state are very close in the SiO,
Si2O3 and SiO2 systems. But there is a more than 1 eV energy drop for a Ge BC state in
Si2O. Two factors may contribute to the stability of a Ge BC state in Si2O. One is the
mixing energy change. The mixing energy changes for the formation a Si-O BC Ge state
in these four systems are:

-0.53 eV, -0.05 eV, 0.26 eV and 0.26 eV respectively. The

other is due to the stronger bonding between a Ge atom with a lower oxidation-state Si
atom, which can be inferred from the decrease of Ge formation energy at the Si-Si bond
center with decreasing Si oxidation states.

Figure 4.6: Ge interstitial configurations in crystalline Si: (a) (110)-split; (b) Tetrahedral;
(c) Hexagonal. Yellow and green balls are Si and Ge atoms, respectively.
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Table 4.7: Formation energies for a Ge atom in crystalline silicon and silicon oxide.
Si

Si2O

SiO

Si2O3

SiO2

ESi-Si (eV)

3.7 (Split)

2.84

3.58

4.37

N/A

ESi-O (eV)

N/A

3.08

4.29

4.60

4.24

These results indicate that in an ideal strain-free SiOx system, Ge atoms will
diffuse to the Si and SiOx interface. In amorphous SiOx system, strain may play a role.
Tensile strain may decrease the formation energy of a Ge atom, while in a compressivelystrained region, the formation energy may increase. However, we expect the same strain
effect in each different region. So, Ge atoms will segregate from an oxygen-rich region to
a silicon-rich region in a SiOx system and stay at a Si-Si bond center near the interface.
We also examined the exchange of a Ge atom with a Si substitutional in these
crystalline systems. In all the suboxides, the Si intersititial will stay at the Ge-O bond
center instead of the Ge-Si bond center. Comparing the most stable Ge intersititial
structure with the most stable Si interstitial structure after the exchange, we found that the
exchange can happen easily in crystalline Si. In Si2O, there is a very small energy
increase after exchange. But as Si interstitials diffuse away, the total energy will increase
further due to the formation a Ge-O bond. In SiO and Si2O3 the exchange itself is not
favorable with an energy increase of at least 1.4 eV. Thus, the replacement of Si
substitutional by a Ge interstitial will mostly happen in Si region.
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4.2.4

Structure and diffusion of germanium atoms in SiO2

In this section, we examine the structure, bonding, and diffusion of a neutral Ge
atom introduced to defect-free SiO2 using density functional theory [10,11] calculations.
Here, both crystalline (α-quartz) and amorphous (a-SiO2) oxide structures are considered.
In contrast to excess silicon atoms in α-quartz, there are two stable configurations
for a single Ge atom in α-quartz.
i) Bond Center (BC) state where the Ge atom is located at the center of a Si-O
bond;
ii) Fourfold Coordinate (FC) state where the Ge atom is bonded to neighboring
two Si and two O lattice atoms by breaking two Si-O bonds.
The FC state is 0.8 eV less stable than the BC state. This is due to that Ge-O bond
is much weaker than Si-O bond such that the overall energy gain by forming one Ge-O
and one Si-Ge bond and breaking one Si-O bond is less than the energy loss caused by
the huge strain in the FC state.
Figure 4.7 (b) shows the BC structure. There are two slightly different BC sites
for the Ge atom: one is located on the long Si-O bond, another is on the short bond. The
formation energies on these two sites are degenerate. The reason BC structure is more
stable than a FC state is that the BC state costs less strain energy in the α-quartz.
Figure 4.7 (c) shows the FC structure, associated to the third [C and F] Si
neighbors on a six-member ring. Other FC structures are at least 1 eV less stable than this
FC structure. So for the rest of this thesis, we only consider this FC structure.
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(a)

(b)

(c)

Figure 4.7: Structures of Ge interstitials in α-quartz. (a) α-quartz; (b) Bond center state;
(c) Fourfold coordinate state. Yellow, green and red balls are Si, Ge and O atoms,
respectively.
The bonding mechanisms for the BC and FC structures are analyzed based on
electron localized functions (ELF), local densities of states (LDOS), and decomposed
charge densities, as depicted in Figs. 4.8 and 4.9.
For the FC structure, the ELF analysis [Fig. 4.8 (a); left panel] clearly
demonstrates the formation of covalent and ionic bonds between the inserted Ge atom
and neighboring Si and O lattice atoms, respectively. However, due to the local strain
induced by significant lattice distortions, the newly formed Si-Ge and Ge-O bonds should
be weaker than normal Si-Ge (in c-SiGe) and Ge-O (in c-GeO2) bonds. This could be
inferred from Ge LDOS that exhibits two sharp peaks (that correspond largely to 4s and
4p states) above the top of the Si4+ valence band [Fig. 4.9], indicating that the valence
electrons of Ge atom are not fully involved in the formation of the Si-Ge and Ge-O
bonds. The residual partial charge is likely to be delocalized to populate the lower energy
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states of neighboring Si and O lattice atoms, as demonstrated by the decomposed valence
electron densities of the Ge atom [Fig. 4.8(b); right panel].
For the BCI structure, the ELF analysis [Fig. 4.8 (b)] shows the formation of
covalent and ionic bonds between the Ge atom and adjacent Si and O lattice atoms,
respectively. The induced local strain makes the newly formed Si-Ge and Ge-O bonds
highly distorted, such as the Si-Ge bond center is displaced away from the atomic
interaction line while moving towards the lattice atom. The remaining two valence
electrons of the Ge atom are localized to form a lone pair, as demonstrated by the ELF.
The presence of a lone pair is also manifested by the sharp 4p band near the Fermi level
as shown in Ge LDOS [Fig. 4.9], along with the decomposed densities of the valence
electrons [Fig. 4.8 (b); right panel].
The diffusion of a germanium atom is quite different from that of excess silicon
atoms. The germanium atom will move from one BC state to another. For hopping
between neighboring BC sites (over a lattice Si atom), the lowest barriers for BCI ↔ BCI,
BCII ↔ BCII and BCI ↔ BCII diffusion jumps are predicted to be approximately 1.35 eV,
1.1 eV, and 1.65 eV, respectively. (Since the BCI and BCII states are degenerate, the
forward and backward barriers should be identical.). The BCI ↔ BCI and BCII ↔ BCII
hoppings around one lattice Si atom correspond to the diffusion in the open channel along
the c-axis; while the BCI ↔ BCII hopping will lead to the diffusion in the open channel
along the a-axis. Since the channel along the a-axis is narrower than that along the c-axis,
the diffusion barrier for BCI ↔ BCII hopping is 0.35 eV larger than the largest barrier
along the c-axis. This finding is consistent with the observation in recent ab initio studies
[23]of H2O and O2 diffusion in amorphous SiO2.
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Figure 4.8: Isosurfaces of electron localization functions (at the value of 0.82) (left
panels) and decomposed charge densities (right panels) of (a) the FC and (b) BC of an
additional Ge atom in α-quartz. The decomposed charge densities represent the energy
ranges where two shaded sharp peaks appear in the plot of densities of states (Fig. 4.9)
for corresponding Ge states.
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Figure 4.9: Local density of states of one additional Ge atom in the FC and BC states, and
that of lattice Si (Si4+) in defect free α-quartz. The Fermi level for Si4+ is set at 0 eV, and
the Ge DOS plots are aligned at the O 2s band of Si4+.
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Notice that Ge atoms can also hop from one BC state on one lattice atom to
another BC state on a different lattice atom. One case is the exchange of the BC Ge atom
and the adjacent O atom, which yields an energy barrier of 1.3 eV. For all these BC
hoppings, the germanium atom will first be activated and get off the bond network and
become a free germanium interstitial (FI), which does not form any strong bonds with
neighboring lattice atoms. The free interstitial is a metastable state and it can immediately
attack another Si-O bond and become a new BC state. The diffusion barrier for this BC↔
FI ↔ BC hopping depends on the direction that the Ge atom travels. The highest
diffusion barrier along the a-axis is 1.65 eV; while that along the c-axis is 1.4 eV.
The BCII↔FC hopping has an energy barrier of 1.57/0.76 eV for the
forward/backward transition. The possible diffusion path through FC is BCII↔FC ↔BCII
with an energy barrier of 1.57 eV. This diffusion happens in the cage along the c-axis and
is minor compared with the diffusion through direct BC↔FI↔BC hopping.
We identified stable FC and BC structures of Ge in a-SiO2. Here, for good
statistics we placed a Ge atom at many different locations using five different (72-atom)

a-SiO2 supercells.
The amorphous network renders stable FC states where no significant strain is
induced by Ge insertion.
Depending on local strain, the stability of BC structures shows a significant siteto-site variation, as much as 1.2 eV in the formation energy among sampled in this work.
Knowing that the energy gain of the FC state over the BC state is mainly attributed to the
formation of additional Si-Ge and Ge-O bonds, we could estimate the bonding
contribution using the cluster approach (that should yield minimal strain). As illustrated
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in Fig. 4.10, the exothermicity is predicted to be 0.3 eV for the reaction of (OH)3Si-GeO-Si(OH)3 and (OH)3Si-O-Si(OH)3 to form (Si(OH)3)2-Ge-(O-SiH3)2 (that involves the
formation of new Si-Ge and Ge-O bonds while breaking an existing Si-O bond). This
suggests the possible existence of very stable FC structures which can be energetically
more favorable than (most stable) BC structures by about 0.3 eV. Recall that in α-quartz,
due to strain the FC structure is 0.8 eV less stable than the BC structure.
In Fig. 4.11, based on these results we propose a model for Ge diffusion in aSiO2, involving (a) Ge hopping from a FC site to a BC site, (b) Ge hopping from a BC
site to a BC site, and (c) Ge hopping from a BC site to a FC site. Due to the disordered
nature of a-SiO2, the diffusion barriers exhibit a significant site-to-site variation.
However, our extensive calculations at various locations suggest that the overall barrier
for Ge diffusion is primarily determined by the FC → BC Ge hopping. For well-relaxed
structures, the corresponding Ge hopping barriers is both predicted to be approximately
3.5 eV, respectively. For the BC-to-BC Ge hopping, the barriers mostly range from 1.2
eV to 2.2 eV, depending on the O-Si-O bond topology as mentioned earlier. Considering
the formation energy difference of 0.3 eV between fully relaxed FC and BC structures,
the overall barrier for Ge diffusion between very stable FC states can be approximated to
be 3.5 eV.
The structure, energetics, bonding, and diffusion of Ge atoms in defect-free α
quartz and amorphous SiO2 were examined using planewave basis, pseudopotential total
energy calculations. In crystalline SiO2 (α quartz) we identified that Ge atom will stay as
a bond-centered interstitial Single Ge atoms will diffuse with an overall energy barrier of
less than 1.65 eV. In amorphous SiO2, stable FC and BC structures were identified.
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Assuming FC and BC structures are fully relaxed, the former is predicted to be
approximately 0.3 eV more stable than the latter. The diffusion of Ge atoms in a-SiO2 is
limited by the transition from the FC state to the BC state, which causes an overall energy
barrier of around 3.5 eV.

Figure 4.10: Cluster models used to examine the relative stability of BC and FC
structures of one additional Ge atom in amorphous SiO2 where the structures are assumed
to be fully relaxed. Big green, big yellow, small red, and small white balls represent Ge,
Si, O, and H atoms, respectively.
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(a)

(c)

(b)

(b)

Figure 4.11: Proposed diffusion mechanism for a Ge atom in amorphous SiO2, involving:
(a) Ge hopping from a FC site to a BC site; (c) Ge hopping from a BC site to a BC site;
(d) Ge hopping from a BC site to a FC site. Big yellow represent lattice Si atoms, green
balls represent Ge atoms and small red balls indicate lattice O atoms. Solid arrow
indicates single step events and dashed arrows represent multiple step events (or a series
of single step events).

102

4.2.5

The behavior of germanium atoms at SiO2/Si interface

In this section, we examine the structure, bonding, and diffusion of Ge atoms at
the SiO2/Si interface using density functional theory [10,11]8,9calculations. Based on
these results, we propose a model to explain the behavior of Ge piling up [24] at the
SiO2/Si interface during oxidation of SixGe1-x alloy and propose a possible mechanism for
oxide embedded Ge nanocrystal growth.
Our calculation shows that there are three types of configurations for a Ge atom at
a defect-free SiO2/Si interface: (a) Si-Si bond-center, (b) Si-O bond-center, and (d) (111)split. Figure 4.12 shows these three typical structures: Si-Si BC; Si-O BC; (111)-split.
The Si-O BC can be either Si2+-O BC or Si4+-O BC.
In the Si-Si bond centered position, the Ge atom forms bonds with one Si atom at
the interface and another Si atom at the first sublayer by breaking one Si-Si backbond.
This structure will degenerate into a (110)-split interstitial in bulk Si layers. However, at
the interface, due to the strain, the bond-centered interstitial becomes favorable.
In the (111)-split configuration, the Ge atom and one interface Si atom share one
interface lattice site. The Ge atom forms two bonds with two Si atoms in the first
sublayer and one bond with the original interface Si atom. The original interface Si atom
has two bonds with interface O atoms and one bond with the Ge atom.
In the Si-O bond centered position, the Ge atom forms bonds with one Si atom at
the interface and one O atom right above the interface while breaking one original Si-O
bond. These positions are similar to the bond-center position in the bulk SiO2. The actual
energy gain varies site by site. However, since the energy gain mainly comes from the
bond energy increase by forming one new Ge-O bond and one new Si-Ge bond while
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breaking one old Si-O bond and Ge-O bond is about 1 eV less stable than the Si-O bond,
the total energy gain by forming a Si-O bond-center Ge state is less than that for a Si-O
bond-center Si state.

(a)

(b)

(c)

Figure 4.12: Structure of Ge intersitials at the a-SiO2/Si interface: (a) Si-Si bond-center;
(b) (111)-split; (c) Si-O bond-center.

We compare the relative stability of interface Ge atoms with a Ge interstitial in
bulk Si layers. The most stable Ge interstitial in bulk Si is the (110)-split Ge-Si dumbbell
pair. Due to the existence of a-SiO2/Si interface, several layers below the interface are
strained until the fifth sublayer. Therefore, we will use the Ge-Si dumbbell pair at the
fifth sublayer as an energy reference.
Based on that criterion, we found that the energy gain by forming a Si-Si2+ bondcenter Ge interstitial ranges from -0.15 eV to 0.96 eV, with an average energy gain of 0.4
eV. The energy gain for the formation of a Si2+-O bond-centered Ge ranges from -0.8
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eVto 0.86 eV with an energy gain of 0.3 eV. The (111)-Split Ge interstitial is about 0.1∼0.55 eV more stable than the Ge-Si dumbbell pair in bulk Si.
We also considered the Si4+-O bond-center Ge interstitial in the bulk SiO2. Since
there are about 80 sites in the considered system, we found the energy gain distribution is
broader, ranging from -0.8 eV to 2 eV. The average energy gain is almost the same with
those BC states at the interface.
From the above stability analysis, we can conclude that Ge atom is relatively
more stable in SiO2 bulk by forming a FC state with a moderate energy gain of 0.3 eV
over the Si-O bond-center state at the interface or in bulk SiO2. This small energy
difference also indicates that Ge atoms may easily diffuse to the interface. However, this
study is done at a system where the interface is occupied Si2+ state. From the study in
section 4.2.2, we know that Ge atoms are more stable at a Si-Si1+ bond-center, therefore
in a realistic interface where there are Si1+ states, Ge atoms will segregate to the inferface.
At the oxygen-bridge covered defect-free SiO2/Si interface, the exchange can
happen through the following channels: the replacement of Si2+ or Si lattice atom by a Ge
atom with the generation of Ge2+ or Ge lattice atom and one extra Si atom.
The replacement of a Si substitutional by a Ge atom happens through the kick-inkick-out mechanism. The energy barrier for this event is about 1.0 eV. The total energy
remains essentially the same after the exchange. The newly generated Si interstitial may
diffuse into bulk silicon dioxide and get into the bond network with a total energy gain of
at least 1.8 eV.
In summary, our extensive study of the structure, stability and diffusion of Ge
atoms in crystalline SiOx and a-SiO2/Si system indicates that Ge atoms may segregate to
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the Oxide/Si interface during high temperature annealing. At the interface, Ge atoms may
replace Si substitutional atoms and generate Si interstitials, which will diffuse into bulk
SiO2 and become lattice atoms. Thus, germanium atoms may pile up at the SiO2/Si
interface, which is consistent with the experimental observations. [24]
4.3

GERMANIUM NANOCRYSTAL GROWTH IN SIOX

In the previous section, we have calculated bond mixing energy in a solid Ge-SiO system and identified the structure and diffusion behavior of Ge atoms in the SiOx
system using the Density Functional Theory method. Based on this fundamental
information, we build a Monte Carlo model to study the germanium nanocrystal
formation and growth in the SiOx matrix.
4.3.1

Metropolis Monte Carlo model of Ge nanocrystal growth

As discussed in Chapter 3, strain only plays a minor role in the chemical phase
separation during nanoclusters growth. Thus, we can model our system using a diamond
crystalline lattice. As discussed in Section 4.2.2 and in Chapter 3, the most stable states
for Si and Ge in SiO2 are network lattice atoms. The BC states are relatively unstable and
can quickly get into the bond network and become lattice atoms. Therefore, in this lattice
model, all the silicon and germanium atoms are fixed at the diamond lattice sites. The
oxygen atoms occupy the bond center positions between two nearest lattice sites.
The total energy of the system consists of the five basic bond energies (ESiSi,
ESiGe, EGeGe, ESiO and EGeO) and the bond mixing energies as calculated in Section 4.2.1.
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Since network Si atoms diffusion is much slower than Ge diffusion, we do not
consider the diffusion of network Si atoms. The bond-center Si interstitials diffuse at a
fast rate and can easily get into bond network. Hence, we assume any Si interstitials
generated by the exchange between lattice Si atoms and Ge interstitials will become
lattice Si atoms immediately.
The diffusion of Ge atoms starts with the reconfiguration from a Fourfold
Coordinate state (usually with two oxygen neighbors and two Si/Ge neighbors) to a
Bond-center state (BC interstitial). The diffusion of BC Ge interstitial is very rapid. It can
either become a new lattice FC state in the system or replace a lattice Si atom and
generate a Si interstitial. The lattice Si atoms to be replaced can be from Si0 to Si3+, with
a decreasing probability. As the Ge interstitial diffusion is a lot faster than other events,
we ignore the Ge interstitial diffusion in our model.
Oxygen diffusion is modeled as the hopping from one Si/Ge-Si/Ge bond center to
another.
Thus, the types of events considered in our Monte Carlo model are listed as
follows:
(1) FC Ge (→BC Ge)→ new FC Ge;
(2) FC Ge + NW Si (→BC Ge + NW Si→BC Si+ new NW Ge)→ new FC Si +
new NW Ge;
(3) O diffusion.
NW stands for a network atom or lattice atom. The events in parentheses are
ignored. The FC Ge movement is modeled by the replacement of the Ge site by a Si
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atom and at the same time, the two neighboring oxygen vacancies are filled with oxygen
atoms. The formation of a new FC Ge/Si is modeled by the replacement of a lattice Si
atom (randomly selected) with four oxygen neighbors by a Ge/Si atom with the deletion
of two neighboring O atoms.
We employed the normal Metropolis [25] Monte Carlo method, with the event
probability evaluated as: P = exp(-∆E/kT).
4.3.2

Results and discussion

We have performed Monte Carlo simulations at several different temperatures and
Ge concentrations.
Figure 4.13 shows the snapshots for the Ge nanocluster growth in a silicon oxide
matrix with 2 percent (of the total Si atoms) Ge atoms at 1173K. The Ge nanocluster
formation follows the traditional nucleation, growth and Ostwald ripening behavior.
Another interesting phenomenon is that the surfaces of Ge nanoclusters are covered by Si
atoms when the systems are closed to equilibrium. This is due to the formation of a Si-O
bond is more favorable than a Ge-O bond, which is consistent with prediction from
previous ab initio calculations.
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(a)

(b)

(d)

(c)

Figure 4.13: Snapshots from a Metropolis Monte Carlo simulation for 2% Ge in SiO2 at
an annealing temperature of 1173K: (a) 8×107 steps; (b) 100×107 steps; (c) 400×107 steps
(d) 1000×107 steps.
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Figure 4.14: Evolution of the density of Ge nanoparticles as a function of the Monte
Carlo step for 10% Ge in SiO2 at three different temperatures.

Figure 4.14 and 4.15 shows the temperature effects on the Ge particle density and
average particle size, which further demonstrates that the growth of Ge particles
undergoes a nucleation, growth and Ostwald ripening behavior. Higher temperature
significantly expedites Ge nanocluster growth process, in good agreement with
experimental observation. [26] For the same Monte Carlo steps, the particle density
decreases and the average particle size increases as the temperature increases. Notice in
Figure 4.15, the average particle size curve shows a zigzag behavior while the size rises
with the simulation time. This is typical of Ostwald ripening. As the particle ripening
happens, the sizes (diameter) of small particles decrease faster than those of large
particles increase. So the average size is slowly decreasing until the small particle fully
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dissolves when we will see a sudden jump in the average particle size. The overall
particle size and density evolutions is consistent with experimental findings.[27]
The size of Ge particles also depends on the concentration, as shown in Figure
4.16. The higher concentration of Ge leads to the larger average particle size for the same
simulation time.

Figure 4.15: Average size of Ge nanoparticles as a function of the Monte Carlo step with
10% of Ge in SiO2 at three different temperatures.
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Figure 4.16: Changes in the average size of Ge nanoparticles with the number of Monte
Carlo steps at 1173K for two different Ge concentrations.
4.4

SUMMARY

In this chapter, we have systematically studied the bond mixing energy in a solid
Si-Ge-O system and the fundamental behavior of Ge atoms in different bulk SiOx
systems and at the a-SiO2/c-Si interface using Density Functional Theory calculations. It
is found that the bond-mixing energy is indispensable for the description of the total
energy of the system. The most stable state of Ge atoms in a-SiO2 is the FC state,
although with a moderate energy gain of 0.3 eV compared to the BC state. Ge atoms can
diffuse relatively rapidly with an overall energy barrier of about 3.5 eV. In the a-SiO2/cSi system, Ge atoms will diffuse to and remain at the interface by the kickout of Si lattice
atoms, which will become interstitials and get stabilized in bulk SiO2.
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Based on this fundamental information, we built a Monte Carlo model and studied
the Ge nanocluster growth in a silicon oxide matrix. We observed a conservative Oswald
ripening growth behavior, which is consistent with those experimental findings. [27]
4.5
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Chapter 5: Si Oxidation
5.1

INTRODUCTION
Due to its technological importance in semiconductor industry, silicon oxidation

has long been a subject of great interest. [1-9] However, its underlying mechanism is still
not fully understood.

With continued scaling of CMOS devices, [10] atomic-level

control of the thickness of oxide layers and their interface structures becomes
increasingly important. Therefore a deeper understanding of oxidation mechanisms is
necessary not only to advance CMOS technology but also to develop novel silicon-based
nanodevices. [11,12]
It is well known that a large fraction of silicon lattice atoms will be emitted during
thermal oxidation of silicon, due to a volume mismatch (of 50 % per silicon atom)
between crystalline silicon and amorphous silicon oxide. While the silicon emission is
thought to be attributed to local strain built at the interface, the structure and dynamics of
emitted silicon atoms are still poorly known. In addition, no current model can explain
explicitly both the nature of layer-by-layer oxidation [13-15] and the oxidation enhanced
diffusion of dopants [16-20] in the Si layer.
In this chapter, we present the first principles study of silicon oxidation. Using
density functional calculations, we propose a mechanism for the emission of silicon
lattice atoms and their incorporation into the SiO2 network during thermal oxidation. We
also discuss how free silicon interstitials can be generated and how they diffuse to the
silicon layer and cause oxidation enhanced diffusion of dopants.
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5.2

COMPUTATION DETAILS
The atomic structures and total energies are calculated using a planewave-basis

pseudopotential method within the generalized gradient approximation (GGA) [21] to
density functional theory (DFT), [22,23] as implemented in the Vienna Ab-initio
Simulation Package (VASP). [24] We use Vanderbilt-type ultrasoft pseudopotentials,
[25] with a planewave cutoff energy of 300 eV. We use a (2×2×2) mesh of k points in
the scheme of Monkhorst-Pack [26] for the Brillouin zone sampling, yielding wellconverged results. All atoms are fully relaxed until all residual forces on each constituent
atom become smaller than 0.02 eV/Å. We calculate diffusion pathways and barriers
under the static approximation using the climbing nudged elastic band method
(CNEBM). [27-29]
Fig 5.1 shows the structure we use for the study of oxidation process. We
generate an ideal periodic a-SiO2/Si interface structure using the well-established CRN
(Continuous Random Network) approach. We cut the system in the z- direction and
passivate silicon dangling bonds using hydrogen atoms while all oxygen atoms are
bonded to two silicon neighbors. In the x- and y- direction, periodic boundary conditions
are applied.

The bottom layer silicon and hydrogen atoms are fixed while the rest of

atoms are allowed to relax.
We look at Si oxidation by inserting oxygen atoms in the backbonds between
the interface and the first Si sublayer. We consider a 2x2 interface supercell which
contains eight Si atoms and 16 backbonds at each Si sublayer.

The backbonds are

aligned in the [110] direction; and thus strain will be mainly accumulated in the [110]
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direction as oxygen atoms are inserted. The insertion of oxygen atoms in one row of
backbonds will affect insignificantly neighboring rows. For simplicity, we only consider
the insertion of oxygen atoms in one backbond row in investigating the mechanism of
strain accumulation and relief.

(a)

(b)

Figure 5.1: Structural model used to study the oxidation of Si: (a) structure viewed from
[010] direction; (b) structure viewed from [110] direction.
5.3

STRAIN ACCUMULATION AND RELIEF
We first examine the change of local strain by increasing the number of oxygen

atoms inserted in the backbonds between the interface layer and the first Si sublayer. In
Figure 5.2, we plot strain and suboxide penalty energies as a function of the number of
oxygen atoms inserted. The most favorable positions for each oxygen atoms are shown in
the inset.
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The strain energy increase is calculated using the following formula:
∆E strain = ∆E − n(2ε SiO − ε SiSi ) − ∆E sub

where, ∆E is the total energy change due to the oxygen insertion, εSiO is the bond
energy in crystalline SiO2 (β-crystobalite), εSiSi is the bond energy in crystalline Si, and
∆Esub is the change of suboxide penalty energy. As the number of oxygen atoms inserted
increases, the interface strain energy increases superlinearly while the suboxide penalty
energy changes periodically. When there are two oxygen atoms in one row of backbonds,
two newly formed long “Si-O-Si” bonds tend to move toward each other to form a “V”
shape configuration. Thus we have a newly formed Si2+ state at the bottom of “V”, while
two new Si3+ state at the top. In this case, the suboxide penalty energy increase is
(2E3+E2)-2E2=-0.02 eV. If there are four oxygen atoms in the backbond row, they can
form two separate “V”s (with a decrease of suboxide penalty energy of 0.04 eV) or two
continuous Vs (one “W”) (with a suboxide penalty energy decrease of 0.02 eV). If there
are odd-numbered oxygen atoms incorporated, the unpaired Si-O-Si bonds can either be
connected with a V configuration (with a suboxide penalty energy increase of 0.24 eV) or
be separated if possible (with a suboxide penalty energy increase of 0.22 eV). When
there are six oxygen atoms inserted in one row of backbonds in the current system, the
strain energy increases by 4.3 eV, which is about twice as large as the Si-Si bond energy
in c-Si.
The high interface energy can be relieved by the emission of silicon lattice atoms,
as demonstrated in Fig 5.3. The emitted Si atom still has two Si-O bonds while moving
towards the SiO2 bulk, and it can then attack a nearby Si-O bond (most likely from the
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upper layer) and get incorporated into the SiO2 bond network (Fig 5.3 c). The proposed
mechanism involves two steps i) the emission of a silicon lattice atom with the
simultaneous formation of an oxygen bridge; ii) the emitted Si atom gets into the bond
network.

5
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Figure 5.2: Energy variation as a function of the number of oxygen atoms inserted at the
SiO2/Si interface.

We studied the emission of silicon lattice atoms with different number of oxygen
atoms inserted in the backbonds of the interface. Energy barriers for Si emission and
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consequent energy gains after emission are listed in Table 5.1. It is clear that the emission
of one lattice silicon atom can happen favorably when there are three oxygen atoms
inserted in every four continuous backbonds. The energy barrier is less than 1 eV.
Although there is a slight energy loss (less than 0.3 eV) after the emission, we expect the
total energy will get lower when the emitted atom is incorporated into the oxide bond
network. The energy gain for incoporation is usually larger than 1 eV, resulting in an
overall energy gain of greater than 0.7 eV for each emission. In Fig 5.4, the step by step
oxidation process is shown based on our proposed mechanism. To form a fully oxygen
bridge covered interface, one oxygen bridge will be formed for every four backbonds,
while one lattice silicon atom is emitted. Since there are 16 backbonds for each layer in
the model system considered here, four lattice silicon atoms are emitted when the first Si
sublayer layer is fully oxidized. This indicates that about 50% Si sublayer atoms are
emitted, thereby accommodating nearly 50% volume mismatch per Si between c-Si and
a-SiO2. After the insertion of 12 oxygen atoms and the emission of four lattice silicon
atoms from the Si sublayer, a perfect new interface layer can be generated. This silicon
emission results in the relief of interface strain while keeping defect-free interface
structures with oxygen bridges.
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Figure 5.3: Proposed mechanism for Si lattice atom emission during the oxidation,
involving: (a) Emission of a Si atom followed by formation of an oxygen bridge; and (b)
Incorporation of the emitted Si atom into the Si-O bond network.
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Table 5.1: Energy barriers (Bemission) and gains (E1 and E2) for lattice Si emission as a
function of the number of oxygen atoms inserted. E1 is the energy gain by Si emission
relative to the corresponding non-emission structure, and E2 is the energy gain by the
incorporation of the emitted Si atom into the Si-O bond network. Here we assume this
step gains an energy of 1 eV.
Number of

Bemission (eV)

E1 (eV)

E2 (eV)

Oxygen atom
Formation of First Oxygen Bridge
2

1.76

-1.74

-0.74

3

0.9

-0.2

0.8

4

0.6

-0.2

0.8

5

0.1

0.3

1.3

Formation of Second Oxygen Bridge
4

2.2

-2.0

-1.0

5

1.5

-1.1

-0.1

6

0.95

-0.3

0.7
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Figure 5.4: Determination of the lowest-energy interface structure by varying the number
of oxygen atoms inserted in the first sublayer, as indicated [(a)-(f)]
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5.4

LAYER-BY-LAYER OXIDATION
It is well-known that oxidation of silicon proceeds layer-by-layer, [13-15] which

means the first Si sublayer will be fully oxidized before the oxidation of the next Si
sublayer starts. This can be examined by looking at the relative stability of oxygen atom
inserted into the first and the second Si sublayer. This was done by Yamasaki and
coworkers, [30] but they did not consider the effect of silicon atom emission on the
changes in energetics. Thus their interface models are highly strained after insertion of
several oxygen atoms. Taking into account the emission of silicon lattice atoms, we
calculate the variation of total energies by placing oxygen atoms at the first and the
second Si sublayers. Fig 5.4 shows the lowest energy configuration for a given number of
oxygen atoms inserted at the interface. As listed in Table 5.2, when the first sublayer has
no or only one oxygen atom, the next oxygen atom will preferably oxidize the first Si
sublayer. When there are two oxygen atoms in the first Si sublayer, due to the local strain
in the [110] direction, insertion of the next oxygen atom in the second sublayer can yield
less strain than in the first sublayer. The strain energy difference is about 0.2 eV. Notice
that the strain caused by oxygen insertion in the second sublayer will be exerted in the
[ 1 1 0 ] direction. This may result in a rough interface configuration, inconsistent with
layer-by-layer oxidation as observed experimentally. Note that this is based on the
assumption that no silicon atoms are emitted with the insertion of the third oxygen atom
in the first sublayer. In fact, the emission of one lattice silicon atom can result in an
energy gain of more than 0.7 eV. Thus, the overall energy gain is about 0.5 eV when the
third oxygen atom is inserted in the first sublayer with emission of a Si lattice atom. After
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the emission of one lattice Si atom, the interface strain is greatly relieved and the next
two incoming oxygen atoms will prefer to stay in the first sublayer. For the sixth oxygen
atom, the emission of another silicon lattice atom makes the first sublayer oxidation
favorable. In addition, we could expect the lateral diffusion of oxygen atoms along the
interface with a moderate energy barrier as low as 1.5 eV, which may also ensure the
layer-by-layer oxidation of Si. Thus, a sharp interface is maintained during slow
oxidation of silicon.

Table 5.2: Energy gain from oxygen insertion in the first sublayer, relative to the second
sublayer.

5.5

Number of O atoms

Eg

1

1.23

2

0.52

3

0.52

3

0.42

5

0.1

6

0.75

OXIDATION ENHANCED DIFFUSION
It is generally believed that during oxidation of silicon at high temperatures,

most of emitted silicon atoms flow into the oxide region, and hence can be further
oxidized by incoming oxidants. Only a small fraction (of the order of 1 out of 104), [1]
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but still a significant number of emitted Si atoms flow back into the silicon layer, which
may cause oxidation enhanced diffusion (OED) of some dopants. According to the
mechanism proposed above, emitted Si lattice atoms first get into the Si-O bond network
and then become stable lattice atoms through oxygen vacancy diffusion. That is, the
emitted silicon atoms will diffuse into the SiO2 bulk and will not cause OED. Thus, it is
necessary to examine the mechanism by which emitted Si atoms can go into the silicon
bulk and induce OED. Kageshima and Shiraishi [5] proposed a mechanism for free
interstitial emission. However, their mechanism seems contradictory to the layer-by-layer
oxidation.
We found that a free interstitial can be generated by the recombination of two
silicon lattice atoms emitted from adjacent interface layers. Emitted silicon lattice atoms
from the same layer will not recombine due to structural constraint. As demonstrated in
Fig 5.6, suppose there is one emitted silicon atom (from previous layer oxidation) that has
not been fully incorporated into the Si-O bond network. Then, as the current interface
layer is oxidized, a newly emitted Si lattice atom can combine with the upper-layer Si
lattice atom to form a free interstitial.
The oxidation process is diffusion controlled. Most of the emitted lattice atoms
will get into the oxide bond network before new oxygen atoms come in. However, at a
higher oxidation rate, it is possible that some oxygen atoms start oxidizing the sublayer
before all emitted Si atoms are fully incorporated into the bond network. Thus, newly
emitted Si atoms may combine with old Si lattice atoms from (previous layer oxidation)
to form free interstitials, which can diffuse either to the silicon dioxide or to the bulk
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silicon. This can explain why oxygen enhanced diffusion is more pronounced at a higher
oxidation rate. [18,31]

free interstitial

Figure 5.5: Proposed mechanism for free Si interstitial generation during Si oxidation.
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5.6

SUMMARY
In summary, we have proposed a mechanism for the emission of silicon lattice

atoms and their behavior during silicon oxidation. This mechanism can explain layer-bylayer oxidation with a sharp a-SiO2/Si interface. At a higher oxidation rate, emitted Si
lattice atoms from adjacent layers can combine to form free interstitials, which may
diffuse into the silicon layer and thus cause oxidation enhanced diffusion of dopants.

5.7
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Chapter 6: Summary and Future Work
6.1 SUMMARY OF ACHIEVEMENTS
This thesis research aims to (1) increase the fundamental understanding of the
synthesis and structure of oxide-embedded silicon and germanium nanocrystals as well as
the evolution and structure of silicon-silicon dioxide interfaces during oxidation (2)
develop comprehensive computational models for addressing the structural properties of
silicon-germanium-oxide systems under various process conditions and environments.
The principle scientific contributions and computational tool developments are as
follows:
 Identification of underlying mechanisms for the formation of silicon and
germanium nanocrystals in silicon suboxide matrices;
 Determination of the fundamental behavior and properties of silicongermanium-oxide materials;
 Determination of the structure, bonding, and diffusion of silicon, germanium,
and oxygen atoms in a silicon suboxide matrix;
 Identification of mechanisms underlying the emission of silicon lattice atoms
and their behavior during silicon oxidation;
 Development of CRN (continuous random network) based Metropolis Monte
Carlo simulation tools for the structure generation of amorphous
semiconductors, amorphous oxides, and their surfaces and interfaces;
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 Development of simple but powerful kinetic models and kinetic Monte Carlo
algorithms capable of predicting the size, shape, size distribution, and spatial
arrangement of silicon nanocrystals, as well as the chemical composition of
oxide matrices, and the structure of nanocrystal-matrix interface;
 Development of Metropolis Monte Carlo models for the formation of
germanium nanoparticles in silicon oxide.
This progress will enable us to develop a detailed understanding of the synthesisstructure-properties relationship and characterization of oxide-embedded silicon and
germanium nanocrystals, which will in turn assist scientist and engineers in the
development of silicon/germanium nanostructure-based novel devices.
A. Synthesis and Structure of Oxide Embedded Silicon Nanocrystals
We identify mechanisms underlying Si nanocrystal formation in Si-rich SiO2
using a combination of quantum mechanical and Monte Carlo simulations. We find this
process is mainly driven by suboxide penalty arising from incomplete O coordination,
with a minor contribution of strain, and it is primarily controlled by O diffusion rather
than excess Si diffusion and agglomeration. Based on these fundamental findings, we
developed a kinetic model and kinetic Monte Carlo computer algorithms/programs
capable of predicting the size, shape, size distribution, and arrangement of Si
nanocrystals as well as the chemical composition of oxide matrices, and the structure of
nanocrystal-matrix interfaces.

This computational model can be used to better

understand the synthesis-structure-properties relationship and characterization of oxide
embedded Si nanocrystals.
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This theoretical work includes: first principles calculations of the relative energies
of suboxide matrices as a function of the Si:O ratio and the formation, structure, and
diffusion of single O and Si atoms in the suboxide systems; Metropolis Monte Carlo
simulations of amorphous Si suboxide structures using Keating-like potentials; and
Kinetic Monte Carlo simulations of the formation of oxide embedded Si nanoclusters.
We find that excess Si atoms can be fully incorporated into the amorphous oxide
network while yielding oxygen vacancies, rather than undergo diffusion and
agglomeration. The incorporation turns out to gain energy as high as about 1.8 eV,
relative to the bond center state where the excess Si atom is located at a Si-O bond center.
We also find that the suboxide energy varies in a parabolic fashion, while the strain
energy changes insignificantly with the Si:O ratio. These findings suggest that the
formation of oxide embedded Si clusters is primarily attributed to a chemical phase
separation to Si and SiO2, which is mainly driven by suboxide penalty, with a minor
contribution of strain. However, local strain induced by the volume mismatch between Si
and SiOx may influence the shape evolution and crystallization of Si clusters (when their
sizes are smaller than 1-2 nanometers).
We identify a novel mechanism for Si diffusion in amorphous SiO2 in the
presence of excess Si atoms, which involves fourfold-coordinate Si2+ state creation via
oxygen vacancy diffusion and pairing and its reconfiguration to the bond center state.
Our results may imply that Si and O diffusion rates would be of the same order of
magnitude in a highly-oxidized suboxide region during high-temperature thermal
treatment. However, we find that excess Si atoms thermodynamically favor a-SiO2
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regions, rather than c-Si regions (or c-Si/a-SiO2 interfaces). This suggests that the phase
separation turns out to be primarily controlled by the diffusion of O atoms rather than Si
atoms.
From Kinetic Monte Carlo simulations based on these fundamental findings, we
identify two growth characteristics: “coalescence-like” and “pseudo Ostwald ripening”.
The former is mainly responsible for fast Si cluster growth at the early stages of
annealing where the clusters are close to each other, while the latter becomes important
when the density of clusters is low such that they are separated by large distances. We
find the pseudo ripening process takes place several orders of magnitude slower than the
“coalescence-like” growth. The predominant coalescence-like process in turn causes a
big variation in the Si cluster size in terms of the Si:O ratio. The simulation results agree
well with experimental observations of strong dependence of the cluster size on the initial
Si supersaturation and rapid formation of Si clusters at the early stages of annealing with
very slow ripening.
B. Synthesis and Structure of Oxide Embedded Germanium Nanocrystals
We identify mechanisms underlying the formation of germanium nanocrystals
using a combination of quantum mechanical and Monte Carlo simulations. The formation
of Ge nanoparticles is driven by both chemical bond energy differences and bond mixing
energies. Ge nanoparticle growth is controlled by the diffusion of both Ge and O atoms.
Based on these fundamental findings, we develop a Metropolis Monte Carlo model to
study Ge nanoparticle growth.
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The theoretical work includes: first principles calculations of bond mixing energy
in solid a Si-Ge-O system, structure and diffusion of Ge atoms in Si, SiOx, and SiO2 and
at SiO2/Si interface, mechanisms for Ge replacement of Si lattice atoms at the interface;
Metropolis Monte Carlo simulations of formation of oxide embedded Ge nanocrystals.
We have studied the bond-mixing energy in a solid Si-Ge-O system. Our quantum
mechanical results show that the SixGe1-x system can be viewed as an ideal mixing of the
three types of bonds: Si-Si, Si-Ge and Ge-Ge with a mixing energy of less than 0.01 eV.
In the GeOx system, we found that the suboxide penalty energies for Ge1+, Ge2+ and Ge3+
are 0.30, 0.27 and 0.07 eV, respectively, consistently smaller than those for the silicon
counterparts. In the SiGeO system, the mixing energies at the Si or Ge site are mainly
controlled by their oxygen neighbors, with a minor effect from Ge or Si neighbors. The
mixing energy at O site is only about 0.06 eV.
By comparing the Ge interstitial formation energies in crystalline Si, Si2O, SiO,
Si2O3 and SiO2 systems, we found that the most stable Ge interstitial is at the Si-Si bond
center in the crystalline Si2O system. This indicates that in a SiOx system, Ge may
segregate from an O-rich region to a Si-rich region and stays at the interface.
We have investigated the bonding, structure and diffusion of Ge atoms in αquartz and amorphous SiO2.

Two stable configurations for a Ge atom have been

identified in α-quartz: the Fourfold-Coordinate state and the Bond-center state. The FC
state is about 1 eV less favorable than the BC state due to the induced significant strain
energy. The diffusion of BC Ge atom in α-quartz is mainly through the hopping between
two stable BC sites, with an energy barrier of 1.65 eV along the a-axis and 1.35 eV along
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the c-axis. In amorphous SiO2, the most stable state for Ge is FC state, with an energy
gain of about 0.3 eV over the most stable BC state. It is found that the diffusion of Ge
atoms in a-SiO2 is controlled by the reconfiguration from a most stable FC state to a BC
state, the barrier of which is about 3.5 eV.
We studied the structure and bonding of Ge atoms at a defect-free a-SiO2/c-Si
interface. There are three possible interface structures: Si-Si2+ bond-center; Si-O bondcenter and (111)-split. The Si-O bond-center and (111)-split structures are 0.1 and 0.4 eV
respectively less favorable than the Si-Si2+ bond center structure. From this Si-Si2+ bondcenter structure, Ge interstitials can kick out and replace the first sublayer silicon lattice
atoms, which will diffuse into bulk SiO2. This exchange process will lower the system
energy and lead to the piling up of Ge atoms at the interface, which is consistent with the
experimental observation.
We develop a Metropolis Monte Carlo model and simulate the Ge nanocrystal
growth phenomenon in the silicon oxide matrix. We observe a conservative Oswald
ripening growth behavior and find that Ge nanocrystals are covered by Si atoms. The
temperature and Ge concentration effect on the nanocrystal size is consistent with those
experimental findings.
C. Silicon Emission and Interface Structure Evolution during Silicon Oxidation
We identify a mechanism for the emission of silicon lattice atoms and their
incorporation into the Si-O network during thermal oxidation.

We also propose a

mechanism for generation of free silicon interstitials which may diffuse to the silicon
substrate and in turn cause oxidation enhanced diffusion of dopants.
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We find the silicon emission is mainly caused by local strain arising from oxygen
insertion in the first sublayer of silicon. This results in the relief of interface strain while
keeping defect-free interface structures with oxygen bridges. Most of emitted silicon
atoms are fully incorporated into the Si-O bond network of silicon dioxide. At high
oxidation rates, it is possible that some oxygen atoms start oxidizing the sublayer before
all emitted silicon atoms are fully incorporated into the bond network. Thus, newly
emitted silicon atoms may combine with upper-layer silicon atoms to form free
interstitials which could diffuse either to the silicon dioxide or to the bulk silicon. This
can explain why oxygen enhanced diffusion of dopants is more pronounced with
increasing the rate of oxidation.
6.2 RECOMMENDATIONS FOR FUTURE WORK
There is room for clarifying the synthesis-structure-properties relationships of
oxide-embedded silicon/germanium nanocrystals.
For embedded silicon nanocrystals systems, we can generate realistic structural
models based on a comprehensive understanding the relationships between their synthesis
and structure. Earlier observations have demonstrated that the optical and electrical
properties of oxide-embedded silicon nanocrystals are a complex function of nanocrystal
size and shape, nanocrystal-matrix interface structure, and matrix composition. It is
therefore necessary to examine the properties of the silicon-oxide composite systems with
realistic structural models.

This will provide valuable insight into their structure-

properties relationships.
For embedded germanium nanocrystals systems, we have examined the
underlying mechanisms using Metropolis Monte Carlo simulations. While this approach
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is sufficient to provide a qualitative understanding, we suggest developing kinetic models
and kinetic Monte Carlo algorithms to simulate the evolution of nanocrystal size, shape,
size distribution, and spatial arrangement as well as matrix composition under various
process conditions.

Once realistic structural models are obtained, it would be also

recommended to examine the structure-properties relationship more rigorously.
A novel mechanism for silicon interstitial emission during silicon oxidation has
been proposed. Based on the fundamental understanding, we suggest developing an
improved kinetic model to clarify the evolution of silicon-oxide interfaces during
oxidation of not only planar silicon surfaces but also silicon nanostructures.
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